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Abstract
The influence of grain size and composition on the mechanical properties of Cu–Zr nanoglasses (NGs) is investigated by molecular

dynamics simulations using two model glasses of different alloy composition, namely Cu64Zr36 (Cu-rich) and Cu36Zr64 (Zr-rich).

When the grain size is increased, or the fraction of interfaces in these NGs is decreased, we find a transition from a homogeneous to

an inhomogeneous plastic deformation, because the softer interfaces are promoting the formation shear transformation zones. In

case of the Cu-rich system, shear localization at the interfaces is most pronounced, since both the topological order and free volume

content of the interfaces are very different from the bulk phase. After thermal treatment the redistribution of free volume leads to a

more homogenous deformation behavior. The deformation behavior of the softer Zr-rich nanoglass, in contrast, is only weakly

affected by the presence of glass–glass interfaces, since the interfaces don’t show topological disorder. Our results provide clear

evidence that the mechanical properties of metallic NGs can be systematically tuned by controlling the size and the chemical com-

position of the glassy nanograins.
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Introduction
A nanoglass (NG) is a nanostructured material produced via

cold compaction of glassy nanoparticles [1]. It consists of

glassy grains separated by glass–glass interfaces. Indirect

experimental evidence for the existence of interfaces in NGs

have been provided by Gleiter et al. [2-7]. The recent work of

Chen et al. [8], supports Gleiter’s results on the structural model

of a NG. The microstructure of a metallic nanoglass consisting

of glassy grains and glass–glass interfaces has been experimen-

tally revealed by electron microscopy, small-angle X-ray scat-

tering and positron annihilation spectroscopy [9], while molec-

ular dynamics studies showed that glass–glass interfaces ex-

hibit an excess free volume and a modified local order [10,11].

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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If plastically deformed, the soft glass in the interfaces promotes

shear band nucleation similar to the effect of residual shear

bands in pre-deformed metallic glasses [11]. Consequently, the

NG exhibits a more homogeneous plastic deformation carried

by a pattern of multiple shear bands [12] as compared to the

bulk metallic glass (BMG), where plastic deformation is well

localized in a few dominant shear bands. The influence of inter-

faces on the deformation behavior of nanoglasses has been

shown both in computer simulation [11,13,14] and experiment

[9,15], where also an enhanced plasticity under compression

was observed indicating that not critical shear bands occur.

Recent experiments on sputtered nanograined Au-based glasses

also showed high hardness and a low elastic modulus as

compared to their bulk counterparts [8].

In light of these interesting results, further studies on the

mechanical properties of this new type of material seem to be

mandatory. Critical questions are, if and how mechanical prop-

erties of NGs change by varying the grain size and grain com-

position. Moreover, it is unclear how thermal treatment or

mechanical pre-deformation affect the plasticity of NGs.

Recently, Adibi et al. [14,16] showed for 2D perodic systems

that the plasticity of Cu–Zr NGs of different composition will

improve with decreasing grain sizes. In these simulations,

however, free surfaces were present that promote the activation

of shear transformation zones [17]. Thus, these results are

representative for samples on the nanoscale, where surfaces and

glass–glass interfaces are competing heterogeneities, but don’t

give necessarily a clear picture on the situation in bulk NGs.

In this work, we study the influence of grain size and chemical

composition on mechanical properties of Cu–Zr NGs by means

of molecular dynamics simulations. First, we investigate

whether by varying the grain size the plastic deformation of

NGs changes. Second, we investigate if the plastic behavior of

NGs changes with glass composition. Finally, the impact of the

thermal relaxation of the glass–glass interface is studied. For

this, two model glasses of different alloy composition are used,

namely Cu64Zr36 (Cu-rich) and Cu36Zr64 (Zr-rich). All simula-

tions are carried out in 3D periodic arrangements and thus

surface effects are deliberately excluded.

Methods
Molecular dynamics simulations are carried out with the

program package LAMMPS [18]. The modified Finnis–Sinclair

type potential for Cu–Zr proposed by Mendelev et al. [19] was

applied for describing the atomic interactions. For all simula-

tions a constant integration time step of 2 fs was used. In the

first step, two homogeneous amorphous alloys consisting of

8000 atoms were generated by quenching from the melt.

Initially, the melts were relaxed at 2000 K for 2 ns to ensure

chemical homogeneity. The Cu64Zr36 and Cu36Zr64 glassy

alloys have been cooled to 50 K with a cooling rate of

0.01 K/ps.

The Cu-centered full icosahedral (FI) short range order (SRO)

and free volume content was analyzed using the Voronoi tessel-

lation method [20]. We have focused the characterization of

topological SRO on the population of Cu-centered FI [0,0,12,0]

because this polyhedron is known to be the key structural motif

in amorphous Cu–Zr alloy, characterized by a high packing

density [21] and high shear resistance [22].

For modeling the NG microstructure, a 2D array of columnar

grains with a hexagonal cross section is used. The grains with

diameters of 4 nm, 10 nm and 16 nm have been cut from the

glassy bulk structure, respectively. The nanoglass was then

generated by compacting the columnar grains under external

hydrostatic pressure of 3 GPa at 50 K. An overview of the NGs

is presented in Table 1.

Table 1: Number of glassy grains, average grain diamater and total
number of atoms used for the construction of NGs.

Composition Grains <d> (nm) Natoms

Cu64Zr36 81 4 ≈8.0 · 105

18 10 ≈5.5 · 105

18 16 ≈2.0 · 106

BMG ≈1.3 · 106

Cu36Zr64 18 10 ≈1.0 · 106

BMG ≈1.3 · 106

We simulated the deformation of these NGs and compared to

the case of homogeneous BMGs by deforming in uniaxial

tension parallel to the z-direction with a constant strain rate of

4 · 107 s−1 at T = 50 K. 3D periodic boundary conditions were

applied to exclude surface effects. The pressure in x and y direc-

tion was kept at 0 kbar allowing for lateral contraction. The

atomic scale deformation mechanisms were analyzed by visual-

izing the local atomic shear strain [23], calculated with the

OVITO analysis and visualization software [24]. A quantitative

interpretation of strain localization has been realized by using

the strain localization parameter defined by Cheng et al. [25],

A larger ψ value indicates larger fluctuations in the atomic

strain and a more localized deformation mode.
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Results
Grain size effects
For studying the effect of grain size on the mechanical prop-

erties, we simulated the deformation of Cu-rich glasses with

grain sizes of <d> = 4, 10 and 16 nm (see Table 1). All NGs and

a BMG (≈1.3 · 106 atoms) were deformed in tension following

the procedure described above. The stress–strain curves of all

three NGs and the BMG under tensile deformation are plotted

in Figure 1. Up to a strain of about 2%, all four curves show a

similar slope and, thus, the fraction of interfaces does not have a

strong influence on the elastic deformation. In contrast, the

yield stress and maximum stress decrease considerably with

decreasing grain size or increasing the glass–glass interface

density. In the past, we have shown that these planar interfaces

have a lower fraction of densely packed FI clusters [11]. As the

FI clusters have a high shear resistance [21,22], a decrease in

the total amount of FI clusters by increasing the fraction of

interfaces in the NG can explain the decrease in yield stress.

Therefore, an increased number of interfaces results in a softer

NG. In addition, an increase of the volume fraction of inter-

faces in the NG results in an improved plastic behavior. As

shown in our previous work [12], a large number of interfaces

causes a more homogeneous deformation of the NG in a highly

organized pattern of multiple shear bands, in contrast to the

BMG which exhibits localized deformation in one dominant

shear band.

Figure 1: Tensile stress–strain curves for a BMG in comparison to
three NGs with grain sizes of 4 nm, 10 nm and 16 nm, respectively, at
a constant strain rate of 4 · 107 s−1.

In order to study how the deformation mechanism of NGs

changes by varying the glassy grain size the local atomic shear

strain was calculated for each of these NGs and BMG

(Figure 2). Up to a strain of 8% in all three NGs, the shear

transformation zones (STZs) are mostly activated in the soft

interface regions. Although the shear band nucleation process is

similar in all three NGs, the shear band propagation in case of

the NG with the largest grain size strongly differs from to the

other two NGs. It can be seen in Figure 2 that the plastic defor-

mation is more localized at a strain of 16% in case of the NG

with a grain size of 16 nm. This can be explained by the lower

fraction of soft interfaces with respect to the NG volume. Up to

a strain of 8%, the elastic energy is released locally in embry-

onic shear bands formed by precipitation of the STZs along the

interfaces (see Figure 2).

After a strain of 8% the local energy released is sufficient to

accelerate one of these embryonic shear bands, so that it goes

critical. The propagation of one single shear band leads to a

stress drop, which is not observed for the other two NGs with

smaller grains, as it can be seen in Figure 1. Nevertheless, this

stress drop is not as pronounced as in the case of the BMG. This

means that even for a NG constructed with bigger glassy grains,

the deformation deviates from the well localized deformation

found in the BMG. Together with a dominant shear band, many

secondary shear bands mediate the plastic deformation of the

NG (see Figure 2). This observation is supported by the calcu-

lated strain localization parameter ψ. The ψ values for all three

NGs and BMG at a strain of 16% are plotted in Figure 3. It can

be seen that the ψ value of the NG with a grain size of 16 nm is

higher than for the other two NGs, but still lower than for the

BMG. For the other two NGs with smaller glassy grains the ψ

values are much lower indicating a more homogeneous defor-

mation mode. Figure 2 shows that both NGs undergo plastic

deformation mediated by multiple shear bands uniformly

distributed over the whole sample.

At this point, it is interesting to compare our results obtained for

3D periodic systems with those reported for 2D periodic nano-

glasses with free surfaces by Adibi et al. [14,16]. In their simu-

lations the presence of a surfaces clearly promotes strain local-

ization and the formation of critical shear bands, which leads to

massive stress drops in the stress–strain curve. In our data for

fully periodic systems the strain is obviously more delocalized

and the stress drop is less pronounced. For the smallest grain

sizes <5 nm, however, our data and those of Adibi et al. [14,16]

agree, both showing plastic stable flow up to a large strain. This

can be explained by the high fraction of interfaces, which domi-

nate over surface effects. In a NG with a grain size smaller than

4 nm the percentage of atoms located in the soft interfaces is

higher than 70%. Basically the NG structure resemble the one

of a soft BMG. Similar, a transition in the deformation mecha-

nism of a BMG form a localized deformation in shear bands to

a homogeneous plastic flow was observed when increasing the

casting cooling rate [26]. Here the softening of the glassy struc-

ture is due to the faster quenching, while in our case the NGs

with very small grains get softer due to the high fraction of

interfaces.
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Figure 2: Local atomic shear strain for Cu64Zr36 BMG and NGs with grain sizes of 4 nm, 10 nm and 16 nm, respectively.

Figure 3: The ψ values for a BMG in comparison to three NGs with
grain sizes of 4 nm, 10 nm and 16 nm, respectively, after plastic defor-
mation to an overall strain of 16%.

Chemical composition effects
Next we test if the results on the NG mechanical properties are

transferable to other Cu–Zr alloys. It is known that the short-to-

medium-range structural order varies with alloy composition

[27], and is assumed to play a major role in controlling the

macroscopic properties of metallic glasses, particularly the

plastic deformation [22,28].

Therefore, the influence of chemical composition on the plastic

behavior of NGs was investigated by using two alloy compos-

itions: a Zr-rich NG (Cu36Zr64) and the Cu-rich NG (Cu64Zr36)

studied also in [12]. Both types of NGs have an average grain

size of 10 nm. The operating deformation mechanisms in these

NGs and the corresponding BMGs (≈106 atoms) was analyzed

under tensile deformation. In Figure 4 it can be observed that

the Zr-rich BMG shows a lower yield stress compared to the

yield stress of the Cu-rich BMG. In [25] it was reported that
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FI-clusters have a high packing density and high shear resis-

tance and determine the plasticity of Cu–Zr glasses [21]. We

found a population of Cu-centered FI in the Cu-rich alloy of

about 22% compared to only 5% in the Zr-rich alloy. This can

explain the corresponding variation of yield stress and plastic

strain. On the other hand, it can be seen in Figure 5 that also the

plastic behavior of the Cu36Zr64 BMG differs completely from

the one of the Cu-rich BMG. The Cu-rich BMG exhibits local-

ized deformation in one dominant shear band, while the Zr-rich

BMG exhibits a homogeneous deformation. The difference in

the short-to-medium structural order for these two alloy com-

positions can serve as an explanation. In the Cu36Zr64 alloy the

low fraction of FI-clusters leaves space for the formation of a

high fraction of Voronoi polyhedra characterized by a low

packing density and low shear resistance. Hence, Zr-rich BMGs

should produce more STZs and can carry more strain. On the

other hand, the Cu-rich BMG contains a high fraction of

FI-clusters and, therefore, a high degree of MRO formed from

the interconnection of FI-units. Due to the smaller flow region

within this alloy, Cu64Zr36 is unable to mediate large plastic

strains. Consequently, the plastic deformation is localized in

one dominant shear band. If open surface are present [14,16]

both types of BMGs deform in one dominant shear band and the

compositional effect is less pronounced. We repeated the defor-

mation process of Cu36Zr64 BMG under free surface conditions

and observed similar localized deformation in one dominant

shear band.

Further, the impact of the glass–glass interface structure on the

plastic behavior of Cu-rich and Zr-rich NGs is investigated in

comparison. First, the stress–strain curves show a lower

maximum stress for both as-prepared NGs (NG1) when

compare to the BMG. In Figure 4 it can be seen that in case of

as-prepared Cu64Zr36 NG the maximum stress is lower (about

4.0 GPa) compared to the BMG (about 4.7 GPa). The same

trend is found for the maximum stress of NG1 Cu36Zr64 (about

2.6 GPa) compared to 3.0 GPa in case of the BMG with the

same chemical composition. This can be explained by the lower

activation barrier for STZs in the soft interfaces of nanoglasses

[12]. This observation is supported when calculating the local

atomic shear strain. Up to a strain of 8%, the STZs are only

activated in the soft interface regions of both as-prepared NGs

(see Figure 5, the NG1 case). Increasing the strain to 16%,

embryonic shear bands are formed along the interfaces and

propagate through the grain interiors. In all cases, the embry-

onic shear bands are blocked and no dominant shear band is

formed. A more homogeneous deformation of the as-prepared

Cu64Zr36 NG compared to the well localized deformation of the

BMG in one dominant shear band is also supported when calcu-

lating the strain localization parameter (see Figure 6). On the

other hand the Zr-rich BMG exhibits a homogeneous deforma-

Figure 4: Tensile stress–strain curves for Cu64Zr36 and Cu36Zr64
BMGs and as-prepared (NG1), annealed (NG2), annealed and pre-
deformed (NG3) NGs with the same chemical composition and a grain
size of 10 nm, at a constant strain rate of 4 · 107 s−1.

tion. Therefore, in case of Cu36Zr64 NG, a more localized defor-

mation confined in these embryonic shear bands results in a

slightly higher ψ value for the NG1 compared to the BMG (see

Figure 6).

The NGs studied in [14,16] have been structurally relaxed at a

low temperature of 50 K. Due to the limited atoms mobilities, at

this low temperature, interfaces still contain a frozen amount of

excess volume. Therefore, in line with our previous studies [12]

it is worth to investigate how thermal annealing affects the

structure of glass–glass interfaces and the plastic deformation

mechanisms in the Zr-rich NG in comparison to the Cu-rich

NG. The NGs were annealed at 800 K (≈0.85 Tg of the bulk

glass) for 2 ns. After annealing, the NGs were quenched to 50 K

and deformed in uniaxial tension. In case of annealed Cu-rich

NG (NG2) the plastic deformation no longer takes place in a

network of multiple shear bands, and one dominant shear band

is formed (see Figure 5 lower panel). Nevertheless, as it was

already shown in [12] the plastic deformation of the NG2 devi-

ates from what has been observed for the BMG. In contrast, the

deformation mechanisms of the annealed Zr-rich NG (NG2)
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Figure 5: Local atomic shear strain for (a) Cu36Zr64 and (b) Cu64Zr36 BMGs and as-prepared (NG1), annealed (NG2), annealed and pre-deformed
(NG3) NGs with a grain size of 10 nm.
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Figure 6: The ψ values for Cu64Zr36 and Cu36Zr64 BMGs and
as-prepared (NG1), annealed (NG2), annealed and pre-deformed
(NG3) NGs after plastic deformation to an overall strain of 16%.

observed at a strain of 8% and 16%, respectively, are similar to

the ones in the BMG, as can be seen in Figure 5 upper panel.

The anomalous plastic behavior observed for the annealed

Zr-rich NG can be attributed to the structure of the interfaces

for this alloy composition.

In order to understand how the alloy composition affects the

interface structure, we constructed a simple model of a planar

glass–glass interface in a Cu-rich and Zr-rich glass, respective-

ly. The interfaces were prepared by joining two planar relaxed

glass surfaces. The planar interface is located at x = 0 parallel to

the yz-plane. The geometry and the total number of atoms is

about the same for both alloy compositions (16 × 7 × 12 nm3,

≈95,000 atoms). In the case of Cu64Zr36 the planar interface of

about 1 nm width shows an excess free volume and a defective

FI SRO. In Figure 7, upper, it can be seen that in the planar

interface the FI-density is decreased by 70% from the bulk

value. The fraction of Cu-centered FIs is as low as 10% in the

interface compared to average FI value of the bulk glass of

about 22% (with respect to the number of Cu atoms in the

system). From the defective FIs SRO results approximately

1–2% excess free volume in the interface. In Figure 7, upper,

the free volume through the system is plotted together with the

Cu-centered FI cluster. When the Cu-rich glass with one planar

interface is annealed at a temperature of 800 K for 2 ns, the

fraction of FIs in the interface increases to 16% from the initial

value of 10% leaving a difference between bulk glass and inter-

face of about 2% [11]. At the same time, the excess free volume

observed initially in the interfaces delocalizes completely under

annealing. However, after annealing the planar interfaces in

Cu-rich alloys are still characterized by a defective SRO. This

explains why glass–glass interfaces in the annealed Cu64Zr36

nanoglass still have an impact on plastic deformation, as can be

seen in Figure 5 upper panel.

Figure 7: The fraction of Cu-centered full icosahedra and Voronoi
volume in the Cu64Zr36 and Cu36Zr64 metallic glasses with a planar
glass–glass interface.

On the other hand, in case of the Cu36Zr64 alloy the FI density

is constant in the whole sample, and we do not see a deviation

at the position of the interface (see Figure 7). We found that the

population of Cu-centered FIs in case of the Zr-rich glass is

only 5%. This value is similar to the one found in other studies

[17,22]. Surprisingly, in Figure 7 it can be seen that the density

in the interface is decreased although the FI density is not

affected. However, the fraction of about 0.7% excess free

volume detected for the interface in Zr-rich glass is much lower

compared to the case of Cu-rich metallic glass (≈2%). Similar

results have been found by Ritter et al. in the case of shear

bands in Cu36Zr64 glass [17]. Here, the increase in the free

volume in the shear band was not related to the decrease of
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densely packed FI cluster inside the shear bands as found for

the case of Cu-rich metallic glass. In [17] it has been shown that

the volume expansion inside the shear band is related to the

creation of new FI clusters which show a lower packing density.

The creation of these new less densely packed FI clusters fully

compensate the destruction of the original icosahedra SRO. In

the case of a planar interface in Zr-rich glass the increase in the

free volume is related also to the destruction and formation of

FI clusters. This time, the FI clusters are damaged when cutting

the planar surfaces. When the interface is prepared by joining

the resulting glassy surfaces a new set of FI clusters form.

These new FIs show a lower packing density than the FIs in the

bulk glass which leads to an increased volume inside the inter-

face. Although the excess free volume of the planar interface in

the Zr-rich glass is below 1%, it can be seen in Figure 5 lower

panel that also the plastic behavior of Cu36Zr64 NG deviates

from the homogeneous BMG.

Finally, we also examined, the structure of the planar interface

in the Zr-rich metallic glass after thermal annealing. The system

with one planar interface is annealed following the same proce-

dure as in the case of Cu-rich glass. Also, in this case the excess

free volume of the glass–glass interface in Zr-rich glass delocal-

izes, completely. Therefore, the planar interface in the annealed

Zr-rich glass has the same FI fraction and atomic density as the

bulk glass. This observation explains the similarity between the

plastic behavior of the annealed Zr-rich NG and the homoge-

neous BMG. Without interfaces, the plasticity of the annealed

NG could not be tuned by pre-deforming to strain levels below

the yield stress. It can be seen in Figure 5 that even at a strain of

16% the plastic behavior of the annealed and pre-deformed NG

(NG3) is almost similar to the one of the annealed NG and

BMG. This observation is supported when analyzing the

stress–strain curves for NG2 and NG3 in comparison the BMG.

In Figure 4, it can be seen that the curves of these three struc-

tures are very similar. In addition, the degree of strain localiza-

tion parameters ψ for NG2, NG3, and BMG have almost same

values (see Figure 6).

Conclusion
In the present study we investigated the influence of grain size

and composition on the deformation behavior of Cu–-Zr NGs.

We find that as-prepared NGs show a homogeneous plastic

deformation in a pattern of multiple shear bands. For the case of

Cu64Zr36 a transition from a more homogeneous to inhomoge-

neous plastic deformation can be observed, when the grain size

is increased from 4 nm to 16 nm. Even for the largest grain size

the deformation behavior of the NG differs from the well local-

ized plastic deformation observed in the BMG. However, after a

thermal annealing step, the excess free volume is equilibrating

and only topological disorder can still be found in the

glass–glass interfaces, which is having a minor influence on the

formation of shear transformation zones. In the Zr-rich system

(Cu36Zr64), in contrast, there is no appreciable difference in the

topological order of the glassy matrix and the glass–glass inter-

faces. Thus, only the as prepared state, where some excess

volume is localized in the glass–glass interfaces, shows a

slightly enhanced shear localization as compared to the bulk

glass.

In summary, our results show that the mechanical properties of

a nanoglass can be tuned by varying the initial grain sizes, if the

glass–glass interfaces have an excess free volume and are

distinct in their topology from the homogeneous bulk phase.
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Abstract
Polymer blend lithography (PBL) is a spin-coating-based technique that makes use of the purely lateral phase separation between

two immiscible polymers to fabricate large area nanoscale patterns. In our earlier work (Huang et al. 2012), PBL was demonstrated

for the fabrication of patterned self-assembled monolayers. Here, we report a new method based on the technique of polymer blend

lithography that allows for the fabrication of metal island arrays or perforated metal films on the nanometer scale, the metal PBL.

As the polymer blend system in this work, a mixture of polystyrene (PS) and poly(methyl methacrylate) (PMMA), dissolved in

methyl ethyl ketone (MEK) is used. This system forms a purely lateral structure on the substrate at controlled humidity, which

means that PS droplets are formed in a PMMA matrix, whereby both phases have direct contact both to the substrate and to the air

interface. Therefore, a subsequent selective dissolution of either the PS or PMMA component leaves behind a nanostructured film

which can be used as a lithographic mask. We use this lithographic mask for the fabrication of metal patterns by thermal evapor-

ation of the metal, followed by a lift-off process. As a consequence, the resulting metal nanostructure is an exact replica of the

pattern of the selectively removed polymer (either a perforated metal film or metal islands). The minimum diameter of these holes

or metal islands demonstrated here is about 50 nm. Au, Pd, Cu, Cr and Al templates were fabricated in this work by metal PBL. The

wavelength-selective optical transmission spectra due to the localized surface plasmonic effect of the holes in perforated Al films

were investigated and compared to the respective hole diameter histograms.
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Introduction
Research on micro-/nano-sized island arrays and perforated

films has drawn wide interest due to their applications in

various fields, such as optical devices [1,2], DNA or protein

electrophoresis [3,4], and catalysis [5,6]. Varieties of tech-

niques have been developed to achieve metal or semiconductor

nanopatterns, such as electron beam lithography [7-9], nano-

sphere lithography [10-13], laser interference lithography

[14,15], AFM-based dip-pen lithography [16], and more.

Masuda and his colleagues used anodic porous alumina as litho-

graphic mask for the fabrication of both ordered gold or silver

nanodot arrays and ordered nanohole arrays in a gold film

[17,18]. Lithographic methods incorporated with self-assem-

bled block copolymers are also promising ways to fabricate

sub-100 nm metal nanodots or perforated films, however these

processes are often complicated or time consuming, e.g., as

vapor annealing for block-copolymers takes days to complete

and UV radiation or reactive ion etching (RIE) is required for

the lift-off process [19,20].

Here, we introduce a very rapid and cost-effective way to fabri-

cate metal island arrays or perforated metal films via metal

polymer blend lithography (metal PBL). The polymer blend

lithography was applied in our earlier reports to fabricate self-

assembled monolayer (SAM) patterns (monolayer PBL) [21],

which were used, e.g., for the selective growth of ZnO nano-

structures [22]. Instead of silicon wafers, other materials such as

glass or metal can also be used as substrates. For example iron

was used as substrate for the fabrication of nanoporous gold

mesoflower arrays, which served afterwards for surface-

enhanced Raman scattering [23]. With the metal PBL tech-

nique it is possible to fabricate more than one billion metal

islands or holes on a substrate with a size of 1 inch × 1 inch.

Results and Discussion
Metal polymer blend lithography (metal PBL)
for metal islands or perforated films
The metal polymer blend lithography method (metal PBL) is

schematically demonstrated in Figure 1. The spin casting of the

polystyrene (PS)/poly(methyl methacrylate) (PMMA) blend

film from a blend solution ends with a purely lateral phase sepa-

ration between the two immiscible polymers under controlled

spin-coating parameters (see Figure 1a). As reported in our

earlier publication, the ambient atmosphere (humidity), the

molar mass of the polymers and the mass ratio between the two

polymers in the blend solution play important roles in the

determination of the structure of the formed films [21,24]. In

this study cyclohexane was used as the selective solvent for

removing PS while acetic acid for removing PMMA. Via selec-

tive dissolution, either the PMMA matrix (see Figure 1b,

PMMA marked in red) or the PS droplets (see Figure 1g, PS

marked in blue) can be kept on the substrate for the litho-

graphic application.

After the deposition of metal by thermal evaporation, the

desired metal covers the whole surface of the sample (see in

Figure 1c and Figure 1h, metal is marked in gold). Finally the

snow jet method is applied for the lift-off of the polymer mask

and a nano-patterned metal structure (either a perforated film as

shown in Figure 1i or islands as shown in Figure 1d) remains on

the substrate. This metal pattern is an exact replica of the selec-

tively dissolved polymer.

Figure 1e,f,j,k show the SEM images of the polymer litho-

graphic masks and the gold islands together with the perforated

gold film respectively, which were fabricated applying these

masks. The density of the holes shown in Figure 1k is about

130 million/cm2. Figure 1e is an SEM image taken at a tilting

angle of 45° of a polymer lithographic mask, which is schemati-

cally shown in Figure 1b. After the polymer blend film was

rinsed in cyclohexane, the PS droplets were dissolved and a

perforated PMMA film with holes was left on the silicon sub-

strate. The diameters of these holes range from 200 to 800 nm.

The metal islands deposited into the holes are stable and resist

the snow-jet treatment that is used for the lift-off of the PMMA

mask. For some metals such as gold and silver, an adhesion

enhancing interlayer of metal, e.g., titanium or chromium is

necessary between the desired metal and the substrate. The

SEM top view image of the gold islands with a thickness of

20 nm is shown in Figure 1f. The islands have the same size

(200–800 nm) as the holes in the polymer film (see Figure 1e).

For the fabrication of a perforated metal film, the polymer blend

must be rinsed in acetic acid instead of cyclohexane. In this

case, consisting PS droplets is left on the substrate. A smooth

and clean silicon surface can be seen in the SEM image taken at

a tilting angle of 45°. The “Go stone”-like PS droplets are ideal

for the following lift-off process (see Figure 1j). Consequently

the fabricated perforated gold film (see Figure 1k) has holes

with perfectly round shapes and smooth edges. The diameters of

these holes range also from 200 to 800 nm, which is in accor-

dance with the PS lithographic mask. To demonstrate the feasi-

bility of the reported lithographic technique to form patterns of

various metals, we used the process described in Figure 1g–i to

fabricate 20 nm thick films of gold, palladium, copper and

chromium (see Figure 2).

Sub-100 nm holes and islands
By using polystyrene with very low molecular weight

(9.58 kg/mol), it is possible to obtain a polymer blend film with

very small PS droplets. This offers the possibility to fabricate
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Figure 1: Schematic drawing and experimental results of the metal PBL process for the fabrication of metal nano-patterns. a) A blend film (PS/PMMA
3:7 mass ratio) is formed through spin-coating. PS droplets are formed in a PMMA matrix, and both phases have contact to the substrate as well as to
the air. b) PS droplets are selectively dissolved by cyclohexane. c) Deposition of metal via thermal evaporation. d) After lift-off via snow-jet treatment,
a negative metal copy of the PMMA mask is formed. e) SEM image of a perforated PMMA film (taken at a tilting angle of 45°). f) SEM image of gold
islands. g) The PMMA matrix is selectively dissolved by acetic acid. h) Deposition of metal via thermal evaporation. i) After lift-off via snow jet, a nega-
tive metal copy of the PS mask is formed. j) SEM image of PS droplets (taken at a tilting angle of 45°). k) SEM image of a perforated gold film.

sub-100 nm metal islands or sub-100 nm holes in metal films,

which is comparable, e.g., to the size of viruses. Figure 3a is an

AFM image of a perforated Cu film with a thickness of 20 nm.

The diameters of the holes range from 50 to 250 nm and

have an average size of about 150 nm (see Figure 3c). The

(sub-)100 nm holes are homogeneously distributed over the

samples (about 14%). Figure 3b is an SEM image of the gold

islands together with the PMMA lithographic mask, which was

also covered with gold. The gold islands have statistically the

same size as the holes in Figure 3a. In general, metal PBL

is a good supplementary to the conventional lithographic

methods for fabrication of structures in hundreds of nanometer

or even sub-100 nanometer range in a versatile and up-scalable

way.

Localized surface plasmonic resonance of
perforated Al films
The size of the holes in the fabricated perforated metal films is

in the range of the wavelength of visible light. Therefore it is

interesting to investigate their optical transmission properties. It

has been published in 2003 by Barnes et al. that ordered hole

arrays fabricated by e-beam lithography can be used as wave-

length-selective optical filters [25]. The photons couple to

surface plasmons on the incident side of a nanohole film. These

surface plasmons convert back to photons after they propagate

through the holes to the opposite side of the film [26]. In recent

years, also the colloidal lithography method has been used to

study the surface plasmonics of random nano-hole arrays in

metal films [26,27].
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Figure 3: Sub-100 nm holes in a Cu film (left) and gold islands (right) fabricated by metal PBL. a) AFM image of a perforated Cu film with a thickness
of 20 nm. b) SEM image of gold islands (with a thickness of 20 nm) with PMMA lithographic mask covered with gold. c) Diameter distribution of the
holes in Figure 3a. The holes have an average diameter of about 150 nm and there are holes found in the (sub-)100 nm range (about 14%).

Figure 2: SEM images of perforated Au, Pd, Cu, and Cr films fabri-
cated by metal PBL. Aluminum films are shown below in Figure 4.

Since the skin depth, and therefore the transmission of thin

films, of Cu, Au and Ag is relatively high, we selected alumin-

um, which shows a high reflectivity in the range of 220 to

650 nm (about 90%) already at a thickness below 30 nm [28].

Our result, using templates produced according to the process

described in Figure 1g–i is shown in Figure 4. A transmission

difference of 13% can be observed (see Figure 4a,b) due to the

hole coverage area difference between the two samples (see

Figure 4c,d). A red shift of the transmission peak can be

observed from 1200 to 1450 nm when the average size of the

nano-holes in the perforated aluminum film increases from 400

to 500 nm (see Figure 4a,b). This red shift is expected as the

surface plasmonic effect in perforated metal films can be tuned

by the size of the sub-wavelength holes [22,29,30]. Compared

with colloidal lithography, which requires extra process steps to

charge the substrate and the colloidal spheres, metal PBL brings

a more convenient way to fabricate nano-hole arrays in various

kinds of metal films with the potential to be applied on the

square meter scale.

Hole density in perforated films
As shown in Figure 4c and Figure 4d, the hole density

of the perforated Al film which was fabricated with 3:7

PS/PMMA solution (mass ratio) is about 400 holes/225 μm2

(180 million/cm2) and for film fabricated with 4:6 PS/PMMA
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Figure 4: Optical transmission due to localized surface plasmonic resonance (blue) of perforated aluminum films with two different hole size
distributions (red). Top: smaller holes (PS/PMMA mass ratio 3:7) with a hole coverage area of 15.2%, bottom: larger holes (PS/PMMA mass ratio 4:6)
with a hole coverage area of 23.4%. a) and b): The hole size distributions are shown with red columns, the data are the summarization of five
15 μm × 15 μm AFM images taken at randomly selected positions. The optical transmission spectra, taken at various sample positions, are plotted as
blue line graphs. The representative AFM topography (tapping mode) of the samples is shown in c) and d).

solution is about 300 holes/225 μm2 (130 million/cm2). Another

sample, a perforated Cr film (see Figure 2), shows a hole

density of 220 million/cm2.

Perspectives
The metal nano-disc arrays have a variety of potential applica-

tions such as the localized growth of ZnO nano wires or rods

[31,32] or plasmonic applications [23]. The surface of the metal

can be selectively modified with molecules such as thiols and

used for immobilization of biomaterials [33]. The perforated

metal films, which can be fabricated on large areas based on

spin-coating and physical vapor deposition (PVD), have the

potential to be used as wavelength-selective optical filters. In

the case of our examples they let NIR light pass and block

photons with longer wavelengths. It is also possible to combine

the perforated metal films with micelle lithographic technique

[34,35] to implant gold dots with diameter of 10 nm into the

holes to form hierarchical micro–nano structures for applica-

tions such as cell-adhesion studies [36,37]. Metals like Cr, Au

or Cu are good etching resists. Therefore the metal masks could

be used to amplify the topographic contrast by anisotropic

etching into the substrate with techniques such as reactive ion

etching [38,39].

Conclusion
Polymer blend lithography (PBL) makes use of the purely

lateral phase separation of two immiscible polymers during

spin-casting at controlled humidity. A metal copy of either of

the polymer components can be fabricated by the selective

dissolution of one component, followed by metal deposition and

the final lift-off of the lithographic mask. Metal PBL starts with

spin-coating of a polymer blend (PS/PMMA in MEK) film onto

a substrate. A purely lateral phase separation occurs at the

selected adequate conditions. Either of the components can be

selectively dissolved and the other used as a lithographic mask.

After the evaporation of metal and the lift-off process by snow

jet treatment, a negative metal copy of the polymer mask is

achieved.
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The diameter of the metal islands or the holes in the metal films

can be tuned by changing the molecular weight of polystyrene

[21]. The typical diameter ranges from 200 to 800 nm with an

average of about 400 nm (achieved by using 96 kg/mol PS and

PS/PMMA mass ratio of 3:7). By using PS with a molar mass

of 9.56 kg/mol, we obtained nano-islands and nano-holes with

diameters ranging from 50 to 250 nm. Both the island arrays

and the perforated films could be used for various applications,

e.g., in cell adhesion studies, for the immobilization of biomate-

rials, for plasmonics such as optical filters or as resist layers for

anisotropic reactive ion etching. The wavelength-selective

optical transmission of our perforated films due to the localized

surface plasmonic resonance was clearly demonstrated. In

general, metal polymer blend lithography (metal PBL) is a new

up-scalable and time-efficient method for the fabrication of

functional micro/nanosized metal island arrays or nano-perfo-

rated metal films.

Large area applications in the square meter range could be real-

ized, e.g., by using slot dye coating in a roll to roll process fol-

lowed by large scale metal evaporation which is already used in

the food packaging industry.

Experimental
Polymer solution
Poly(methyl methacrylate) (PMMA) (Mw = 9.56 kg/mol PDI =

1.05) and poly(styrene) (PS) (Mw = 96 kg/mol PDI = 1.04) were

purchased from Polymer Standards Service GmbH (PSS) and

dissolved directly in methyl ethyl ketone (MEK, Aldrich). The

combined concentration of the two polymers was 15 mg/mL

and the mass ratio between PS and PMMA was 3:7. (Exception:

Figure 4b,d with PS/PMMA 4:6). For fabrication of templates

with sub-100 nm structures (Figure 2) PS with a molecular

weight of 9.58 kg/mol (PDI = 1.03, also purchased from PSS)

was used to prepare the lithographic mask. All other parame-

ters were kept constant.

Cleaning of Si and quartz glass substrates
Silicon substrates were used as delivered with their native oxide

layer. Both silicon and quartz glass substrates were cleaned by

the snow jet method [21]: The wafers were exposed to a jet of

CO2 ice crystals, which were produced by expanding CO2

stream through a nozzle. In this way, surface contaminants

are removed either by mechanical impact or by dissolution in

CO2.

Preparation of a polymer blend lithographic
mask (humidity)
The polymer blend films were spin-casted at a speed of ca. 1500

revolutions per minute (rpm) under a relative humidity of 40%

onto silicon substrates cleaned by snow jet treatment (at least

20 s for a 2 cm × 2 cm substrate). The humidity was controlled

by venting the chamber (about 1 L volume) with a mixture of

nitrogen and water-saturated nitrogen (total flow rate approxi-

mately 40 standard cubic centimeters per minute (sccm)). The

humidity in the chamber was measured by a hygrometer (Testo

635). For the optical transmission test, quartz glass was used as

the substrate.

Fabrication of metal islands and perforated
films
For the fabrication of metal islands PS was selectively dissolved

by cyclohexane, as shown in Figure 1b. Samples were rinsed in

the solvent three times, each time for about 30 s with constant

movement of the samples and then dried in nitrogen flow.

The metal was deposited by a custom-built e-beam thermal

evaporation machine. The distance between the evaporation

source and the sample was about 60 cm. The thickness of the

deposited metal film was measured by a quartz balance.

For the deposition of gold, a Ti film with a thickness of

1.5 nm was deposited first in order to ensure the adhesion of the

gold to the silicon substrate. The lift-off of PMMA on silicon

substrates was done by snow-jet treatment. For a complete lift-

off it is important that the CO2 gas cylinder is at room tempera-

ture and has a proper filling level. The lift-off process can also

be done by using a good solvent as THF for the remaining

polymer. This was done, e.g., for PMMA on quartz glass. These

samples were processed by sonication in tetrahydrofuran (THF)

(30 min).

For the fabrication of perforated metal films the PMMA was

selectively dissolved by acetic acid as shown in Figure 1g. The

metal film was then deposited the same way and the PS droplets

were removed by snow-jet treatment for silicon substrate and by

sonication in THF for quartz glass.

Sample characterization
The metal patterns were characterized by scanning electron

microscopy (SEM). SEM images were taken at 10 kV with a

LEO 1530 SEM using a secondary electron detector. The SEM

images of the metal islands and perforated films were taken at

10 kV using an in-lens detector while the AFM image was

taken in tapping mode with a Bruker ICON and a custom-built

AFM equipped with an Asylum MFP-3D controller. The trans-

mission spectra were measured by a Varian Cary 500 Scan

UV–vis spectrometer with open reference beam.

Acknowledgements
This work was supported by the Deutsche Forschungsgemein-

schaft (DFG) within the Center for Functional Nanostructures

(CFN) and by the Baden-Württemberg Stiftung within the

Network of Excellence “Functional Nanostructures”.



Beilstein J. Nanotechnol. 2015, 6, 1205–1211.

1211

References
1. Chalamala, B. R.; Wei, Y.; Gnade, B. E. IEEE Spectrum 1998, 35, 42.

doi:10.1109/6.666960
2. Kim, T. J.; Thio, T.; Ebbesen, T. W.; Grupp, D. E.; Lezec, H. J.

Opt. Lett. 1999, 24, 256. doi:10.1364/OL.24.000256
3. Volkmuth, W. D.; Austin, R. H. Nature 1992, 358, 600.

doi:10.1038/358600a0
4. Volkmuth, W. D.; Duke, T.; Wu, M. C.; Austin, R. H.; Szabo, A.

Phys. Rev. Lett. 1994, 72, 2117. doi:10.1103/PhysRevLett.72.2117
5. Bright, R. M.; Ealter, D. G.; Musick, M. D.; Jackson, M. A.;

Allison, K. J.; Natan, M. J. Langmuir 1996, 12, 810.
doi:10.1021/la950429h

6. Pan, J. H.; Dou, H.; Xiong, Z.; Xu, C.; Ma, J.; Zhao, X. S.
J. Mater. Chem. 2010, 20, 4512. doi:10.1039/b925523k

7. Ishikawa, T.; Kohmoto, S.; Asakawa, K. Appl. Phys. Lett. 1998, 73,
1712. doi:10.1063/1.122254

8. Schaal, P. A.; Simon, U. Beilstein J. Nanotechnol. 2013, 4, 336.
doi:10.3762/bjnano.4.39

9. Trasobares, J.; Vaurette, F.; François, M.; Romijn, H.; Cordron, J.;
Vuilaume, D.; Théron, D.; Clément, N. Beilstein J. Nanotechnol. 2014,
5, 1918. doi:10.3762/bjnano.5.202

10. Sun, F.; Cai, W.; Li, Y.; Cao, B.; Lu, F.; Duan, G.; Zhang, L. Adv. Mater.
2004, 16, 1116. doi:10.1002/adma.200400006

11. Gonçalves, M. R.; Makaryan, T.; Enderle, F.; Wiedemann, S.; Plettl, A.;
Marti, O.; Ziemann, P. Beilstein J. Nanotechnol. 2011, 2, 448.
doi:10.3762/bjnano.2.49

12. Herr, U.; Kuerbanjiang, B.; Benel, C.; Papageorgiou, G.;
Goncalves, M.; Boneberg, J.; Leiderer, P.; Ziemann, P.; Marek, P.;
Hahn, H. Beilstein J. Nanotechnol. 2013, 4, 306.
doi:10.3762/bjnano.4.34

13. Zhao, J.; Frank, B.; Neubrech, F.; Zhang, C.; Braun, P. V.; Giessen, H.
Beilstein J. Nanotechnol. 2014, 5, 577. doi:10.3762/bjnano.5.68

14. Riedel, S.; Schmotz, M.; Leiderer, P.; Boneberg, J. J. Appl. Phys. 2010,
101, 309. doi:10.1007/s00339-010-5822-x

15. Kim, D. S.; Ji, R.; Fan, H. J.; Bertram, F.; Scholz, R.; Dadgar, A.;
Nielsch, K.; Krost, A.; Christen, J.; Gösele, U.; Zacharias, M. Small
2007, 3, 76. doi:10.1002/smll.200600307

16. Maynor, B. W.; Li, Y.; Liu, J. Langmuir 2001, 17, 2575.
doi:10.1021/la001755m

17. Masuda, H.; Fukuda, K. Science 1995, 268, 1466.
doi:10.1126/science.268.5216.1466

18. Masuda, H.; Yasui, K.; Nishio, K. Adv. Mater. 2000, 12, 1031.
doi:10.1002/1521-4095(200007)12:14<1031::AID-ADMA1031>3.0.CO;
2-R

19. Park, M.; Chaikin, P. M.; Register, R. A.; Adamson, D. H.
Appl. Phys. Lett. 2001, 79, 257. doi:10.1063/1.1378046

20. Shin, K.; Leach, K. A.; Goldbach, J. T.; Kim, D. H.; Jho, J. Y.;
Tuominen, M.; Hawker, C. J.; Russell, T. P. Nano Lett. 2002, 2, 933.
doi:10.1021/nl0256560

21. Huang, C.; Moosmann, M.; Jin, J.; Heiler, T.; Walheim, S.;
Schimmel, T. Beilstein J. Nanotechnol. 2012, 3, 620.
doi:10.3762/bjnano.3.71

22. Bauermann, L. P.; Gerstel, P.; Bill, J.; Walheim, S.; Huang, C.;
Pfeifer, J.; Schimmel, T. Langmuir 2010, 26, 3774.
doi:10.1021/la903636k

23. Tian, C.; Liu, Z.; Jin, J.; Lebedkin, S.; Huang, C.; You, H.; Liu, R.;
Wang, L.; Song, X.; Ding, B.; Walheim, S.; Schimmel, T.; Fang, J.
Nanotechnology 2012, 23, 165604.
doi:10.1088/0957-4484/23/16/165604

24. Walheim, S.; Böltau, M.; Mlynek, J.; Krausch, G.; Steiner, U.
Macromolecules 1997, 30, 4995. doi:10.1021/ma9619288

25. Barnes, W. L.; Dereux, A.; Ebbesen, T. W. Nature 2003, 424, 824.
doi:10.1038/nature01937

26. Reilly, T. H., III; Tenent, R. C.; Barnes, T. M.; Rowlen, K. L.;
van de Lagemaat, J. ACS Nano 2010, 4, 615. doi:10.1021/nn901734d

27. Schwind, M.; Kasemo, B.; Zorić, I. Nano Lett. 2013, 13, 1743.
doi:10.1021/nl400328x

28. Hass, G.; Waylonis, J. E. J. Opt. Soc. Am. 1961, 51, 719.
doi:10.1364/JOSA.51.000719

29. Bulatov, V.; Abraham, F. F.; Kubin, L.; Devincre, B.; Yip, S. Nature
1998, 391, 669. doi:10.1038/35577

30. Genet, C.; Ebbesen, T. W. Nature 2007, 445, 39.
doi:10.1038/nature05350

31. Fan, H. J.; Lee, W.; Hauschild, R.; Alexe, M.; Rhun, G. L.; Scholz, R.;
Dadgar, A.; Nielsch, K.; Kalt, H.; Krost, A.; Zacharias, M.; Gösele, U.
Small 2006, 2, 561. doi:10.1002/smll.200500331

32. Fan, H. J.; Werner, P.; Zacharias, M. Small 2006, 2, 700.
doi:10.1002/smll.200500495

33. Ariga, K.; Nakanishi, T.; Michinobu, T. J. Nanosci. Nanotechnol. 2006,
6, 2278. doi:10.1166/jnn.2006.503

34. Spatz, J. P.; Mössmer, S.; Hartmann, C.; Möller, M.; Herzog, T.;
Krieger, M.; Boyen, H.-G.; Ziemann, P.; Kabius, B. Langmuir 2000, 16,
407. doi:10.1021/la990070n

35. Glass, R.; Möller, M.; Spatz, J. P. Nanotechnology 2003, 14, 1153.
doi:10.1088/0957-4484/14/10/314

36. Cavacanti-Adam, E. A.; Aydin, D.; Hirschfeld-Warneken, V. C.;
Spatz, J. P. HFSP J. 2008, 2, 276. doi:10.2976/1.2976662

37. Geiger, B.; Spatz, J. P.; Bershadsky, A. D. Nat. Rev. Mol. Cell Biol.
2009, 10, 21. doi:10.1038/nrm2593

38. Calvert, J. M.; Chen, M.-S.; Dulcey, C. S.; Georger, J. H.;
Peckerar, M. C.; Schnur, J. M.; Schoen, P. E. J. Vac. Sci. Technol., B
1991, 9, 3447. doi:10.1116/1.585820

39. Özdemir, B.; Seidenstücker, A.; Plettl, A.; Ziemann, P.
Beilstein J. Nanotechnol. 2013, 4, 886. doi:10.3762/bjnano.4.100

License and Terms
This is an Open Access article under the terms of the

Creative Commons Attribution License

(http://creativecommons.org/licenses/by/2.0), which

permits unrestricted use, distribution, and reproduction in

any medium, provided the original work is properly cited.

The license is subject to the Beilstein Journal of

Nanotechnology terms and conditions:

(http://www.beilstein-journals.org/bjnano)

The definitive version of this article is the electronic one

which can be found at:

doi:10.3762/bjnano.6.123

http://dx.doi.org/10.1109%2F6.666960
http://dx.doi.org/10.1364%2FOL.24.000256
http://dx.doi.org/10.1038%2F358600a0
http://dx.doi.org/10.1103%2FPhysRevLett.72.2117
http://dx.doi.org/10.1021%2Fla950429h
http://dx.doi.org/10.1039%2Fb925523k
http://dx.doi.org/10.1063%2F1.122254
http://dx.doi.org/10.3762%2Fbjnano.4.39
http://dx.doi.org/10.3762%2Fbjnano.5.202
http://dx.doi.org/10.1002%2Fadma.200400006
http://dx.doi.org/10.3762%2Fbjnano.2.49
http://dx.doi.org/10.3762%2Fbjnano.4.34
http://dx.doi.org/10.3762%2Fbjnano.5.68
http://dx.doi.org/10.1007%2Fs00339-010-5822-x
http://dx.doi.org/10.1002%2Fsmll.200600307
http://dx.doi.org/10.1021%2Fla001755m
http://dx.doi.org/10.1126%2Fscience.268.5216.1466
http://dx.doi.org/10.1002%2F1521-4095%28200007%2912%3A14%3C1031%3A%3AAID-ADMA1031%3E3.0.CO%3B2-R
http://dx.doi.org/10.1002%2F1521-4095%28200007%2912%3A14%3C1031%3A%3AAID-ADMA1031%3E3.0.CO%3B2-R
http://dx.doi.org/10.1063%2F1.1378046
http://dx.doi.org/10.1021%2Fnl0256560
http://dx.doi.org/10.3762%2Fbjnano.3.71
http://dx.doi.org/10.1021%2Fla903636k
http://dx.doi.org/10.1088%2F0957-4484%2F23%2F16%2F165604
http://dx.doi.org/10.1021%2Fma9619288
http://dx.doi.org/10.1038%2Fnature01937
http://dx.doi.org/10.1021%2Fnn901734d
http://dx.doi.org/10.1021%2Fnl400328x
http://dx.doi.org/10.1364%2FJOSA.51.000719
http://dx.doi.org/10.1038%2F35577
http://dx.doi.org/10.1038%2Fnature05350
http://dx.doi.org/10.1002%2Fsmll.200500331
http://dx.doi.org/10.1002%2Fsmll.200500495
http://dx.doi.org/10.1166%2Fjnn.2006.503
http://dx.doi.org/10.1021%2Fla990070n
http://dx.doi.org/10.1088%2F0957-4484%2F14%2F10%2F314
http://dx.doi.org/10.2976%2F1.2976662
http://dx.doi.org/10.1038%2Fnrm2593
http://dx.doi.org/10.1116%2F1.585820
http://dx.doi.org/10.3762%2Fbjnano.4.100
http://creativecommons.org/licenses/by/2.0
http://www.beilstein-journals.org/bjnano
http://dx.doi.org/10.3762%2Fbjnano.6.123


572

In situ observation of deformation processes in
nanocrystalline face-centered cubic metals
Aaron Kobler1,2, Christian Brandl3, Horst Hahn1,2 and Christian Kübel*1,4,§

Full Research Paper Open Access

Address:
1Institute of Nanotechnology (INT), Karlsruhe Institute of Technology
(KIT), Hermann-von-Helmholtz-Platz 1, 76344
Eggenstein-Leopoldshafen, Germany, 2Joint Research Laboratory
Nanomaterials (KIT and TUD), Technische Universität Darmstadt
(TUD), Jovanka-Bontschits-Straße 2, 64287 Darmstadt, Germany,
3Institute for Applied Materials (IAM-WBM), Karlsruhe Institute of
Technology (KIT), Hermann-von-Helmholtz-Platz 1, 76344
Eggenstein-Leopoldshafen, Germany, and 4Karlsruhe Nano Micro
Facility (KNMF), Karlsruhe Institute of Technology (KIT),
Hermann-von-Helmholtz-Platz 1, 76344 Eggenstein-Leopoldshafen,
Germany

Email:
Christian Kübel* - christian.kuebel@kit.edu

* Corresponding author
§ Tel.: +49 721 608 28970

Keywords:
ACOM-STEM; deformation mechanisms; in situ straining;
nanocrystalline metals; orientation mapping; quantitative
crystallographic analysis

Beilstein J. Nanotechnol. 2016, 7, 572–580.
doi:10.3762/bjnano.7.50

Received: 26 November 2015
Accepted: 29 March 2016
Published: 19 April 2016

This article is part of the Thematic Series "Advances in nanomaterials II".

Associate Editor: P. Ziemann

© 2016 Kobler et al; licensee Beilstein-Institut.
License and terms: see end of document.

Abstract
The atomistic mechanisms active during plastic deformation of nanocrystalline metals are still a subject of controversy. The

recently developed approach of combining automated crystal orientation mapping (ACOM) and in situ straining inside a transmis-

sion electron microscope was applied to study the deformation of nanocrystalline PdxAu1−x thin films. This combination enables

direct imaging of simultaneously occurring plastic deformation processes in one experiment, such as grain boundary motion, twin

activity and grain rotation. Large-angle grain rotations with ≈39° and ≈60° occur and can be related to twin formation, twin migra-

tion and twin–twin interaction as a result of partial dislocation activity. Furthermore, plastic deformation in nanocrystalline thin

films was found to be partially reversible upon rupture of the film. In conclusion, conventional deformation mechanisms are still

active in nanocrystalline metals but with different weighting as compared with conventional materials with coarser grains.

572

Introduction
Nanocrystalline (NC) metals and alloys with grain size below

100 nm exhibit outstanding mechanical properties, in particular,

superior hardness, strength and fatigue properties as compared

to their coarse grained counterparts [1-5]. Modified or even

unexpected deformation mechanisms are ascribed to the in-

creasing influence of grain boundaries (GBs) on mechanical

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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Figure 1: (a) Sketch showing multiple concurrent deformation mechanisms. (b) ACOM-STEM orientation maps overlaid with the reliability and the
cross-correlation index of a cross-section of ncPda at 0% strain. (c,d) ACOM-STEM orientation maps overlaid with the reliability of the fracture mor-
phology of ncPda before (c) and after fracture (d). The crack line of (d) is overlaid in (c) to reveal the crack behavior. Red parts of the crack line indi-
cate fracture along grains boundaries and white lines indicate cracks passing through grains. The projection direction is along the tensile direction and
the color code is given in (c). The black boxes in (c) indicate the areas of the detailed analysis in Figure 2 and Figure 3.

properties [3,4,6-20]. GB-mediated deformation mechanisms,

such as GB sliding and migration, grain growth and rotation

[21] have been discussed (Figure 1a). Dislocation-mediated

plasticity in the grain interior is reported to be based on disloca-

tion nucleation at GBs, propagation and eventual absorption in

the surrounding GB network, as well as twin nucleation, migra-

tion and detwinning (Figure 1a). Such twin activity and disloca-

tion-driven grain rotation can still be attributed to dislocation

formation, propagation and adsorption [13,22]. The under-

standing of the active deformation mechanisms is essential to

support the application of NC metals, for example, in micro-

electrical mechanical systems (MEMS) [23], hydrogen storage

materials [24], radiation-resistant materials for nuclear reactors

[25], applications for wear and corrosion protection [6,26] and

for flexible electrical components [27].

Beside simulations [12-14,17,28,29], only few experimental

methods are capable to measure in situ structural signatures of

the deformation mechanisms in NC metals during mechanical

deformation. X-ray diffraction (XRD) is one of the experimen-

tal methods [4,11,26,30]. However, XRD cannot directly image

and spatially resolve deformation processes (e.g., grain growth

or twinning); it measures the global structural signatures of the

diffracting volume, which is encoded in the diffraction pattern

and peak profile. For a local analysis, NC metals are tradition-

ally investigated using bright/dark field transmission electron

microscopy (BF/DF-TEM) [31-33] or high resolution TEM

(HRTEM) [34]. In situ BF/DF-TEM deformation experiments

are even more challenging to uniquely interpret local changes of

nanometer-sized grains because of varying image contrast due

to bending or tilting of the whole sample as well as lattice

(grain) rotation within the sample during testing. The electron-

transparent thin films necessary for TEM might also show more

surface effects in comparison to bulk techniques. On the

micrometer scale and for ultra-fine grained materials, local

crystal orientations at the sample surface can be quantitatively

tracked in a scanning electron microscope (SEM) by electron

back scatter diffraction (EBSD) [35]. However, NC metals are

beyond the spatial resolution limits of EBSD (>20 nm) [36].

Here, we demonstrate a combination of automated crystal orien-

tation mapping (ACOM) in scanning TEM (STEM) modus with

in situ straining [37-39] of NC metals to follow the GB-medi-

ated processes (GB sliding and grain growth) and dislocation-

mediated intragranular formation of twins to provide real space

evidence for the active deformation mechanisms. Contrary to

conventional TEM investigations, the crystal orientation of all

grains within the investigated area are tracked quantitatively,

which allows sample bending/tilting effects to be separated

from real local crystallographic changes [38].
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Figure 2: Grain fragmentation of the center grain (white boundary) during the tensile deformation (0–4.7% strain) of ncPda and grain recovery after
fracture (6.4% strain) of the sample. The ACOM-STEM orientation maps overlaid with the reliability are shown for selected straining states with the
projection direction along the tensile direction and the color code is given in Figure 1c.

In situ ACOM-STEM is applied to magnetron-sputtered NC

thin film samples exhibiting a predominately columnar grain

structure. In the following, we concentrate on results from an

annealed NC Pd (ncPda) thin film with ≈50 nm thickness sup-

ported by a thin (≈20 nm) carbon film (Figure 1b). An addition-

al experiment using an annealed NC AuPd (ncAuPda) thin film

was also conducted and the results are compared with the ncPda

results at the end of the paper.

In this study, a distinction between crystallites and grains is

made. Crystallites are defined as the smallest volume with one

crystal orientation within a disorientation tolerance of 3° and

grains are either single crystallites or multiple crystallites

connected by twin boundaries.

Results and Discussion
All presented ACOM-STEM orientation maps (color coding ac-

cording to the inverse pole figure, inset in Figure 1c) are super-

imposed with the reliability values in black, which constitute a

measure for the unambiguousness of the orientation determina-

tion during the orientation assignment to the diffraction pattern.

The evolution of the local orientation is tracked in a tensile ex-

periment until fracture (Figure 1d). This procedure allows the

assignment of the fracture site to the microstructural features

(i.e., grain boundaries) (Figure 1c). The direct overlay reveals

that the crack behavior is a combination of intragranular frac-

ture with the crack path through a crystallite (white lines in

Figure 1c) and intergranular fracture with the crack path along

grain boundaries (red lines in Figure 1c). The observation of

grain growth, fragmentation and recrystallization next to the

crack path (Figure 1c,d) suggests that the deformation is both a

result of intragranular deformation (related to dislocation-medi-

ated processes in grains) and intergranular deformation by

GB-mediated deformation mechanisms.

Focusing on a single grain level, Figure 2 shows details of the

orientation map in Figure 1c for selected straining states to visu-

alize the grain’s structural changes during tensile loading and

subsequent unloading by fracture. The overall size of the encir-

cled grain (white line) continuously decreases during the tensile

loading until 4.7%, directly showing GB motion during me-

chanical loading. However, upon fracture, the initial grain shape

and grain size is almost recovered. The neighboring grains on

the lower right hand side indicated in purple/blue and orange

show similar recovery processes. The recovery of the grain

shape indicates that the GB motion is the result of an external

driving force rather than the reduction of GB area as in the case

of conventional grain growth. Moreover, the pre-existing orien-

tation gradient (orange to red color in Figure 2; lattice perturba-

tions along a ≈15 nm section across the boundary shown in

Supporting Information File 1, Figure S11a) at 0% strain is

subsequently condensed (red and orange crystallite at

1.1% strain in Figure 2, ≈15° disorientation Supporting Infor-

mation File 1, Figure S11b). The high Schmid factor (≈0.5) of

the orange crystallite (Supporting Information File 1, Figure S8)

in conjunction with the decreasing reliability (amount of black

pixels increases) from 0% to 4.7% strain is consistent with the

creation and accumulation of mobile and/or sessile dislocations

in the grain during the tensile load [40-42], which can condense

around the boundary and can leave the orange crystallite with

reduced defect concentration in the grain upon fracture (see

the disorientation to mean orientation plot, Supporting Informa-

tion File 1, Figure S11a). Previous in situ X-ray diffraction

studies revealed reversible diffraction peak broadening in a
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Figure 3: Twinning, twin boundary migration and detwinning of the center grain (white boundary) during the tensile deformation (0-4.7% strain) of
ncPda. The ACOM-STEM orientation maps overlaid with the reliability are shown for selected straining states with the projection direction along the
tensile direction and the color code is given in Figure 1c. The Σ3 disorientations are marked with white/blue dashed lines and the Σ9 disorientations
with white/red dashed lines.

loading–unloading cycle in NC Ni, which indicates the suppres-

sion of a build-up of a residual dislocation network during de-

formation in the nanograins [30]. Here the accumulation of

defects into a sharp small angle GB (Figure 2, 6.4%) upon

unloading by fracture is, however, consistent with the accumu-

lation of a residual dislocation network in the nanograin during

deformation, which condenses into a small angle grain bound-

ary. Moreover, the reversible GB motion observed here can also

explain the previously reported extraordinary strain recovery in

NC Al and NC Au thin films [43].

Figure 3 shows a sequence of detwinning (0–1.1% purple red

grain), twin nucleation (1.1–2.5%) and twin growth (2.5–4.7%).

The twin activity is accompanied by substantial structural

changes in the surrounding grains (e.g., white/grey crystallite at

the bottom grows with straining). In general, the twin activity

correlates with local plastic strain manifested in the structural

changes. Since Shockley partial dislocations of the fcc lattice

have the same Burgers vectors as the intrinsic crystallographic

structure elements of twin (Σ3) boundaries [44], the twin

motion indicates the operation of Shockley partial dislocations

entering the grain from the boundary or moving along the

preexisting twin planes.

The twin activity associated with heterogeneous distribution of

the plastic strain indicates the necessity of accommodating pro-

cesses to suppress fracture by local plastic strain incompatibili-

ties. Grain-to-grain level ACOM-STEM measurements are used

to follow the change of lattice orientation relative to the tensile

loading direction. The absolute orientation change of the indi-

vidually tracked grains through the straining series with respect

to the initial state is displayed in a rotation map (Figure 4a and

Figure 5a). This map allows the heterogeneous deformation in

NC metals to be separated from an overall sample bending or

tilting. Figure 4a shows the crystallite rotations in the range

0–65° and clearly indicates individual grains with ≈39° and

≈60° rotations (red and black), which are consistent with Σ3

and Σ9 misorientation relations, respectively. Additionally,

Figure 5a highlights the crystallite rotations in the range 0–12°

and uncovers the heterogeneous deformation in the small

angle rotations, which are accommodated along GBs. Our ob-

servations are in line with previous work on NC Pt [34] and

NC Ni [45].

Focusing on the large angle crystallite rotations (0–65°),

Figure 4b shows the coalescence of two Σ3 boundaries (white/

blue dashed lines at 0%) to one Σ9 boundary (white/red dashed

line at 1.1%; a detailed analysis is shown in Supporting Infor-

mation File 1, Figure S12). In Figure 4c, another example

for twin boundary movement is shown. The triple line at

1.1% strain formed by two twin boundaries (white/blue dashed

lines) and one Σ9 boundary (red/blue dashed line) originating

from a grain boundary at 0% strain and the migration of the

triple line half way through the grain during tensile loading.

Since the Σ9 misorientation can be generated by a sequence of

two distinct twin variants [46,47], Figure 4d illustrates schemat-

ically possible twin morphologies in one grain: the upper

schematic shows a single twin domain (T1) in a grain. The

twin-in-twin morphology, a secondary twin (T2) developed in

the primary twin domain (T1), is shown in the middle

schematic. The lower schematic shows the coalescence of two

twin boundaries of two distinct twin variant disorientations, T1

and T2, creating a triple line with a Σ9 boundary. Generalized,

the observed Σ9 boundary in the NC system is a signature of

subsequent or multiple twinning in a grain (as shown in

Figure 4d, middle and lower schematic), and the nucleation as
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Figure 4: Analysis of the crystallite rotations in the range 0–65° for ncPda: (a) Crystallite boundary map overlaid with the rotation of selected and
tracked crystallites for the 1.1% strain state. The color code is displayed on the left. (b,c) ACOM-STEM orientation maps of selected areas marked in
(a). Σ3 disorientations marked with white/blue dashed lines and Σ9 disorientations marked with white/red dashed lines; the white boundary outlines
the grain of interest. Projection direction: normal to the paper plane; color code is given in Figure 1c. (b) Details of a twin boundary activity. (c) Details
of a grain that shows the creation of a triple line with two Σ3 and one Σ9 disorientation. (d) Schematic of the formation of Σ3 and Σ9 disorientations.
The twin domains are labeled as grey/yellow areas, and the twin boundaries are indicated by the blue solid lines. The combination of two distinct twin
variants (T1 in grey and T2 in yellow) results in a triple lines of two Σ3 (blue) and one Σ9 (red) boundary, which is equivalent to a chain of twin
disorientation [46].

Figure 5: Analysis of the crystallite rotations in the range 0–12° for ncPda: (a) Crystallite boundary map of ncPda overlaid with the rotation of each
pixel of individually tracked crystallites for the 1.1% strain state. The color code for the overlaid rotation of the crystallites is displayed on the left. (The
green frame is the area which is evaluated in Figure 6 and additional black boxes indicate local deviations from the sample bending) (b) ACOM-STEM
orientation maps of a selected area marked in (a). Projection direction: along the tensile direction; color code is given in Figure 1c. (c) Boundary
disorientation plot of (b) with color coding according to (a).

well as migration of Σ9 boundaries is a result of two different

sets of lattice partial dislocation motions associate with the

coalesced Σ3 boundaries [22].

Concentrating now on the small angle crystallite rotations

(0–12°), Figure 5a displays an overall bending of the thin TEM

film during deformation that appears as a rotation gradient (left

to right). Figure 5a shows additional local deviations from the

sample bending, which appear as local, distinct rotations within

the crystallites and in the vicinity of the grain boundaries (ex-

amples indicated by black boxes). A mismatch of the relative

lattice rotation of neighboring grains needs to be accommo-

dated as a shear deformation across the GB between the crystal-

lites. The small angle rotation discontinuity at the grain bound-

ary directly shows the operation of GB deformation processes,

such as GB sliding and/or shear coupled GB motion.
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Figure 6: Crystalllite size versus lattice rotation plot of all tracked crys-
tallites: (a) ncPda (dA = 25 nm) (the green area of Figure 5a is evalu-
ated), (b) ncAuPda (dA = 26 nm). The green line indicates the rotation
due to sample bending during straining. The Σ9 (39 ± 1.7°) and
Σ3 (60 ± 5°) disorientations are marked in red and blue, respectively.

The small angle crystallite rotation highlighted in Figure 5b,c

even shows the partial coalescence of two crystallites with an

initial disorientation of ≈4–7° at 0% strain. During deformation

(at 1.1% strain), the disorientation between the crystallites

partially disappears predominantly by the ≈4° rotation of the

lower grain relative to its environment (Figure 5c). Grain

boundary migration can be excluded, since a residual disorien-

tation remains approximately at the same location of the former

small angle grain boundary. The reduction of the disorientation

is, therefore, associated with dislocations pushed from the small

angle grain boundary into the crystallite or dislocations from the

crystallite annihilate the small angle grain boundary disloca-

tions. Both processes effectively reduce the dislocation content

of the small angle grain boundary.

Figure 6 shows the signatures of the previously spatially

resolved crystallite rotations versus the crystallite size for the

tracked crystallites of ncPda (dA = 25 nm) and ncAuPda

(dA = 26 nm). Both systems have a multimodal distribution with

peaks in the small angle regime (<10°), a ≈39° regime (Σ9-rota-

tion), and a ≈60° twin regime (Σ3-rotation) (a similar distribu-

tion has been found in two other Pd–Au systems not shown

here). The small angle regime is a convolution of film bending

(indicated by the green line in the histogram) and crystallite

rotation due to heterogeneous intergranular deformation, which

is accommodated by GB-mediated processes (Figure 5). Twin

and multiple twin activity (Σ3 and Σ9 activity) are observed in

all Pd–Au alloys investigated here. No significantly different

behavior (within the statistical limitations) was observed for the

different alloy systems, although molecular dynamics simula-

tions suggest different dislocation and stacking fault densities

with increasing strain as well as different grain boundary migra-

tion behavior for different alloy compositions [28,48]. In situ

XRD studies also showed evidence on the concentration-de-

pendent deformation behavior in the Pd–Au alloy [49]. Despite

the good grain statistics of ACOM-TEM in comparison to

HRTEM, synchrotron-based in situ XRD studies offer better

temporal resolution in comparison to ACOM-TEM with far

better grain statistics. Both good statistics and temporal resolu-

tion are necessary to reveal small differences in the deforma-

tion mechanism with the alloy content. With ACOM-TEM, the

multiple concurrent mechanisms in all alloy systems are

apparent. The twin activity does not reveal any statistically sig-

nificant crystallite size dependence within the grain size distri-

bution of the samples. This is a contradiction to previous obser-

vations on a grain size dependence of twinning in NC fcc

metals [20]. Changing the alloy content and the sputter parame-

ter can also increase the internal stresses and eventually the

dislocation and twin density [50,51]. Besides the dislocation

content and growth twins, the grain size and structure as well as

texture at the beginning of straining are expected to influence

the strength, the detailed interplay and transition of multiple

concurrent mechanisms with increasing strain. The two

presented systems were comparable in grain size and twin den-

sity (Supporting Information File 1, Figure S7, S18, Table S1),

which allows a direct comparison. However, more measure-

ments and better grain statistics are needed and may eventually

reveal the transition and strength of the active deformation

mechanisms in nanocrystalline material.

Conclusion
In summary, the utilization of ACOM-STEM in combination

with in situ straining of ncPda and ncAuPda inside the TEM

revealed the spatial–temporal interaction of intergranular and

intragranular proccesses, which are operated by GB-mediated

and dislocation-mediated deformation mechanisms. Moreover,

the insights gained here reveal that GB and dislocation-based

deformation mechanisms are still operational at grain sizes as

low as 10 nm (number averaged) in the Pd–Au system. Our ob-

servations question the absolute statements on the exclusive

operation of one class of deformation mechanisms at the nano-

scale and favor the explanation of multiple concurrent mecha-

nisms and with different overall weighting between them com-

pared to their coarse-grained counter parts.

Experimental
Metal thin films were deposited by radio frequency (RF) mag-

netron sputtering using 2" diameter planar targets with 99.95%

purity. TEM grids (holycarbon R2/1 + 2 nm C, Quantifoil) were

used as a substrate. The nominal thickness between the holes

is 22 nm. Pd was sputtered in 5 cycles of 50.38 s at 60 W
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constant sputtering power under a working gas pressure (Ar)

of 0.005 mbar at room temperature. Au (72 atom %) Pd

(28 atom %) was sputtered for 102.5 s at 60 W constant sput-

tering power (for both Pd and Au) under a working gas pres-

sure (Ar) of 0.0055 mbar at room temperature. The root mean

squared (RMS) roughness between the holes was measured by

AFM to be 1.3 nm for the ncPda film (Supporting Information

File 1, Figure S2). The thickness of the films (ncPda ≈50 nm;

ncAuPda ≈50 nm) was measured from FIB cross sections. The

ncPda metal films were annealed in situ for ≈1 min at 300 °C

and ≈18 min at 300 °C plus an additional ≈22 min at 350 °C for

ncAuPda (plus the cooling down time of the holder) using a

Gatan TEM heating holder during continuous STEM imaging

for a fine adjustment of the grain size. After the annealing step,

the grain size and twin density was measured using ACOM-

STEM (Supporting Information File 1, Table S1).

A FEI Strata 400S dual beam FIB was used to transfer the metal

C films to the push-to-pull (PTP) device (Hysitron) (Support-

ing Information File 1, Figure S1c,d) and to cut the films using

an acceleration voltage of 30 kV and a beam current of 980 nA.

The final shaping of the dog bone straining sample was per-

formed at 30 kV and 1.5 nA beam current.

A Philips Tecnai F20 ST TEM operated at 200 kV in µp-STEM

mode using spot size 7, gun lens 6, an extraction voltage of

4.5 kV and a 50 µm C2 aperture and equipped with the

NanoMEGAS ASTAR system was used for ACOM-STEM data

acquisition. A camera length of 100 mm was used to acquire the

diffraction patterns.

A Hysitron Picoindenter PI95 with a push-to-pull (PTP) device

(Supporting Information File 1, Figure S1a,b) operated under

load control (0.1 µN/s) was used for the in situ straining experi-

ments and was operated similar as described in [37]. The dis-

placement was continuously monitored by the live µp-STEM

imaging until a load holding segment was reached, which was

necessary to acquire the ACOM-STEM orientation maps (Sup-

porting Information File 1, Figures S5 and S12). Before and

after the loading ramps, high quality µp-STEM overview

images were acquired as reference for determining the strain (all

strain values in this paper are giving relative to the initial dog

bone length) and the spring constant of the PTP device was

measured with the film ruptured to subtract the PTP device

related forces from the measured stress–strain curve (Support-

ing Information File 1, Figures S3 and S13) [52]. Digital image

correlation and tracking (DICT) was used to measure the strain

during the loading ramps [53]. DICT was done twice per data

set, once on the edges of the PTP to subtract the force coming

from the PTP spring, and once on the edges of the dog bone to

reveal the strain close to the area of interest.

The acquired ACOM-STEM data has been processed by the

evaluation routine described in [37] to reduce the noise and to

track crystallites through the straining series for the analysis of

crystallite rotation, grain growth and twin activity. The evalua-

tion routine used here differs from the one cited only in the

noise filtering. Two new noise filters were developed: an

“ambiguity filter” and a “minimum distance filter” [54]. The

data processing parameters can be found in Supporting Informa-

tion File 1.

Supporting Information
Supporting Information File 1
Additional experimental results.

[http://www.beilstein-journals.org/bjnano/content/

supplementary/2190-4286-7-50-S1.pdf]
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Abstract
The phenalenyl-based dysprosium complexes [Dy(PLN)2(HPLN)Cl(EtOH)] (1), [Dy(PLN)3(HPLN)]·[Dy(PLN)3(EtOH)]·2EtOH

(2) and [Dy(PLN)3(H2O)2]·H2O (3), HPLN being 9-hydroxy-1H-phenalen-1-one, have been synthesized. All compounds were fully

characterized by means of single crystal X-ray analysis, paramagnetic 1H NMR, MALDI-TOF mass spectrometry, UV–vis spec-

trophotometry and magnetic measurements. Both static (dc) and dynamic (ac) magnetic properties of these complexes have been in-

vestigated, showing slow relaxation of magnetization, indicative of single molecule magnet (SMM) behavior. Attempts to synthe-

size sublimable phenalenyl-based dysprosium complexes have been made by implementing a synthetic strategy under anhydrous

conditions. The sublimed species were characterized and their thermal stability was confirmed. This opens up the possibility to

deposit phenalenyl-based lanthanides complexes by sublimation onto surfaces, an important prerequisite for ongoing studies in mo-

lecular spintronics.
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Introduction
In the pioneering studies of next-generation information pro-

cessing devices, single-molecule magnets (SMMs) are often

regarded as building blocks for realizing spintronic devices at

the molecular scale [1]. Out of thousands of SMMs available,

the class of the LnPc2 (Ln = Tb, Dy) complexes is the most

popular example. It has been successfully assembled into differ-

ent molecular schemes of spintronic quantum devices such as

spin valve, spin transistor and spin resonator [2-5]. The fasci-

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
mailto:yanhua.lan@kit.edu
mailto:mario.ruben@kit.edu
http://dx.doi.org/10.3762%2Fbjnano.7.92
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nating experimental results obtained from these quantum

devices foster a bright future in the field of nanospintronics.

In order to fabricate spintronic devices with molecular units, an

essential step is to investigate the magnetic properties of the

molecules on the surface of or close to conducting electrodes.

So far, depositing and addressing individual molecules of

SMMs on surfaces [2] was explored only for very few com-

plexes such as TbPc2, Fe4 and Mn12. With the successful expe-

rience in utilizing TbPc2 [6], our earnest attention in searching

new SMMs with enhanced properties has led to the preparation

of mononuclear lanthanide complexes. Indeed the mononuclear

lanthanide complexes could allow for the study of controlled

entanglement of spins on neighboring spin carriers [7], because

there is no decoherence of individual spins through dipolar

exchange in such a simple molecular unit. As highlighted

recently in many work [8-14], the determining factor in the

construction of SMMs and single-ion magnets (SIMs) and in

the control of the single-axial anisotropy is related to the

symmetry at the individual Ln sites along with the nature of the

ligand field. Owing to a very strong Ising-type uniaxial

anisotropy of the metal ion, dysprosium containing compounds

are extensively studied and have been found to have the most

promising slow-relaxation behavior. Typical examples are

[Dy(acac)3(H2O)2] [8] and known organometallic compounds

such as [Li(THF)4][(Ph2PNPh)4Dy] and [Dy{N(PPh2)2}3] [15],

Dy-(N(SiMe3))3 [16] and [{Cp’2Dy(µ-SSiPh3)}2] (Cp’=

η5-C5H4Me) [17], [Dy(1,4-(Me3Si)2-C8H6)2] [18], and

[Dy(COT’’)2Li(THF)(DME)] (COT’’ = 1,4-bis(trimethyl-

silyl)cyclooctatetraenyl dianion) [19] showing interesting mag-

netic relaxation properties.

A phenalenyl unit can be considered as an aromatic variation of

β-diketonates (Figure S1, Supporting Information File 1)

formed by the fusion of three benzene rings. As a consequence

of the extended aromatic system, enhanced interactions with

carbon-based surfaces such as HOPG, graphene and CNT sub-

strates are expected [20]. The significance of the phenalenyl

unit in the diverse research areas ranging from chemistry and

materials chemistry to device physics is closely linked to its

essential role as an electronic reservoir that has driven the de-

velopment of the best organic single-component conductor and

has led to the creation of spin memory devices [21]. Indeed, a

neutral planar phenalenyl-based molecule namely zinc methyl

phenalenyl has recently been utilized as non-innocent building

block for the construction of a spin memory device by Raman

and co-workers [22]. Upon deposition of these molecules onto a

ferromagnetic surface, a hybridized organometallic supramolec-

ular magnetic layer can be formed. This interface layer exhibits

a spin-dependent resistance leading to an interface magnetore-

sistance (IMR) effect. These findings suggest that phenalenyl-

based molecules could potentially be utilized in building molec-

ular-scale quantum spin memory and processors.

Taking all these points into consideration, one idea would

be to step further and to introduce anisotropic lanthanide

ions into these phenalenyl-based complexes with the focus

on their interesting magnetic properties. In this regard,

the 9-hydroxy-1H-phenalen-1-one (HPLN) ligand has previ-

ously been utilized for the preparation of mononuclear

lanthanide complexes [23,24] to study the near-infrared lumi-

nescence upon excitation with visible light. However, this

work, carried out by our group, aimed to study gas-phase

dispersed photoluminescence spectra [25,26]. In this

paper we report on the synthesis of three mononuclear

dysprosium complexes [Dy(PLN)2(HPLN)Cl(EtOH)] (1),

[Dy(PLN)3(HPLN)]·[Dy(PLN)3(EtOH)]·2EtOH (2) and

[Dy(PLN)3(H2O)2]·H2O (3) with the focus on studying their

magnetic properties. In addition, these complexes have been

characterized by means of single crystal X-ray analysis, para-

magnetic 1H NMR, MALDI–TOF spectrometry and UV–vis

spectrophotometry. Furthermore, attempts to synthesize

sublimable phenalenyl-based dysprosium complexes 4 have

been made. The sublimed species 4’ was characterized

confirming its thermal stability.

Results and Discussion
Synthesis
Van Deun et al. [23,24] synthesized 1:3 metal-to-ligand com-

plexes using ammonia as a base and 1:4 metal-to-ligand com-

plexes using the stronger base NaOH. In addition, phenalenyl-

based europium and gadolinium nonanuclear complexes [26]

were obtained by using (Et)3N as base in a 1:1.8 metal-to-ligand

ratio. The synthetic procedures reported in our work are illus-

trated in Scheme 1. Instead of ammonia or NaOH as a base

[23,24], we used NaH or diisopropyl amine to deprotonate the

HPLN ligand. In order to obtain neutral complexes and to make

them sublimable, we carried out the reactions only in a 1:3

Dy/HPLN stoichiometry. In general, the reaction is maintained

at room temperature and then refluxed for 3 h. The crystals are

grown through slow evaporation from the filtrate. Complex

[Dy(PLN)2(HPLN)Cl(EtOH)] (1) was formed in a mixed

solvent of CHCl3/EtOH (1:5) in the presence of NaH, while

complex [Dy(PLN)3(HPLN)]·[Dy(PLN)3(EtOH)]·2EtOH (2)

was obtained in pure EtOH using diisopropyl amine as a base.

Since two mononuclear species are co-crystallized in 2, the

volume of EtOH is then scaled up to the 1.5-fold, resulting in

[Dy(PLN)3(H2O)2]·H2O (3).

Due to the presence of non-depronated ligands and solvent

molecules in the coordination sphere, all these complexes

decomposed at ca. 350 °C during the sublimation process in
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Scheme 1: Synthesis of complexes 1–3. (a) NaH, 1/3DyCl3·6H2O, EtOH, reflux then stirring at RT overnight. (b) Diisopropylamine, 1/3DyCl3·6H2O,
EtOH, reflux then stirring at RT overnight. (c) Diisopropylamine, 1/3DyCl3·6H2O, big volume of EtOH, reflux then stirring at RT overnight.

Scheme 2: Synthesis of complex 4 under anhydrous conditions. The proposed structure of the complex is based on the characterizations. (i) n-BuLi,
THF, 0 °C, 1 h. (ii) 1/3DyCl3, THF, stirring at RT overnight. (iii) 3HPLN, THF, reflux overnight.

high vacuum (10−6 mbar). Sublimable lanthanides quinolinates

have been prepared by Katkova et al. by using bis(trimethyl-

silyl)amino complexes as precursor [27-29]. With this experi-

ence, a sublimable phenalenyl-based dysprosium complex 4

was synthesized as illustrated in Scheme 2. The synthesis was

carried out under anhydrous conditions implementing standard

Schlenk techniques, carefully distilled THF, anhydrous starting

materials and oven-dried glassware. So far, single crystals of

the complex 4 were not obtained, thus its exact structure

remains unknown yet. Nevertheless, the product was fully char-
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acterized by NMR spectroscopy, mass spectrometry and

UV–vis spectrophotometry in comparison to the complexes

1–3. In addition, complex 4 was successfully sublimated at

about 300 °C in high vacuum (10−6 mbar). To confirm the ther-

mal stability, the compound was also characterized after the

sublimation process.

X-ray crystal structures
Single crystals of the complexes 1–3 were grown through the

slow evaporation from the respective reaction filtrate and their

structures were determined by single crystal X-ray diffraction.

The refinement data are summarized in Table S1 (Supporting

Information File 1) and the bond lengths and angles are listed in

the caption of Figures 1–3. The molecular structure of

[Dy(PLN)2(HPLN)Cl(EtOH)] (1) is illustrated in Figure 1. The

central dysprosium atom is coordinated by seven donor atoms,

six oxygen and one chlorine, resulting in a mono-capped trig-

onal prism geometry with a symmetry lower than D5h. The

bond lengths Dy-O1, Dy-O2, Dy-O3 and Dy-O4 (of the depro-

tonated phenalenyl) are between 2.25 and 2.28 Å. In addition,

the bond angles Dy-O1-C1, Dy-O2-C3, Dy-O3-C14, and

Dy-O4-C16, range between 136.8 and 138.8°. The bond length

of Dy-Cl is 2.70 Å, which is longer than the Dy-O bod lengths.

Although the molecule itself is asymmetric, the two deproto-

nated phenalenyls are virtually identical. On the contrary, com-

pared to those of the deprotonated phenalenyls, the bond length

Dy-O5 of the protonated phenalenyl of 2.38 Å is considerably

longer and the angle Dy-O5-C27 of 148.3° is wider. There are

two intramolecular hydrogen bonds between O6H6 and O2

(2.52 Å) and between O6H6 and O5 (1.90 Å) associated with

the non-depronated phenalenyl, and an intermolecular hydro-

gen bond between O7H7 and Cl1 (2.49 Å) involving EtOH.

Clearly, the intermolecular hydrogen bonds, together with the

π–π stacking (ca. 3.45 Å) between the phenalenyl moieties, aid

the molecular packing in the crystal lattice (Figure S2, Support-

ing Information File 1).

In an asymmetric unit of complex 2, two mononuclear dyspro-

sium moieties [Dy(PLN)3(HPLN)] 2a and [Dy(PLN)3(EtOH)]

2b are co-crystallized together with two EtOH lattice mole-

cules as illustrated in Figure 2. In both moieties the central

dysprosium is coordinated by seven oxygen atoms in a mono-

capped trigonal prism geometry. Compared with those of the

protonated and deprotonated phenalenyls, the bond lengths and

angles are down to the same trend as that described for com-

plex 1, in which those for the deprotonated phenalenyls are

longer and wider than those of the protonated ones. On the other

hand, compared to those around each dysprosium atom in the

two moieties of 2a and 2b, the bond lengths and angles are very

similar. The bond lengths between the dysprosium and the

oxygen atoms of the protonated phenalenyls vary from 2.280 to

Figure 1: Molecular structure of complex 1 obtained by single crystal
X-ray diffraction. Hydrogen atoms are omitted for clarity.
Selected bond lengths [Å], angles [°]: Dy-Cl1 2.6983(5), Dy-O1
2.2517(18), Dy-O2 2.2647(14), Dy-O3 2.2802(15), Dy-O4 2.2599(16),
Dy-O5 2.3756(16), Dy-O7 2.4215(17); Cl-Dy-O1 108.38(4), O2-Dy-O3
85.95(5), Cl-Dy-O2 92.92(4), O2-Dy-O4 149.03(6), Cl-Dy-O3
161.85(4), O2-Dy-O5 72.01(6), Cl-Dy-O4 99.30(4), O2-Dy-O7
139.73(6), Cl-Dy-O5 84.30(4), O3-Dy-O4 73.69(5), Cl-Dy-O7 79.19(4),
O3-Dy-O5 78.12(5), O1-Dy-O2 73.31(5), O3-Dy-O7 112.98(5), O1-Dy-
O3 88.68(6), O4-Dy-O5 80.97(6), O1-Dy-O4 127.84(5), O4-Dy-O7
70.92(6), O1-Dy-O5 143.56(5), O5-Dy-O7 144.33(6), O1-Dy-O7
72.06(6).

2.309 Å for 2a and 2.249 to 2.324 Å for 2b; and the bond

angles range from 135.3 to 139.1° for 2a and from 137.5 to

139.1° for 2b. It is noteworthy that the bond distances between

the dysprosium atom and the oxygen atoms of the HPLN

ligands can be compared to those reported in other

dysprosium–oxygen compounds [30-36]. Additionally, two

intramolecular hydrogen bonds are formed: O8H8-O4 (2.39 Å)

and O8H8-O7 (1.86 Å) in 2a, but three are formed in 2b. The

intermolecular hydrogen bond, O15H15-O16 (2.06 Å) involves

the EtOH bonded to the dysprosium and one EtOH in the

crystal lattice. Two more hydrogen bonds, O16H16-O9

(2.06 Å) and O17aH17a-O12 (2.23 Å), take place between the

deprotonated phenalenyls and one EtOH in the crystal lattice.

As clearly depicted in Figure S3 (Supporting Information

File 1), the presence of EtOH molecules in the crystal lattice

forming intermolecular hydrogen bonds packs the molecules

together and drives the co-crystallization. Additionally, weak

π–π stacking (ca. 3.61 Å) between the phenalenyl moieties of 2a

and 2b might be also responsible for the co-crystallization of

the complexes in one asymmetric unit.

Compound [Dy(PLN)3(H2O)2]·H2O (3) crystallizes in a mono-

clinic system in contrast to the triclinic one of 1 and 2. The

central dysprosium is surrounded by three anionic phenalenyls

and two water molecules (Figure 3), in which the eight chela-
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Figure 2: Molecular structure of complex 2 obtained by single crystal X-ray diffraction. Hydrogen atoms are omitted for clarity.
Selected bond lengths [Å], angles [°] for 2a: Dy1-O1 2.290(3), Dy1-O2 2.286(3), Dy1-O3 2.280(3), Dy1-O4 2.280(3), Dy1-O5 2.289(3), Dy1-O6
2.309(3), Dy1-O7 2.381(3); O1-Dy1-O2 73.25(11), O3-Dy1-O4 72.93(12), O1-Dy1-O3 73.37(12), O3-Dy1-O5 86.47(12), O1-Dy1-O4 142.63(12),
O3-Dy1-O6 137.28(11), O1-Dy1-O5 105.15(11), O3-Dy1-O7 144.34(12), O1-Dy1-O6 77.00(12), O4-Dy1-O5 88.42(11), O1-Dy1-O7 138.78(11),
O4-Dy1-O6 140.20(12), O2-Dy1-O3 95.61(12), O4-Dy1-O7 71.55(12), O2-Dy1-O4 94.47(11), O5-Dy1-O6 72.33(11), O2-Dy1-O5 176.83(12), O5-Dy1-
O7 95.51(11), O2-Dy1-O6 104.56(11), O6-Dy1-O7 75.94(12), O2-Dy1-O7 84.20(11).
Selected bond lengths [Å], angles [°] for 2b: Dy2-O9 2.324(3), Dy2-O10 2.268(3), Dy2-O11 2.249(3), Dy2-O12 2.288(3), Dy2-O13 2.290(3), Dy2-O14
2.261(3), Dy2-O15 2.444(3); O9-Dy2-O10 72.83(12), O11-Dy2-O12 73.47(12), O9-Dy2-O11 117.23(11), O11-Dy2-O13 154.72(12),O9-Dy2-O12
156.73(12), O11-Dy2-O14 112.83(12), O9-Dy2-O13 82.10(11), O11-Dy2-O15 72.58(13), O9-Dy2-O14 107.08(12), O12-Dy2-O13 82.82(12), O9-Dy2-
O15 73.15(12), O12-Dy2-O14 85.15(12),O10-Dy2-O11 82.04(12), O12-Dy2-O15 129.87(12), O10-Dy2-O12 89.34(12), O13-Dy2-O14 72.88(12), O10-
Dy2-O13 89.16(11), O13-Dy2-O15 131.41(12), O10-Dy2-O14 161.72(12), O14-Dy2-O15 75.44(12), O10-Dy2-O15 120.73(12).

ting oxygen atoms result in a distorted square antiprismatic

arrangement. The bond lengths between the dysprosium and the

oxygens of the deprotonated phenalenyls are in the range of

2.317 and 2.347 Å. These distances are relatively longer than

those observed in 1, 2a and 2b, in which the dysprosium atom is

in a mono-capped trigonal geometry. Moreover, the bond

lengths of the dysprosium and the oxygen atoms from the coor-

dinated water molecules are 2.396 Å (Dy-O7) and 2.439 Å (Dy-

O8), respectively, which are comparable to that for the proto-

nated phenalenyl in [Dy(PLN)2Cl(HPLN)(EtOH)] 1 (Dy-O5)

and in [Dy(PLN)3(HPLN)] 2a (Dy1-O7) and that for the coordi-

nated EtOH molecule in [Dy(PLN)2Cl(HPLN)(EtOH)] 1 (Dy-

O7) and in [Dy(PLN)3(EtOH)] 2b (Dy2-O15). Lastly, due to

the presence of three water molecules, several inter- (O9H9A-

O2 3.02 Å , O9H9A-O5 3.06 Å and O9H9B-O9 2.99 Å) and

intra-molecular (O7H7A-O1 2.89 Å, O7H7B-O1 2.79 Å,

O7H7B-O6 2.73 Å, O8H8A-O3 2.72 Å and O8H8B-O2 2.98 Å)

hydrogen bonds occur in the crystal lattice (Figure S4, Support-

ing Information File 1).

MALDI–TOF studies
The MALDI–TOF spectra (positive mode) of complexes 1–4

and the sublimed product 4’ are illustrated in Figure S5 (Sup-

porting Information File 1). In all the spectra, the highest inten-

sity peak corresponds to the [Dy(PLN)2]+ fragment (m/z = 554),

Figure 3: Molecular structure of complex 3 obtained by single crystal
X-ray diffraction. Hydrogen atoms are omitted for clarity.
Selected bond lengths [Å], angles [°]: Dy1-O1 2.347(3), Dy1-O2
2.332(4), Dy1-O3 2.337(3), Dy1-O4 2.339(4), Dy1-O5 2.317(4), Dy1-
O6 2.323(3), Dy1-O7 2.396(3), Dy1-O8 2.439(4); O1-Dy-O2 70.56(12),
O3-Dy-O5 74.38(12), O1-Dy-O3 143.35(12), O3-Dy-O6 134.79(13),
O1-Dy-O4 139.12(11), O3-Dy-O7 122.26(11), O1-Dy-O5 116.79(12),
O3-Dy-O8 75.98(12), O1-Dy-O6 79.60(12), O4-Dy-O5 89.53(13),
O1-Dy-O7 72.29(11), O4-Dy-O6 80.61(12), O1-Dy-O8 76.93(12),
O4-Dy-O7 68.10(12), O2-Dy-O3 79.57(12), O4-Dy-O8 101.23(13),
O2-Dy-O4 149.73(12), O5-Dy-O6 71.05(12), O2-Dy-O5 76.36(13),
O5-Dy-O7 141.52(12), O2-Dy-O6 118.31(12), O5-Dy-O8 142.94(11),
O2-Dy-O7 136.96(13), O6-Dy-O7 74.55(11), O2-Dy-O8 76.84(13),
O6-Dy-O8 145.39(12), O3-Dy-O4 70.80(11), O7-Dy-O8 74.29(11).
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in which the cation is formed by the elimination of one

anionic ligand. This is an indication that all the complexes at

least have two phenalenyls around the dysprosium atom. The

trace peak observed at m/z = 572 is relative to the fragment

[Dy(PLN)2(H2O)]+. The absorption of water molecules during

the preparation of the samples is usual. However, in the spectra

of the sublimed complex, which was prepared under

anhydrous conditions, the relative intensity of the fragment

[Dy(PLN)2(H2O)]+, both before and after the sublimation

process, is considerably lowered. Other three small fragments in

the spectra are observed for a neutral Dy(PLN)3 core plus a

metal cation of Li+ or Na+ ([Dy(PLN)3Li]+, m/z = 756;

[Dy(PLN)3Na]+, m/z = 772) and for a neutral Dy(PLN)3

core plus a protonated phenalenyl [H2PLN]+  cation

[Dy(PLN)3(H2PLN)]+ (m/z = 945). The fact that these frag-

ments are present in the spectra of complex 4 and its sublimed

species 4’ suggests that the sublimable dysprosium complex

contains three deprotonated phenalenyl ligands as structurally

proposed in Scheme 2.

NMR experiments
The paramagnetic 1H NMR spectra of complexes 1–4 obtained

in deuterated DMSO are shown in Figure S6 (Supporting Infor-

mation File 1). The set of resonances between 16 and 6 ppm in

the low-ppm range of the spectrum of 1 clearly originates from

the free non-deprotonated ligand. This is confirmed by compari-

son with the 1H NMR spectrum obtained for the pure ligand,

which lacks two observations: (i) The peaks are not shifted to

high ppm and broadened (the H–H coupling is still visible) by

the paramagnetic dysprosium, and (ii) the peak at about 16 ppm

is characteristic of the extremely de-shielded proton, which is

involved in a strong intramolecular hydrogen bond with the α,β-

conjugated carbonyl group of the phenalenyl rings. A set of

peaks between 28 and 38 ppm shown in all the three spectra can

be assigned to protons of the deprotonated phenalenyls, which

are common to all the dysprosium complexes. However, two

peaks between 40 and 50 ppm are observed only in the spectra

of complexes 1 and 2, but not for 4, which is synthesized in the

absence of EtOH. Thus these peaks are attributed to EtOH coor-

dinated to the dysprosium in complexes 1 and 2. In addition, the

resonances between 18 and 24 ppm, which are noticeable in the

spectra of complex 2 and of the sublimed species, could be

assigned to the protonated ligand. Probably, they are not

detected for complex 1 due to the low intensity of the spectrum,

or due to a partial decomposition of the complex in DMSO. At

last, the spectrum of 4 is characterized by a set of resonances

between 6 and 10 ppm. These resonances cannot be assigned to

unreacted free ligands, because the peaks are broadened and the

characteristic peak at about 16 ppm is missing. However, they

are in region of aromatic proton signals and are not shifted at

high chemical shift from the paramagnetic Dy(III) ion.

UV–vis experiments
To further characterize the phenalenyl-based SMMs we have

measured at room temperature the absorption spectra of the

diluted DMSO solutions of complexes 1–4 and of the sublimed

product 4’. For comparison, UV–vis spectra were recorded for

the free HPLN ligand in parallel. The spectra of the three

dysprosium compounds present a similar pattern, as illustrated

in Figure 4. Two main absorption bands, which derive from the

characteristic α,β-conjugated carbonyl group of the ligand [37],

are visible: one between 375 and 475 nm and another one be-

tween 300 and 375 nm. Both absorptions take place in the

ligands. The former is related to n→π* transitions, while the

latter is associated to π→π* transitions. Interestingly, there is no

evidence of bands arising from charge or energy transfers be-

tween ligands and metal. Due to the limited contribution of the

metal, the absorption peaks, which are listed in Table 1, display

minimal shifts in comparison to the free ligand. In contrast, the

extinction coefficients of the dysprosium complexes are about

fourfold compared to those of the free ligand. This is expected

since the complexes are formed by two, three or four ligands. In

addition to that, the complexes 2 and 3 are characterized by an

additional peak at 457–458 nm. The origin of this peak can be

ascribed to the common feature in the structures of these two

complexes: Complexes 2 and 3 are both formed by a Dy(PLN)3

core but there is a Dy(PLN)2Cl core in complex 1.

Figure 4: Absorption spectra of the three dysprosium complexes in
diluted (2 × 10−6 M) DMSO solutions of 1–4 at room temperature.

The correspondent maximum of 349 nm of 1–3 is found at

341 nm in complex 4 both before and after the sublimation.

Nevertheless, the spectrum of 4, before the sublimation, has a

shoulder at 349 nm, which is less pronounced after the sublima-

tion process. Considering that the bands between 300 and

375 nm are associated to π→π* transitions centered on the

phenalenyl ligands, the shift of the bands can result from slight
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Table 1: List of the absorption peaks with their extinction coefficients.

compound ελ (M−1·cm−1) compound ελ (M−1·cm−1)

9-HPLN [38,39] 440.0
414.5
394.5
355.0

9700
8300
4600
17600

1 439.5
415.0
394.5
354.5

37200
31600
17294
68500

2 458.0
439.0
414.5
395.0
352.5

21500
43900
34700
18700
88700

3 457.5
439.0
415.5
395.5
353.0

12800
30600
24600
13000
61300

Table 2: Magnetization dynamics of compounds 1–3.

compound χ″ in zero dc field pre-exponential factor  (s), energy gap Δ (K) width of distribution α

1 approx. 13 K at 1500 Hz 3.3 × 10−6, 43.8 (0 Oe)
2.9 × 10−6, 49.4 (200 Oe)

0.073–0.279
0.111–0.471

2 no signal 7.1 × 10−6, 14.1 (1500 Oe)
3.0 × 10−5, 7.6 (3000 Oe)

0.179–0.476
0.266–0.368 (3.0–5.5 K)

3 no maxima 2.3 × 10−4 (0 Oe)
2.0 × 10−6, 36.5 (500 Oe)

0.103–0.179
0.117–0.468

differences in the structures of the complexes. As a conse-

quence of the few milligrams of material obtained by the subli-

mation process, we were unable to compare the extinction coef-

ficients of the complexes. As observed previously in the absorp-

tion spectra, the ligand dominates the photophysical properties

of the dysprosium complexes. As a result, the emission spectra

of the three complexes are almost identical (Figure S7, Support-

ing Information File 1). Moreover, no sensitization of dyspro-

sium is observed. A complete photophysical analysis is neces-

sary to investigate the effect of the structure on the photolumi-

nescence of those complexes.

Magnetic studies
Both static (dc) and dynamic (ac) magnetic properties have

been investigated of the complexes 1–3, but not for 4. The

single crystal structure of complex 4 is not available up to now

and the sublimed product 4’ has been obtained only in a small

quantity. Therefore, the magnetic studies on this compound

were not feasible yet.

Static magnetic properties
The temperature dependence of the dc magnetic susceptibility

has been measured in an applied magnetic field of 1000 Oe in

the temperature range between 1.8 and 300 K for all three com-

plexes. At 300 K, the product χT of 1–3 is 14.11, 13.56 and

14.19 cm3·K·mol−1, respectively, which are all in good agree-

ment with the expected value of 14.17 cm3·K·mol−1 for one

Dy(III) metal ion (S = 5/2, L = 5, 6H15/2, g = 4/3) [40]. Decreas-

ing the temperature, the product χT continuously falls to 8.78,

10.90 and 8.00 cm3·K·mol−1 at 1.8 K for 1–3, respectively (see

Figures in Supporting Information File 1). The gradual de-

crease of χT vs T is indicative of the type of paramagnetic be-

havior resulting from the thermal depopulation of the Stark

sublevels of the 6H15/2 ground state or of low-lying excited

states of the Dy(III) ion while decreasing the temperature [41-

47]. The field dependence of the magnetization at low tempera-

tures has been measured at 2, 4 and 5 K. At 2 K and 70 kOe the

magnetization approaches about 5.17 μB, 5.22 μB and 6.35 μB

for 1–3, respectively. However, due to the incomplete satura-

tion of the magnetization, a residual slope is observed at high

fields indicating the presence of magnetic anisotropy in the ma-

terial [48,49]. Moreover, no hysteresis effect is observed in all

three cases under these conditions.

Dynamic magnetic properties
As a consequence of the presence of magnetic anisotropy, the

slow relaxation of magnetization has been probed by measuring

ac susceptibilities as a function of the temperature at different

frequencies as well as a function of frequency at different tem-

peratures. The plots are illustrated in Supporting Information

File 1 and the results are summarized in Table 2.

The ac susceptibilities of compound 1 under zero dc field show

that a frequency-dependent in-phase and out-of-phase signal is
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Figure 5: (Top) Temperature dependence of out-of-phase component of ac magnetic susceptibility under zero dc field. (Middle) Frequency depen-
dence of out-of-phase component of ac magnetic susceptibility under zero dc field. (Bottom) Arrhenius semi-log plots of the relaxation time, τ vs 1/T
from ac susceptibility measurements under a zero dc field and applied dc field. The solid lines represent a linear fit in the thermally activated range of
temperature. The parameters are discussed in the text. Sample codes are indicated in the insets of the figures.

detected below 20 K suggesting a slow relaxation of the magne-

tization. At a frequency of 1500 Hz, the out-of-phase compo-

nent first reaches a maximum at 13 K and then steadily in-

creases rather than declining to zero while decreasing the tem-

perature. This indicates a transition from a thermally activated

to a temperature-independent regime in the relaxation process

[36,50,51]. Shape and frequency dependence of the out-of-

phase component in ac susceptibilities suggests that 1 might be

a SMM. The relaxation time plotted in Figure 5 was extracted

with an Arrhenius law by fitting the frequency sweeping data

between 11 and 13 K. In doing so, we estimated the character-

istic energy gap Δ for the thermally activated relaxation process

to be 43.8 K, and the respective pre-exponential factor τ0 to

have a value of 3.3 × 10−6 s. Additionally, a saturation of about

5 × 10−4 s, relative to the quantum-tunneling process, is ob-

tained below 5 K.

In relaxation processes of SMMs that are to a certain extent

subjected to quantum effects, the application of a small dc field

can remove the state degeneracy, and accordingly also the prob-

ability of quantum tunneling. Aiming to explore the relaxation

process and to evaluate the quantum tunneling effect, the fre-

quency dependence of the ac susceptibility was estimated at

1.8 K under a small external dc field. The characteristic fre-

quency for compound 1 is 315 Hz at 1.8 K under zero field,

whereas it decreases to 180 Hz under a dc field of 200 Oe.

Thus, similar to what has been observed for some SMMs

earlier, a small external dc field indeed slows down the relaxa-

tion due to the suppressed quantum tunneling of the magnetiza-

tion (QTM) [52].

Lastly, ac susceptibilities as a function of the temperature have

been measured under a dc field of 200 Oe to estimate the effec-
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tive relaxation time (Figure 5). The data were fitted with an

Arrhenius law function in the temperature range between 10

and 14 K. The characteristic SMM energy gap Δ is 49.4 K and

the pre-exponential factor is τ0 is 2.9 × 10−6 s. Additionally, a

quantum relaxation time of 1 × 10−3 s is observed below 7 K.

Compared to the data calculated in zero-field, the energy gap Δ

and its corresponding pre-exponential factor τ0 are fairly simi-

lar, suggesting that the quantum tunneling effect in 1 is not pro-

nounced. However, the quantum relaxation time at low temper-

atures under 200 Oe is twice as high as that obtained under zero

dc field.

For compound 2, at a zero dc field, no out-of-phase component

of ac susceptibility was detected at 1000 Hz suggesting the

possible presence of an energy barrier to the relaxation of the

magnetization, but it is short-cut by a fast tunneling relaxation

process at zero dc field (Figure 5). In such a case, ac suscepti-

bility measurements in the presence of a weak dc field could

slow down the tunneling process which enables one to further

investigate the dynamic magnetic properties of 2. Indeed com-

pound 2 shows a field-induced slow relaxation of the magneti-

zation. The intensity of the out-of-phase component of the ac

susceptibility is dramatically increased when a dc field is

applied confirming the cooperation between a slow magnetic re-

laxation and a rapid quantum tunneling. The relaxation process

immediately slows down to 40Hz when the applied field

reaches 500 Oe, in contrast, it becomes faster at ca. 10 Hz up to

1500 Oe. This behavior points to the fact that this compound,

concerning its relaxation dynamics, is characterized by a very

fast tunneling process at zero dc field.

When the applied dc field is increased from 1500 Oe upwards,

the relaxation process oscillates to a higher frequency and

subsequently slows down again at 3000 Oe. This observation

implies that there is more than one relaxation process in the

system. That is not surprising if we correlate this behavior with

the X-ray crystal structure of this compound. As there are two

isolated Dy(III) centers present in this compound, the presence

of multiple relaxation processes is likely to be correlated to the

different individual ion anisotropies around the two Dy(III)

centers. However, it is not possible to distinguish them based on

the present data.

Then, the frequency sweeping ac susceptibility measurements

are performed under a dc field of 1500 and 3000 Oe, respective-

ly. Under a dc field of 1500 Oe, one set of peaks is observed in

the out-of-phase component of the ac susceptibility. Converse-

ly, under a dc field of 3000 Oe, two sets of peaks are clearly

visible in the plot of the frequency dependence of the out-of-

phase component of the ac susceptibility, indicating the pres-

ence of more than one relaxation pathway. Moreover, as a

stronger dc field is applied, the smaller peak at lower frequen-

cies increases at the expense of the larger peak beyond the

window of the measurements. The energy barrier Δ and the pre-

exponential factors τ0 of the relaxation pathways are calculated

by plotting the relaxation time τ vs 1/T (Figure 5). At 1500 Oe,

the relaxation time deduced from the data between 1.8 and

5.1 K approximately follows an activated behavior with an

energy gap Δ of 14.1 K and a pre-exponential factor τ0 of

7.1 × 10−6 s. At 3000 Oe, the relaxation time Δ of the relaxa-

tion pathway located at higher frequencies in the temperature

range between 2.6 and 5.5 K is 7.6 K and its pre-exponential

factor τ0 is 3.0 × 10−5 s. The characteristic parameters obtained

under a dc field of 1500 Oe and 3000 Oe are roughly in the

same order of magnitude, indicating that the mechanism of the

two relaxation processes, corresponding to the two isolated

Dy(III) ions in 2, is most probably the same.

The dynamics of the magnetization of compound 3 was studied

by the same methods applied for compounds 1 and 2 described

as above. The ac out-of-phase component is clearly observed

up to 20 K under zero dc field, but no maximum could be

observed in the χ″ component indicating that the blocking

temperature is below 1.8 K. As demonstrated in Supporting

Information File 1, the relaxation time retains its value of ca.

2.3 × 10−4 s, being nearly temperature-independent between

1.8 K and 4.0 K. Above 1.8 K, the constraint set by the low-

temperature limit of our magnetometer, the peaks of χ″ signals

could only be detected in the frequency range above 1000 Hz.

This phenomenon is attributable to temperature-independent

zero-field fast quantum tunneling of the magnetization, whereby

the degeneracy of the mS states can be removed and the proba-

bility of the zero-field QTM between the ±mS states lowered by

the effect of a weak external field [52]. Then the frequency de-

pendence of the ac susceptibility data at 1.8 K has been studied

by applying a small dc field up to 3 kOe. As expected, the zero-

field QTM is partially suppressed. A field of 500 Oe is applied

to investigate the frequency and temperature dependence of the

ac susceptibility leading to a relaxation time Δ of the relaxation

pathway in the temperature range between 7 and 10 K of 36.5 K

and its pre-exponential factor τ0 of 2.0 × 10−6 s. Below 7 K, the

relaxation time increases non-exponentially and is substantially

curved. This curvature indicates that the moment of 3 has

access to multiple pathways for spin reversal, which means that

the Orbach thermally activated relaxation process and quantum-

tunneling process (Raman or direct processes) coexist in this

temperature regime.

Discussion
The program Magellan [53] was used to extract information

about the magnetic easy axis in complexes 1–3 (Figure 6). On

the basis of the Magellan output, we found that in all three cases
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Figure 6: Orientation of the main anisotropy axis in complexes 1–3 indicated as blue arrows (a, b and c) calculated using the Magellan Software. Co-
ordinates are taken from the crystal structures depicted in Figures 1–3.

the axis of preferred alignment extends along with the planes of

deprotonated phenalenyls defined by the aromatic rings. The

co-ligands such as the Cl− anion, H2O and EtOH molecules act

as weak ligands that interact with the dysprosium ion in the

hard plane where the biggest contribution to tunneling would be

expected. The weak ligand fields imposed on the dysprosium

ion by these co-ligands lead to non-negligible transverse com-

ponents that induce the quantum tunneling effect so as to be

suppressed with the application of external dc field. On the

other hand, the presence of these co-ligands in these systems

reduces the three-fold symmetry of the whole molecule. Indeed,

low-symmetry elements present in such a ligand field play an

important role in facilitating tunneling or other magnetic relaxa-

tion processes [54]. This effect is consistent with the observa-

tion of true thermally activated relaxation resulting in a highly

curved relaxation time down to the low temperature regime

(Figure 5). The foregoing results obtained from this calculation

well explain the tunneling dynamics of magnetization dis-

cussed in the earlier section. Finally, it is worthwhile to point

out that the anisotropy axes of two dysprosium atoms in com-

pound 2 are symmetrically twisted in a torsion angle of 40.7°

(Figure 6b and Supporting Information File 1). As mentioned in

the structural description, this molecule is rich of hydrogen

bonding and the π–π stacking. With such a narrow torsion angle

calculated from Magellan, one can think that the two magnetic

centers could be strongly interacting through the π orbitals of

the condensed rings so that the single-ion anisotropy between

the two molecules is probably canceled out leading to a zero

overall anisotropy so that no out-of-phase signal could be ob-

served under zero dc field. In principle the effect of the intermo-

lecular interaction could be evaluated by preparing a diamagnet-

ically doped system, but it is too much work compared to the

importance of the information that can be extracted.

To see if it is possible to further study the relaxation process

and to better characterize the time distribution for relaxation, a

Cole–Cole plot of the out-of-phase vs in-phase susceptibilities

at low temperatures was constructed. The width of distribution

quantified by a parameter α indicates how significantly the re-

laxation process is distributed, i.e., when a single relaxation

process is active, a semicircular shape would be anticipated in

the Cole–Cole plot with the α being close to zero. The χ″ vs χ′

data (Figure 7) under zero or dc different fields were fitted by

the extended Debye Model [55]. All derived parameters are

summarized in Supporting Information File 1, Tables S2–S7.

For compound 1, under zero dc field, the width of distribution α

varies from 0.073 to 0.279 in the entire temperature range of

1.8–13 K. From 7.0 to 13 K, the small α values below 0.16 are

compatible with the SMM behavior. The process within this ob-

served temperature range is thermally activated and leads to the

exponential temperature dependence of the relaxation time of

3.3 × 10−6 s, which is a characteristic value observed for typical

SMMs [56,57]. Under a dc field of 200 Oe, α varies from 0.111

to 0.471 between 1.8 and 13 K. Below 6 K, α is down to the

range of 0.400–0.471 suggesting that there is likely to be more

than one relaxation process operating at these temperatures.

Indeed, as seen from Figure 5, a transition from a thermally

activated to a temperature-independent regime is detected in the

relaxation rates. For compound 2, under a dc field of 1500 Oe,

the width of distribution α varies from 0.179 to 0.476 up to

5.5 K but is not greater than 0.366 above 3.9 K. However, under

a dc field of 3000 Oe, two obvious sets of Argand plots corre-

sponding to two relaxation processes are observed below 3.5 K,

which is consistent with the experimental results discussed in

the dynamic properties of 2. With the increase of temperature

up to 5.5 K, the width of distribution α is determined to be

0.266–0.368. Within this temperature range the relaxation time
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Figure 7: Cole–Cole plots under zero or different dc fields in the given temperature ranges. Sample codes are indicated in the graphs. The black solid
lines represent the least-squares fit obtained with a generalized Debye model. The parameters are discussed in the text. In the figure for 2 under a dc
field of 3000 Oe, the colored solid lines are guided to eyes.

obeys the Arrhenius law. For compound 3, the relaxation rate

under zero field is almost independent from the temperature in-

dicating that the relaxation process remains in the quantum

tunneling regime with a quantum time of 2.3 × 10−4 s. The

width of distribution is very narrow with α of 0.103–0.179.

Under a dc field of 500 Oe, the relaxation slows down so that it

could be detected up to a high temperature of 9 K. The width of

distribution varies from 0.117 to 0.468, which is very similar to

the values obtained for compound 1 under a dc field of 200 Oe.

Again the relaxation process encounters a crossover from a

thermally activated (4.0–10 K) to a temperature-independent

regime (1.8–4.0 K).

Conclusion
Three phenalenyl-based mononuclear dysprosium complexes

have been synthesized from the reaction of 9-hydroxy-1H-

phenalen-1-one with hexahydrous DyCl3 in a 3:1 molar ratio in

the presence of NaH or diisopropylamine. Single crystals in rea-

sonable yields were obtained by slow evaporation of the sol-

vents. All compounds were characterized by standard spectros-

copic and analytical techniques and their solid-state structures

were established by single crystal X-ray crystallography.

The magnetic properties of complexes 1–3 were studied in

detail suggesting that these complexes are SMMs with fast

zero-field quantum tunneling of the magnetization. The pres-

ence of co-ligands reduces the three-fold symmetry of the mole-

cules so that non-negligible transverse anisotropy is imposed on

the single dysprosium ion. The relaxation processes present in

these complexes were discussed elaborately with the analysis of

the width of distribution in the Cole–Cole plots. The energy

barriers and its corresponding pre-exponential factors associat-

ed with the relaxation processes are determined under both zero

and external dc fields. In particular, the relaxation process of 1

under zero dc field is a characteristic of an energy gap Δ of

43.8 K and a pre-exponential factor τ0 of 3.3 × 10−6 s.

Furthermore, a sublimable phenalenyl-based dysprosium com-

plex 4 has been made by implementing a synthetic strategy

under anhydrous conditions. The sublimed species 4’ was pre-

liminary characterized, confirming its thermal stability. Howev-

er, growing single crystals of these complexes is fundamental to

elucidate their exact structures so as to study their magnetic

properties. There are two concerns regarding the exploration of

this system. First of all, these molecules can be grafted by subli-

mation onto surfaces for a variety of studies, which further

offers the potential to be used for device. Another important

point is that a higher blocking temperature could be expected in

compound 4 than those observed in compounds 1–3 as a conse-

quence of the removal of coordinated solvents. In the cases of

1–3, the Magellan output reveals that the presence of coordinat-

ed solvents or anions invokes a transverse anisotropy facili-

tating tunneling pathways. Based on the design criteria pro-

posed by Chilton et al. [58,59] for the two-coordinate com-

plexes of Dy(III), large values of the effective energy barrier,

Ueff, are immediately diminished if axial ligation is disrupted by
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solvent coordination. Considering this assumption, an increase

of the magnetic relaxation barrier so as to blocking tempera-

tures could be expected if such complexes could be obtained in

the absence of a coordinating solvent. Therefore, our further

efforts will be to isolate and structurally characterize the com-

plexes 4 and 4’ and their respective magnetic properties, in par-

ticular after being sublimed onto surfaces. This work is current-

ly in progress. During the submission of this work, a few inter-

esting Dy(III)-SIMs with D5h symmetry have been reported

[60-62]. The three examples all show a fascinating anisotropic

barrier over 500 K as a result of the higher order symmetry

around Dy(III) ion. This is related to the concept that we dis-

cussed in our introduction.

Experimental
Instrumentation
Elemental analysis of carbon and hydrogen, were carried out in

a Vario Micro Cube. Infrared spectra were recorded using KBr

pressed pellets with a Perkin-Elmer Spectrum GX FTIR spec-

trometer (MAGNA FTIR 750, Nicolet) in the region of

4000–400 cm−1 region. Paramagnetic 1H NMR spectra were re-

corded in a Bruker FT-NMR Avance III 500 MHz with deuter-

ated solvents as internal standards. Matrix-assisted laser desorp-

tion/ionization-time of flight (MALDI–TOF) mass spectro-

metric data were acquired on a MALDI–TOF Synapt G2-S

HDMS without additional matrix compound other than the sam-

ple itself. The absorption spectra were acquired at room temper-

ature for diluted (2.0 × 10−6 M) DMSO (spectrophotometric

grade) solutions on a Cary 500 Scan UV–vis–NIR spectropho-

tometer using a 1 cm quartz cell. Emission spectra were re-

corded at room temperature for diluted (2.0 × 10−6 M) DMSO

(spectrophotometric grade) solutions on a Cary Eclipse Fluores-

cence spectrophotometer using a 1 cm quartz cell.

X-ray crystallography
Single crystal X-ray diffraction data were collected on a STOE

IPDS II diffractometer with graphite monochromated Mo Kα

radiation (λ = 0.71073 Å). Structure solution and refinement

against F2 were carried out using shelxs and shelxl software.

Refinement was performed with anisotropic temperature factors

for all non-hydrogen atoms (disordered atoms were refined

isotropically); hydrogen atoms were calculated on idealized po-

sitions. Crystallographic data are summarized in Table S1 (Sup-

porting Information File 1).

Magnetic studies
Magnetic measurements were obtained with a Quantum Design

SQUID magnetometer MPMS-XL. Direct current (dc) suscepti-

bility measurements were carried out over the temperature

range of 1.8–300 K under an applied dc field of 1000 Oe.

Magnetization measurements were made at low temperatures

with applied dc fields from 0 to 70 kOe. Alternating current (ac)

susceptibility measurements were measured under zero dc

field with an oscillating ac field of 3 Oe and ac frequencies

ranging from 1 to 1500 Hz. Measurements were performed on

polycrystalline samples. The ground powder was restrained in

Apiezon grease. The magnetic data were corrected for the sam-

ple holder.

Synthesis
All the purchased chemicals and solvents were used as received

without any further purification unless otherwise stated. The

reactions involving water-sensitive materials were carried out

with distilled THF (over Na) and implementing standard

Schlenck techniques; the glassware was kept in an oven at

80 °C, evacuated and flushed with argon prior to use.

Synthesis of [Dy(PLN)2(HPLN)Cl(EtOH)] (1)
To a yellow solution of 9-hydroxy-1H-phenalen-1-one

(117.7 mg, 0.6 mmol, 3 equiv) of CHCl3 (5 mL) was added

dropwise a colorless solution of NaH (14.4 mg, 0.6 mmol,

3 equiv) in ethanol, leading to a yellow suspension. After stir-

ring for 5 min, a solution of DyCl3·6H2O (75.4 mg, 0.2 mmol,

1 equiv) in ethanol (15 mL in total) was added dropwise to

afford a homogeneous solution, which was left to stir at room

temperature for 2 h and then brought to reflux for 3 h. The reac-

tion solution was then left to stir overnight at room temperature.

After filtration, the filtrate was allowed to evaporate slowly.

Red blocks were formed over two weeks. Yield (single crystals)

based on Dy: 20.8 mg, 13%. Elemental analysis (%) calculated

(C 4 1 H 2 8 ClDyO 7 ,  830 .58  g /mol ) :  Ana l .  ca lcd  fo r

C41H28ClDyO7: C, 59.29; H 3.40; found: C, 59.87; H 3.67;

FTIR (KBr) ν (cm−1): 3369, 2924, 1631, 1583, 1561, 1521,

1482, 1428, 1346, 1257, 1241, 1181, 1152, 1047, 986, 960, 851,

806, 745, 694, 644, 553, 483, 451, 432; MALDI–TOF (CH2Cl2,

positive) m/z (%): 554 ([M-HL-Cl-C2H5O]+, 100); 1H NMR

(500 MHz, DMSO, δ) 49.23, 40.63, 36.40, 33.58, 28.49, 16.27,

8.33, 7.77 ppm.

Synthesis of [Dy(PLN)3(HPLN)]
(2a)·[Dy(PLN)3(EtOH)]·2EtOH (2b)
To a yellow suspension of 9-hydroxy-1H-phenalen-1-one

(117.7 mg, 0.6 mmol, 3 equiv) of ethanol (5 mL) was added

dropwise a colorless solution of diisopropylamine (60.6 mg,

0.6 mmol, 3 equiv) in ethanol, leading to no obvious color

change. After stirring for 5 min, a solution of DyCl3·6H2O

(75.4 mg, 0.2 mmol, 1 equiv) in ethanol (20 mL in total) was

added dropwise, in which the reaction mixture remained as a

yellow suspension, which was left it to stir at room temperature

for 2 h and then brought it to reflux for 3 h. The reaction mix-

ture was then left to stir overnight at room temperature. Upon

filtration, the yellow filtrate was allowed to evaporate slowly.
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Red needles are formed over two weeks. Yield (single crystals)

based on Dy: 18.3 mg, 10%. Elemental analysis (%) calculated

(C194H136O34Dy4 ,  3661.03 g/mol):  Anal.  calcd for

C194H136O34Dy4: C, 63.64; H 3.74; found: C, 63.51; H 3.66;

FTIR (KBr) ν (cm−1): 3432, 3047, 2969, 1627, 1582, 1560,

1522, 1421, 1412, 1345, 1252, 1241, 1222, 1177, 1140, 1045,

985, 957, 851, 804, 745, 698, 643, 545, 482, 450, 419;

MALDI–TOF (CH2Cl2, positive) m/z (%): 554 ([M − HL − L]+,

or [M − L − C2H5O]+, 100).

Synthesis of [Dy(PLN)3(H2O)2]·H2O (3)
This complex is synthesized based on the same procedure as

that of preparation of complex 2. The modification is that the

volume of ethanol used in this reaction is scaled up from 20 to

30 mL. The crystals of 3 as red/orange needles were grown

from the slow evaporation of the yellow filtrate. Yield (single

crystals) based on Dy: 12.1 mg, 8%. Elemental analysis (%)

calculated (C39H27DyO9, 802.10 g/mol): Anal. calcd for

C39H27DyO9: C, 58.40; H, 3.39; found: C, 58.69; H, 3.43;

MALDI–TOF (CH2Cl2, positive) m/z (%): 554 ([M − L −

2H2O]+, 100).

Synthesis of complex 4 in anhydrous conditions [63]
A solution of hexamethyldisilazide (16.5 mL, 78.0 mmol) in

40 mL of freshly distilled THF was cooled to 0 °C. To the ice-

cold solution n-butyllithium (1.6 M in hexane, 50.0 mL,

80.0 mmol) was slowly added and the mixture was stirred for

1 h. Then anhydrous DyCl3 (6.45 g, 24.0 mmol) was carefully

added and the mixture was allowed to warm up to room temper-

ature overnight under stirring. The resulting mixture was then

purified by sublimation in high vacuum (2 × 10−6 mbar, 90 °C).

Subsequently, a solution of HPLN (0.46 g, 2.4 mmol) in 20 mL

in freshly distilled THF was added to the sublimed product

(0.50 g, 0.8 mmol). The mixture was further refluxed at 65 °C

overnight. The yellow precipitate was filtered and washed with

fresh THF (0.28 g).

X-ray crystallographic studies of 1–3
Suitable crystals of compounds 1–3 were covered with perfluo-

roether oil and mounted onto a glass fiber. The crystal was

transferred directly to the −93 °C N2 cold stream of a Stoe IPDS

2T diffractometer. Data were corrected for absorption effects

using indexed faces of the crystals [64].

All structures were solved by using the program SHELXS-97

[65]. The remaining non-hydrogen atoms were located from

successive difference Fourier map calculations. The refine-

ments were carried out by using full-matrix least-squares tech-

niques on F2, minimizing the function (Fo − Fc)2, where the

weight is defined as 4F0
2/2(Fo

2) and Fo and Fc are the ob-

served and calculated structure factor amplitudes using the

program SHELXL-97 [63]. The hydrogen atom contributions of

all compounds were calculated, but not refined. The locations of

the largest peaks in the final difference Fourier map calculation

as well as the magnitude of the residual electron densities in

each case were of no chemical significance. The graphics of

crystal structures were generated by PLATON software.

Crystal data of 1
C41H28ClDyO7, M = 830.58 g/mol, triclinic, a = 10.4482(7) Å,

b = 12.5823(8) Å, c = 13.2433(8) Å, α = 93.446(5)°, β =

112.211(5)°, γ = 95.762(5)°. V = 1594.55(18) Å3, T = 180.15 K,

space group P−1, Z = 2, 10913 reflections measured, 5790

unique (Rint = 0.0169), which were used in all calculations. The

final R1 values were 0.0172. The final wR(F2) was 0.0441 (all

data). The goodness of fit on F2 was 1.047.

Crystal data of 2
C194H136O34Dy4 ,  M  = 3661.03 g/mol, triclinic, a  =

11.0591(8) Å, b = 17.2521(8) Å, c = 19.8266(10) Å, α =

92.328(4)°, β = 104.285(5)°, γ = 95.206(5)°. V = 3642.9(4) Å3,

T = 180.15 K, space group P−1, Z = 1, 29552 reflections

measured, 13592 unique (Rint = 0.0444), which were used in all

calculations. The final R1 values were 0.0336. The final wR(F2)

was 0.0639 (all data). The goodness of fit on F2 was 0.914.

Crystal data of 3
C39H27O9Dy, M = 802.10 g/mol, monoclinic, a = 29.9539(9) Å,

b = 10.5596(2) Å, c = 22.9909(6) Å, β = 120.106(2)°, V =

6291.0(3) Å3, T = 180.15 K, space group C2/c, Z = 8, 17247

reflections measured, 5879 unique (Rint = 0.0289), which were

used in all calculations. The final R1 values were 0.0349. The

final wR(F2) was 0.0813 (all data). The goodness of fit on F2

was 1.046.
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Crystallographic data (excluding structure factors) for the

structures reported in this paper have been deposited with

the Cambridge Crystallographic Data Centre as a supplemen-

tary publication no. CCDC-1055828 (1), 1055829 (2) and

1055830 (3). Copies of the data can be obtained free
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Abstract
Palladium is a frequently used model system for hydrogen storage. During the past few decades, particular interest was placed on

the superior H-absorption properties of nanostructured Pd systems. In the present study nanoporous palladium (np-Pd) is produced

by electrochemical dealloying, an electrochemical etching process that removes the less noble component from a master alloy. The

volume and electrical resistance of np-Pd are investigated in situ upon electrochemical hydrogen loading and unloading. These

properties clearly vary upon hydrogen ad- and absorption. During cyclic voltammetry in the hydrogen regime the electrical resis-

tance changes reversibly by almost 10% upon absorbing approximately 5% H/Pd (atomic ratio). By suitable loading procedures,

hydrogen concentrations up to almost 60% H/Pd were obtained, along with a sample thickness increase of about 5%. The observed

reversible actuation clearly exceeds the values found in the literature, which is most likely due to the unique structure of np-Pd with

an extraordinarily high surface-to-volume ratio.

1197

Findings
The knowledge about the remarkable hydrogen absorption

properties of palladium dates back to the mid-nineteenth

century [1] and has been studied intensively ever since. Even

though palladium itself does not possess technical relevance as

a hydrogen storage material due to its high price and rather low

achievable H storage densities, it is a frequently used model

system. During the past few decades particular interest was

placed on nanostructured Pd, which exhibits superior absorp-

tion properties due to a high surface-to-volume ratio, and its ap-

plication potential in important fields of technology such as

energy storage, sensing and catalysis [2].

One attractive method to produce nanostructured metals with

macroscopic dimensions is dealloying, an (electro-)chemical
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process, which removes the less noble component from an alloy

by selective etching [3]. Nanoporous palladium (np-Pd) pro-

duced by free corrosion [4] as well as potential-assisted de-

alloying [5] has been studied recently with regards to actuation

upon electrochemical hydrogenation [4] as well as hydrogen

solubility from the gas phase [6]. In the present study np-Pd is

produced by electrochemically dealloying a Co–Pd master alloy

and investigated upon electrochemical H absorption in an alka-

line aqueous electrolyte. Volume and electrical resistance of the

sample, two qualities both known to sensitively depend on the

H content of Pd [4,7-11], are monitored in situ during electro-

chemical hydrogenation and compared to literature data.

The Co–Pd master alloy (80 wt % Co–20 wt % Pd) was pre-

pared by electron beam melting (EBM) high purity wires of Co

and Pd (ChemPur, 99.99%). The resulting alloy droplet was

rolled to a thickness of 280 μm in several steps. Between each

rolling step, the alloy was annealed for 1 h at 800 °C. From this

master alloy sample platelets were cut for dealloying and subse-

quent charging experiments.

The resistometric measurements were set up similar to our work

on nanoporous platinum [12,13]. To sum up briefly, the rectan-

gular sample (ca. 12 × 3 mm2) was immersed into the elec-

trolyte hanging on five Pd wires, glued onto the platelet. The

mid-positioned wire served as working-electrode contact

connected to a PGZ-100 potentiostat (Radiometer Analytical),

the other wires were connected to a Keithley 2400 Source Meter

for four-point resistometry.

For dilatometry a square shaped sample platelet (ca. 5 × 5 mm2)

was placed under the pushrod of a Linseis L75 vertical

dilatometer applying a constant pressure of 100 mN. A well-

annealed, flattened Pd wire served as working electrode contact

to an Autolab PGSTAT204 potentiostat.

Electrochemical charging was performed at room temperature

using commercial Ag/AgCl (saturated KCl) reference elec-

trodes, related to which all potentials UAg/AgCl will be stated.

Co–Pd was dealloyed in 0.1 M H2SO4 under the same condi-

tions as in [5], which were shown to yield porous structures

with pore diameters of 5–20 nm [5] and very low residual Co

concentrations [6]. Correspondingly hydrogen concentrations

were calculated assuming Co-free samples in the following.

With this assumption a specific surface area of about 30 m2/g

was determined electrochemically for np-Pd from monolayer

adsorption of oxygen, following a procedure presented in detail

in reference [14]. All electrochemical experiments subsequent

to dealloying were performed in a 1 M solution of KOH, a

highly porous carbon fabric contacted by a Pd wire served as

counter electrode. The property variations of np-Pd upon elec-

Figure 1: Cyclic voltammetry of np-Pd with a scan rate of 1 mV/s, re-
corded between potentials UAg/AgCl of −1000 mV and +400 mV (a) with
concommitant relative variations in electrical resistance (b) and sam-
ple thickness (c).

trochemical charging were calculated with respect to the sam-

ple resistance R0 and thickness L0 in the electrochemical double

layer regime.

Nanoporous metals freshly prepared by dealloying are in a

strongly oxidized condition, associated with particular physical

properties [12,13,15,16]. By suitable treatment, i.e., repeated

cyclic voltammetry (CV) in a wide potential range, the sample

can be reduced until finally a metallic CV behavior is reached

in a steady state. Figure 1a shows a steady-state CV performed

with a scan rate of 1 mV/s between potentials UAg/AgCl of

−1000 mV and +400 mV. As the potential varies triangularly,



Beilstein J. Nanotechnol. 2016, 7, 1197–1201.

1199

the CV curve is run through clockwise, while resistance

changes up to almost 30% (Figure 1b) and thickness variations

of about 0.5% (Figure 1c) occur. Occasionally visible spikes in

the otherwise smooth cyclic voltammogram are caused by coin-

ciding resistometric measuring pulses, which have to be suffi-

ciently high for accurate resistance results. This causes certain

irregularities in the CV curve, yet does not interfere with the

property-tuning experiment.

In the double layer and oxygen regime (potentials between

−550 mV and +400 mV) the property variations are similar to

previous observations for porous nanophase metals: Increasing

sample thicknesses and resistances upon positive scan are

considered to be caused by charging-induced modifications in

the atomic bindings [17-20] and charge-carrier scattering

[13,16,21] at the metal surface, respectively. The hydrogen

regime, situated at potentials between −1000 mV and −550 mV,

which is particularly interesting due to the extraordinary

H-absorption properties of Pd, is associated with resistance

variations ΔR/R0 of approximately 7% and a thickness increase

ΔL/L0 of about 0.5%.

This regime was investigated in more detail by cyclic voltam-

metry at a very slow scan rate of 0.1 mV/s. Figure 2 shows the

relative variations of electrical resistance and sample thickness

as functions of the imposed charge Q, determined by continu-

ously integrating the charging current, corrected for minor leak-

ages by subtracting a constant factor determined from the cycle

to cycle offset. Resistance and length changes reveal remark-

able similarities, both exhibiting two regions of different slope,

attributed to hydrogen adsorption followed by hydrogen absorp-

tion at higher imposed charges. For dilatometry (Figure 2b)

these results agree fairly well with the behavior of consolidated

palladium nanoparticles, which was discussed within an electro-

capillary coupling model by Viswanath and co-workers [8].

For the resistance variation (Figure 2a), the total charge flow of

about −1.2 A·s arises from a transfer of about −0.3 A·s in the

adsorption and −0.9 A·s in the absorption regime. Converting

the latter into the absorbed hydrogen concentration c yields a

H/Pd atomic ratio of about 5%, associated with a variation of R

of about 9.6%. At such low hydrogen concentrations, the elec-

trical resistance of bulk Pd is particularly sensitive to hydrogen

absorption. Values for the resistance coefficient (ΔR/R0)/c

deduced from literature data range from 1.8 [9] to 2.3 [10].

The matching of these values with the present resistance coeffi-

cient (ΔR/R0)/c=1.9 of np-Pd is, however, surprising: Since

nanoporous metals possess a high initial resistance, governed by

surface scattering processes [16], a lower sensitivity to addition-

al scattering centers inside the crystal due to absorbed hydro-

Figure 2: Charge dependence of relative electrical resistance (a) and
sample thickness (b) upon cyclic voltammetry in the hydrogen regime
at potentials UAg/AgCl between −1000 mV and −550 mV.

gen would be expected. An additional resistance contribution by

adsorbates might arise in the present case, in analogy to the

oxygen regime of porous nanophase metals [16,21].This is,

however, unlikely as the variations of R during adsorption are

small. The striking similarities between ΔR/R0 and ΔL/L0

suggest that actuation might influence R: An expansion during

hydrogenation may disconnect electrical contacts in the nanopo-

rous network, leading to a resistance increase. Such a mechani-

cal effect would also explain the noisy R-signal due to imme-

diate resistance changes caused by opening/closing connections.

Since extraordinarily strong actuation properties were reported

quite recently for nanoporous Pd produced by free corrosion

[4], the dilatometric measurements were extended to higher

hydrogen concentrations by employing different charging pa-

rameters (Table 1). Before each loading experiment, the sample

was activated by a CV similar to Figure 1. Hydrogen was

absorbed either voltage-controlled at constant potentials be-

tween −900 mV and −1050 mV, or current-controlled by
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Table 1: Dilatometrically monitoring hydrogen absorption upon
voltage-controlled charging procedures at quoted voltages UAg/AgCl or
current-controlled charging at quoted currents, resulting in a final H/Pd
atomic ratio cf associated with a final thickness increase (ΔL)f/L0 (see
Figure 3).

parameters time [min] cf (ΔL)f/L0 [%]

−900 mV 60
120

0.12
0.11

0.49
0.42

−950 mV 60
120

0.14
0.14

0.54
0.55

−1000 mV 60
120

0.35
0.45

2.90
4.05

−1050 mV 60
120

0.51
0.57

4.71
5.11

−5 mA 60 0.58 5.35
−2 mA 150 0.58 5.06

Figure 3: Thickness variations (ΔL)f/L0 of np-Pd upon loading experi-
ments up to different final hydrogen concentrations characterized by
the H/Pd atomic ratio cf (see Table 1).

applying a constant current and in both cases subsequently

desorbed at a constant potential of −400 mV for 120 min. The

stored amount of hydrogen was determined by integrating the

discharging current. The length changes measured along with

the hydrogen charging are plotted in Figure 3.

Upon charging to a H/Pd ratio of almost 60%, a thickness

increase of about 5% was observed, representing the highest

electrochemically induced actuation reported for a dealloyed

material so far. This variation is not only significantly higher

than predicted by literature data for bulk Pd [7], according to

which an approximately linear variation of only about 3.5%

would be expected at this concentration, but also exceeds the

maximum hydrogen solubility as well as the relative sensitivity

of actuator response to hydrogen loading of recently investigat-

ed nanoporous palladium produced by free corrosion of an

Al–Pd master alloy [4].

While the maximum hydrogen solubilities show a strong varia-

tion with the charging parameters, such as the chosen elec-

trolyte and applied potential, the strong sample expansion upon

hydrogenation is directly related to the nanoporosity of np-Pd,

i.e., its high surface-to-volume ratio. Since nanoporous Pd pos-

sesses very fine pore sizes of 5–20 nm [5,22,23], which strongly

depend on the dealloying parameters, a significant fraction of

the total H absorption takes place on sites close to the surface.

Being subjected to significantly lower constraints than atomic

layers inside the bulk, superficial planes may show stronger

outward relaxation during hydrogen uptake, similar to the sur-

face-chemistry-driven actuation behavior known for nanopo-

rous gold, which is caused by alterations in the atomic bindings

in superficial atomic layers [19].

In conclusion, resistometry and dilatometry represent two effi-

cient, independent methods to characterize the hydrogen con-

centration in nanoporous palladium. The volume expansion of

nanoporous palladium upon hydrogen absorption is stronger

than predicted by literature data, which might be due to the high

surface-to-volume ratio in the nanoporous samples. Resistance

variations of almost 10% could be achieved upon absorbing

approximately 5% H/Pd during cyclic voltammetry. Besides

scattering processes also a resistance contribution by actuation

in the nanostructure was discussed. To give a brief outlook, the

H absorption behavior of np-Pd should be studied systemati-

cally with regards to different master alloy compositions and

dealloying parameters. Moreover the experiments might be ex-

tended to higher hydrogen concentrations by using acidic elec-

trolytes in future experiments.
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Abstract
Hollow carbon spheres (HCS) with a nanoporous shell are promising for the use in lithium–sulfur batteries because of the large

internal void offering space for sulfur and polysulfide storage and confinement. However, there is an ongoing discussion whether

the cavity is accessible for sulfur. Yet no valid proof of cavity filling has been presented, mostly due to application of unsuitable

high-vacuum methods for the analysis of sulfur distribution. Here we describe the distribution of sulfur in hollow carbon spheres by

powder X-ray diffraction and Raman spectroscopy along with results from scanning electron microscopy and nitrogen physisorp-

tion. The results of these methods lead to the conclusion that the cavity is not accessible for sulfur infiltration. Nevertheless, HCS/

sulfur composite cathodes with areal sulfur loadings of 2.0 mg·cm−2 were investigated electrochemically, showing stable cycling

performance with specific capacities of about 500 mAh·g−1 based on the mass of sulfur over 500 cycles.

1229

Introduction
In the past 20 years, rechargeable lithium–ion batteries have

proven to be superior energy storage devices and have been

subject of intensive research [1-3]. However, being limited by a

theoretical specific capacity of the active materials of approxi-

mately 300 mAh·g−1, their storage capacity is not sufficient to

serve as the primary energy source of domains such as long-
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Figure 1: Synthesis of the hollow carbon spheres via impregnation of silica spheres with solid core and mesoporous shell, followed by carbonization
and etching of silica.

range automotive transport [4,5]. Due to the high theoretical

specific capacity (1675 mAh·g−1) and specific energy

(2600 Wh·kg−1) of sulfur the lithium–sulfur (Li–S) battery is a

promising candidate to overcome this limitation and, thus,

replace the Li–ion system [4,6]. Besides, sulfur offers the

advantages of being naturally abundant, non-toxic and of low

cost.

Nevertheless, the Li–S cell is facing several problems that have

to be settled for industrial application. One is the insulating

nature of sulfur and its discharge product lithium sulfide (Li2S),

which leads to a low utilization of active material [7-9].

Another problem is the solubility of the lithium polysulfides

(Li2Sx, 3 ≤ x ≤ 8) formed as intermediate products during

charge and discharge in the commonly used organic elec-

trolytes. The dissolved polysulfides shuttle between the cathode

and anode and cause the deposition of insoluble Li2S2 and Li2S

on both upon further reduction at the end of discharge. In conse-

quence, the cell suffers from low Coulombic efficiency and

short cycle life [8,10,11]. The third drawback is a volume

expansion of about 80% during discharge, resulting from the

lower density and thus higher molar volume of lithium sulfide

(28.0 cm3·mol−1 compared to 15.5 cm3·mol−1 for sulfur) [12].

This can lead to the loss of electrical contact of Li2S with the

conducting additive or the current collector [9].

Cathode materials composed of porous carbon and sulfur show

promising results with regard to overcoming these problems.

Thus, a lot of research has been carried out on nanostructured

carbon hosts for sulfur storage including carbon fibers [13,14],

carbon nanotubes [15,16], graphene/graphene oxide [17-19] as

well as micro-/mesoporous carbons [20-22]. Among the porous

carbons, especially hollow carbon spheres (HCS) have at-

tracted significant attention because sulfur and the resulting

polysulfides can be confined in the shell while the large cavity

offers room for sulfur storage and volume expansion during dis-

charge [23-31].

However, there is an ongoing discussion on the location of

sulfur in the hollow spheres. It remains unclear at present,

whether the cavity and the micro- or mesopores of the shell are

both accessible for sulfur infiltration. The analysis of sulfur dis-

tribution in the literature is usually conducted by energy disper-

sive X-ray spectroscopy (EDX) measurements using either a

transmission electron microscope (TEM) or a scanning electron

microscope (SEM). Although revealing similarities in the main

characteristics, the conclusions being drawn are rather contra-

dictory [24-31]. A problem may arise from the high spatial

mobility of sulfur species under vacuum conditions. Raiß et al.

examined the behavior of sulfur in the presence of carbon in

high vacuum and found that sulfur is redistributing rapidly.

They concluded that for this reason, the analysis of carbon/

sulfur composites by means of vacuum-based methods can be

misleading [32].

In this work, we present the analysis of sulfur distribution in

hollow carbon spheres with a mesoporous shell by combining

the results from non-vacuum methods, namely X-ray diffrac-

tion (XRD) and Raman spectroscopy, with those from vacuum-

based ones (SEM and nitrogen physisorption). Moreover, we

examined the influence of the pressure during melt impregna-

tion on the distribution of sulfur and compared the resulting

loading and distribution with composites obtained by impregna-

tion from a solution of sulfur in carbon disulfide. Finally,

the electrochemical performance of HCS/sulfur composite

cathodes with a sulfur areal loading of 2.0 mg·cm−2 was investi-

gated.

Results and Discussion
Silica template and hollow carbon spheres
Hollow carbon spheres with a mesoporous shell were obtained

by impregnation of silica spheres with a core–shell structure

with phenol and formaldehyde (first step in Figure 1).

Carbonization under inert atmosphere and etching of the tem-

plate yielded the hollow spheres (second and third step in

Figure 1).

The employed silica spheres with a solid core and mesoporous

shell (SCMS silica) were synthesized in two steps by modified

literature methods [33,34]. Solid silica spheres were synthe-

sized by the Stöber method [35]. In the second step a meso-

porous shell was grown on the spheres by employing tetraethyl

orthosilicate in presence of cetyltrimethylammonium bromide

(CTAB) as a structure-directing agent. Combustion of CTAB in
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Figure 2: a) SEM and b) TEM images of mesoporous hollow carbon spheres. Inset: larger magnification of the shell of a hollow sphere.

Figure 3: a) Small-angle and b) wide-angle XRD patterns as well as c) Raman spectrum of hollow carbon spheres.

air generated the core–shell silica spheres. The diameter of the

solid core was determined to be 380 nm by dynamic light scat-

tering, while the diameter of the core–shell particles was about

515 nm. From SEM images (Figure S1 in Supporting Informa-

tion File 1) a diameter of about 490 nm was determined for the

core–shell spheres. Further characterization of the SCMS silica

can be found in Supporting Information File 1 (Figure S2).

SEM and TEM images of HCS synthesized from SCMS silica

(Figure 2) show that the particle size is uniform with an outer

diameter of approximately 400 nm, an inner diameter of about

300 nm and a shell thickness of roughly 40 to 50 nm. Moreover,

the shell of the HCS has an appearance typical of a material

composed of disordered mesopores. The disordered structure is

supported by the small-angle X-ray diffraction pattern of the

hollow spheres (Figure 3a), which does not show any reflec-

tions between 2θ = 0.5° and 2θ = 10°.

The wide-angle X-ray diffraction pattern (Figure 3b) shows two

broad reflections that result from the interlayer and intralayer

scattering of graphene sheets. From the fact that they are broad

and little pronounced it can be concluded that the degree of

graphitization is low and the carbon is mainly amorphous

[36,37]. This is confirmed by the Raman spectrum (Figure 3c),

which shows two bands centered at 1597 cm−1 (G band) and

1340 cm−1 (D band) typical of carbon with small graphitic

domains. The G band results from the in-plane stretching of

sp2-bonded (graphitic) carbon atoms, while the D band is in-

duced by defects and disorder in the carbon structure [38].

From the nitrogen physisorption isotherm (Figure 4a) of the

HCS a Brunauer–Emmet–Teller (BET) surface of 1123 m2·g−1

can be determined. The pore size distribution (Figure 4b) was

calculated by a quenched solid density functional theory

(QSDFT) model from the adsorption branch and shows that the

mesopore diameter of the spheres is approximately 5 nm. The

adsorbed volume of nitrogen gas is not reaching a plateau at

high relative pressures but is increasing steeply at a pressure of

p/p0 higher than 0.9. This is because of the large inner cavity of

the hollow spheres, the volume of which cannot be determined
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Figure 4: a) Nitrogen physisorption isotherm (measured at 77 K), b) pore size distribution and c) cumulative pore volume of hollow carbon spheres.
Pore size distribution and cumulative pore volume were obtained from the isotherm by QSDFT analysis.

by nitrogen physisorption. And this in turn makes it impossible

to determine the total pore volume of the HCS [39]. To assess

the pore volume of the shell, however, the cumulative pore

volume (Figure 4c) of pores in the meso-range can be used as

an estimate. As the shell thickness is about 40 nm, it can be

assumed that the pore volume of the shell originates from pores

smaller than that. To be sure not to take into account too much

of the cavity volume, the pore volume of the shell was esti-

mated from the cumulative pore volume of pores up to 30 nm,

which adds up to 1.06 cm3·g−1. The micropores (pores smaller

than 2 nm) contribute 0.13 cm3·g−1 to this volume.

The microporosity of carbonaceous materials can be deter-

mined more appropriately by carbon dioxide physisorption.

From carbon dioxide physisorption measurements (see Figure

S3 in Supporting Information File 1 for the isotherm, pore size

distribution and cumulative pore volume) it can be concluded

that the HCS contain a considerable amount of pores smaller

than 1.5 nm. The cumulative pore volume of these small pores

is as high as 0.26 cm3·g−1, which is significantly higher than the

0.13 cm3·g−1 determined by nitrogen physisorption for pores

smaller than 2 nm.

Carbon/sulfur composites
To get an impression of how much sulfur can be loaded into the

pores and the cavities of the hollow carbon spheres, we calcu-

lated which sulfur loadings can be reached by either filling only

the pores of the shell of the HCS or by filling the pores of the

shell and the cavity.

The maximum mass of sulfur msulfur that can be incorporated

into the shell by melt impregnation can be calculated by multi-

plication of the pore volume Vpores of the shell (1.06 cm3 for 1 g

HCS) with the density of liquid sulfur (ρsulfur = 1.819 g·cm−3)

[12].

(1)

This means, that by filling just the shell of HCS, 1.93 g sulfur

can be loaded into 1 g of HCS, corresponding to a sulfur

loading wsulfur of 65 wt %. The latter value was calculated by

using Equation 2, where mHCS is the mass of the hollow carbon

spheres.

(2)

The maximum sulfur loading for the case that both the cavity

and the shell of HCS are filled by sulfur can also be calculated

when considering the pore volume of the shell Vpores and the

volume of the cavities by taking into account the geometry of a

sphere. The derivation of the resulting Equation 3 can be found

in Supporting Information File 1. The constant C is given by

Equation 4.

(3)

(4)

In Equation 4, ρcarbon represents the density of carbon without

pores, ri is the radius of the cavity (the inner radius of the

hollow sphere) and ro is the outer radius of the sphere.

Because the maximum sulfur loading by melt impregnation

is calculated, the density of liquid sulfur is used again. The

density of the carbon is unknown, but as the HCS are obtained
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Table 1: Water, sulfur and carbon content of HCS, HCS/sulfur composites and elemental sulfur determined by thermogravimetric measurements as
well as the residual mass after thermogravimetry.a

sample water content / % sulfur content / % carbon content / % residual mass / %

HCS 2.3 — 96.0 2.0
elemental sulfur — 99.5 — 0.6
HCS-29-melt 1.0 29.2 68.3 1.9
HCS-38-melt 0.6 37.9 60.6 0.8
HCS-49-melt — 48.6 50.5 0.5
HCS-59-melt 0.2 59.1 39.2 1.5
HCS-68-melt — 68.3 30.1 1.6
HCS-58-vac — 58.0 41.2 1.0
HCS-67-vac — 66.5 31.7 2.3
HCS-59-press — 58.8 39.5 1.2
HCS-67-press — 67.2 31.2 2.2
HCS-53-solb — 53.0 45.4 1.2
HCS-76-solb — 76.0 23.0 1.7

aValues that add up to more than 100% are due to the measuring inaccuracy of thermogravimetry.
bMass ratios obtained by impregnation from solution differ from those obtained by the other methods because carbon disulfide evaporated fast, thus
changing the concentration of the solution.

by carbonization at 900 °C and the XRD pattern indicates

mainly amorphous carbon, the density of amorphous carbon

(ρamorphousC = 1.8 g·cm−3) [12] is assumed. This way a

sulfur loading of 81 wt % is obtained. For comparison, the

possible sulfur loadings were also determined using the densi-

ties of graphite (ρgraphite = 2.30 g·cm−3) [12] and charcoal

(ρcharcoal = 0.56 g·cm−3) [12]. These calculations led to values

of 80 wt % and 86 wt %, respectively. Consequently, it can be

concluded that a sulfur loading between 80 wt % and 86 wt %

can be reached by filling both the shell and the cavity of HCS

with sulfur.

To monitor the filling of the hollow spheres, they were loaded

with sulfur in mass ratios of carbon to sulfur ranging from

70:30 to 30:70 by a melt impregnation method at 155 °C.

For comparison, samples with sulfur loadings of 60 wt % and

70 wt % were also prepared in vacuum and under increased

pressure. Moreover, impregnation of HCS with sulfur from a

solution containing sulfur in carbon disulfide was carried

out repeatedly so that sulfur loadings close to 60 and 70 wt %

were obtained. The mass fractions of carbon and sulfur in the

composites were determined by thermogravimetric measure-

ments (see Figure S5 in Supporting Information File 1) and the

corresponding values are given in Table 1. Samples are denoted

as HCS-x-method, where x indicates the exact amount of

sulfur and method specifies the impregnation method. The term

“melt” stands for melt impregnation at ambient pressure, “vac”

for melt impregnation in vacuum, “press” indicates impregna-

tion under increased pressure and “sol” stands for the impregna-

tion from solution. It is worth noting that even the composite

with the highest fraction of sulfur (HCS-76-sol) contains less

sulfur than can theoretically be filled into the pore volume of

cavity and shell, which would be at least 80 wt % (see calcula-

tions above).

X-ray diffraction
The HCS/sulfur composites were investigated by powder X-ray

diffraction (pXRD). The wide-angle XRD patterns of the sam-

ples impregnated at ambient pressure (Figure 5a) show that up

to a sulfur content of 60 wt % there are only the broad reflec-

tions of amorphous carbon visible. In the literature this behav-

ior is attributed to sulfur being dispersed in mesopores, thereby

losing its crystallinity [22,40]. For a sulfur content of 70 wt %

however, reflections of crystalline sulfur can be seen. For the

samples impregnated with sulfur in vacuum (Figure 5b), under

increased pressure (Figure 5c) and from solution (Figure 5d),

the XRD patterns look similar: For a sulfur content of less than

60 wt % no reflections are visible, while diffraction peaks of

crystalline sulfur can be observed when the sulfur content is

approximately 70 wt %.

There are two possible explanations for the existence of crys-

talline sulfur in the composites. The first is that sulfur fills the

cavities of the HCS leading to larger crystallites than in the

mesopores of the shell. The second explanation is that sulfur

accumulates on the outside of the hollow spheres, thus showing

bulk-like behavior. Given that no broadening of the sulfur

reflections due to nano-sized crystallites can be observed, we

conclude that the crystalline sulfur is only present on the outside

of HCS.
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Figure 5: Powder X-ray diffraction patterns of HCS loaded with different amounts of sulfur by a) melt impregnation at ambient pressure, b) melt
impregnation in vacuum, c) melt impregnation under increased pressure and d) impregnation from a solution of sulfur in carbon disulfide.

Raman spectroscopy
Raman spectroscopy (Figure 6) shows results similar to those

obtained by pXRD measurements. For carbon/sulfur compos-

ites with sulfur contents below 60 wt %, the characteristic bands

resulting from the vibrations of S8 cannot be observed, while

they are visible at least in some of the composites containing

more than 60 wt % sulfur. This behavior has also been reported

in the literature [41-43] but could not yet be explained satisfac-

torily. However, as these observations are in good agreement

with the results from pXRD, it can be assumed, that the lack of

Raman bands might also be due to confinement effects. Thus,

the appearance of bands at high sulfur loadings could also be

explained either by sulfur filling the cavities of HCS or by

sulfur accumulating on the outside of the spheres.

SEM and EDX
SEM images of HCS-58-vac and HCS-67-vac (Figure 7a,b)

which can be seen as representative examples of the compos-

ites studied here (see Figure S6 and Figure S7 in Supporting

Information File 1 for the others), show that the sample mor-

phology is significantly different depending on the sulfur

content. SEM images of samples containing less than 60 wt %

sulfur only show carbon spheres regardless of the impregnation

method. SEM images of the composites containing 67 wt %

sulfur or more indicate the presence of a second phase. This

phase is darker than the spheres and is extended over large

areas. Exemplary, EDX measurements of the hollow spheres

and the second phase in HCS-67-vac are shown in Figure 7c;

the measured areas and corresponding EDX spectra are marked
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Figure 6: Raman spectra of HCS loaded with different amounts of sulfur by a) melt impregnation at ambient pressure, b) melt impregnation in
vacuum, c) melt impregnation under increased pressure and d) impregnation from a solution of sulfur in carbon disulfide.

Figure 7: SEM images of a) HCS-58-vac, b) HCS-67-vac, and c) EDX spectra of HCS-67-vac (measured areas are marked red and blue, respective-
ly).
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Table 2: Pore volume of HCS and HCS/sulfur composites measured by nitrogen physisorption and theoretical pore volume of the composites calcu-
lated from the pore volume of HCS and the volume of the impregnated amount of sulfur.

sample measured pore volume / cm3·g−1 theoretical pore volume / cm3·g−1

HCS 1.06 —
HCS-29-melt 0.57 0.58
HCS-38-melt 0.39 0.44
HCS-49-melt 0.23 0.27
HCS-59-melt 0.08 0.09
HCS-58-vac 0.07 0.12
HCS-59-press 0.08 0.10
HCS-53-sol 0.17 0.19

in red and blue. When comparing the EDX peaks of sulfur and

carbon in both areas, it can be clearly seen that there is a larger

amount of sulfur present in the darker areas than in the sulfur-

loaded HCS. Thus, it can be assumed that the second phase

consists of molten and recrystallized sulfur. The amount of car-

bon that is still measureable in this area is due to the deposition

of an additional carbon layer onto the samples prior to EDX

analysis. EDX spectra for HCS-68-melt, HCS-67-press and

HCS-76-sol can be found in Supporting Information File 1

(Figure S7). As these large accumulations of sulfur can only be

found in samples with the highest sulfur contents, we assume

that this result is not due to sulfur redistribution in vacuum

during the SEM/EDX analysis. It also helps to explain the ap-

pearance of sulfur reflections in pXRD and characteristic sulfur

bands in the Raman spectra. Keeping in mind that the shell of

HCS is supposed to hold about 66 wt % sulfur while the com-

plete hollow spheres should be able to contain as much as

80 wt % sulfur, we conclude from the results with pXRD,

Raman spectroscopy and SEM/EDX that only the shell of HCS

can be filled by sulfur. Using more sulfur to eventually fill the

cavity leads to crystalline sulfur on the outside of HCS.

Nitrogen physisorption
Nitrogen physisorption measurements of the composites also

confirm the inaccessibility of the HCS cavity for sulfur. Never-

theless, the results have to be handled with care because of the

vacuum applied while degassing and measuring the samples.

From the physisorption isotherms the pore volume of the shell

of the HCS/sulfur composites can be determined in the same

way as that of the pure hollow spheres (see Figure S8 in Sup-

porting Information File 1 for the physisorption isotherms and

plots of cumulative pore volumes). For comparison, a theoreti-

cal pore volume can be calculated from the pore volume of

HCS and the volume of the impregnated sulfur according to

Equation 5 (for the derivation see Supporting Information

File 1). The density of liquid sulfur was used for the calculation

of the theoretical pore volumes because both the state and struc-

ture of sulfur in nanopores are unknown.

(5)

The calculation was carried out for all samples containing less

than 60 wt % sulfur as the others contain a sulfur volume higher

than the pore volume of the shell. Table 2 gives the pore

volumes of HCS and HCS/sulfur composites determined from

nitrogen physisorption and the calculated pore volumes. Inter-

estingly, the measured pore volume is always lower than the

calculated value. This might be due to the fact that some pores

are blocked by sulfur and thus, are no longer accessible for

nitrogen gas during the measurements. We believe that the

strong capillary forces on liquids/melts in the mesopores are re-

sponsible for the pore blocking effect. Once sulfur has filled the

mesopores there is no further driving force for filling of the

cavities, and only the mesoporous shell is filled with sulfur.

Electrochemical characterization
Since we could show that, for a HCS/sulfur ratio of approxi-

mately 40:60, the sulfur is completely incorporated in the

porous carbon, electrochemical testing was performed on coin-

type cells using HCS/sulfur composite containing 61 wt %

sulfur as cathode material. The voltage range was 2.5–1.7 V

with respect to Li/Li+. Representative charge–discharge curves

for the first, 100th and 500th cycles of a cell with areal sulfur

loading of 2.0 mg·cm−2 are shown in Figure 8a. This intermedi-

ate loading was chosen in order to ensure competitive areal

capacities. Moreover, electrodes with higher sulfur loadings,

especially with increased electrode thickness are prone to severe

degradation, as the mechanical stress and the interfacial resis-

tance are increased. Two distinct plateaus at about 2.3 V and

2.1 V are clearly visible upon discharge, corresponding to the

reduction of elemental sulfur to higher-order lithium polysul-

fides (Li2Sx with 6 ≤ x ≤ 8) and formation of lower-order lithi-

um polysulfide species (Li2Sy with 2 ≤ y ≤ 6) and Li2S, respec-

tively. The plateau at 1.8 V in the first discharge cycle at C/50
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rate can be ascribed to lithium nitrate decomposition at the

cathode side [44]. The charge curve shows two plateaus at

about 2.2 V and 2.4 V, indicating the reoxidation of lithium

polysulfides to sulfur. Figure 8b presents data on the long term

performance at C/5. As can be seen, the specific capacity (areal

capacity) levels off at about 500 mAh·g−1 (1 mAh·cm−2) after

60 cycles, and the cell exhibits rather stable performance for

500 cycles with a fade rate of 0.06% per cycle (between the 2nd

and 500th cycle at C/5). Also, the Coulombic efficiency stabi-

lizes above 99.5%, thereby indicating good reversibility.

Figure 8: a) Voltage profiles of a Li–S cell with areal sulfur loading of
2.0 mg·cm−2. After the formation cycle at C/50, the rate was increased
to C/5. b) Areal capacity and Coulombic efficiency versus the cycle
number. The 1st cycle areal capacity was about 2.8 mAh·cm−2.

The measured areal capacities are comparable with those calcu-

lated from literature data [24,27,29]. Nevertheless, due to differ-

ences in cell type, electrode and electrolyte composition as well

as electrolyte/sulfur ratio, a precise comparison is not possible.

Even more, as necessary information for this comparison like

the electrolyte/sulfur ratio and partly also the areal sulfur

loading are often not given.

Overall, the data in Figure 8 demonstrate that Li–S cells based

on HCS/sulfur composite show good cyclability, with moderate

specific capacities at C/5 rate. Given that the results were ob-

tained on non-optimized cathodes, this is a good starting point

for future research in this direction.

Conclusion
Hollow carbon spheres with a mesoporous shell were loaded

with different amounts of sulfur by melt impregnation at

ambient pressure, in vacuum and under increased pressure as

well as from a solution of sulfur in carbon disulfide. By com-

bining calculations considering the mesopore volume of the

shell and the size of the cavity with results from pXRD, Raman

spectroscopy and SEM, it could be concluded that the cavity of

HCS is not filled by sulfur regardless of the impregnation

method. This is an important result as the analysis of HCS/

sulfur composites is usually carried out by EDX measurements

during which sulfur can redistribute due to the vacuum applied.

Although the cavity of the HCS remains empty during sulfur

loading, batteries using HCS/sulfur composite with 61 wt %

sulfur and with reasonably high sulfur loading of 2.0 mg·cm−2

showed stable electrochemical performance over 500 cycles. It

seems possible that the empty cavity has a positive effect on

polysulfide confinement. In summary, the HCS employed in

this work are a promising system capable of storing and

retaining significant amounts of sulfur, thus ensuring stable per-

formance upon prolonged cycling.

Experimental details
Synthesis of hollow carbon spheres
Synthesis of silica template
Silica spheres with a solid core and mesoporous shell were syn-

thesized according to a modification of literature methods in a

two-step procedure [33,34]. For synthesis of the core, 536 mL

of ethanol were mixed with 45 mL of aqueous ammonia (32%)

and 6.8 mL of deionized water. After stirring for 30 min, 24 mL

of tetraethyl orthosilicate (TEOS) were added and the mixture

was stirred at room temperature for 18 h. The resulting suspen-

sion was diluted with 1200 mL of deionized water and 180 mL

of a solution of cetyltrimethylammonium bromide (0.11 mol/L

in a 2:1 mixture of water and ethanol) was added. The suspen-

sion was stirred at room temperature for one hour before

13.5 mL of TEOS were added dropwise. After stirring for

another 18 h at room temperature, the suspension was neutral-

ized with hydrochloric acid (32%) to precipitate the core–shell
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particles. The precipitate was centrifuged and dried at 60 °C

before removing the surfactant by calcination at 550 °C for 6 h

in air.

Synthesis of hollow carbon spheres
The synthesis of hollow carbon spheres was carried out by a

combination and modification of literature methods [45,46].

Phenol (3.52 g) was melted at 45 °C and 615 μL of a 20 wt %

sodium hydroxide aqueous solution were added to the liquid

phenol. The solution was stirred for 15 min (with a KPG

stirrer). After adding 5.6 mL of formalin (37 wt % formalde-

hyde) and further stirring for 5 min, 9.59 g of ground silica tem-

plate were added. The mixture was heated to 75 °C and stirred

for 1.5 h. The polymer/silica composite was dried in vacuum

and polymerized in an oven at 100 °C for 24 h. The particles

were washed with water and dried at 60 °C. Carbonization was

carried out in a tubular furnace under argon atmosphere in two

steps: The sample was heated to 350 °C for 5 h (heating rate:

1 °C/min) and 900 °C for 2 h (heating rate: 5 °C/min). The

silica template was removed by washing with hydrofluoric acid

(10%). The samples were washed with deionized water and

ethanol and dried at 100 °C. The removal of the silica template

was assured by thermal combustion of the carbon in air. The

template was considered removed when the residual mass was

less than 2 wt %.

Preparation of carbon/sulfur composites
Carbon/sulfur composites were prepared in four different ways.

1. Melt impregnation: HCS and sulfur were ground

together in distinct weight ratios, sealed in a flask and

heated to 155 °C for 12 h.

2. Melt impregnation in vacuum: HCS and sulfur were

ground together in distinct weight ratios, sealed in a

flask, evacuated to a pressure of 1.1∙10−4 bar and heated

to 125 °C for 12 h at this pressure.

3. Melt impregnation under pressure: HCS and sulfur were

ground together in distinct weight ratios and placed in a

Teflon lined steel autoclave filled to 90% capacity with

water. The autoclave was sealed and the sample was

heated to 155 °C for 12 h. This temperature and degree

of filling with water creates a pressure of approximately

7 bar (measured by heating water in a microwave and

monitoring the resulting pressure).

4. Impregnation from solution: HCS were ground for

several minutes with a 0.62 M solution of sulfur in car-

bon disulfide. The volume of solution was chosen in

accordance to the absolute pore volume of the applied

amount of carbon. After drying the composite at room

temperature the procedure was repeated until the desired

amount of sulfur was achieved.

Electrode processing, cell assembling and
electrochemical testing
A mixture of the carbon/sulfur composite powder (83 wt %),

Super C65 (Timcal, 6 wt %), Printex XE2 (Orion, 6 wt %) and

poly(vinyl alcohol) Selvol 425 (Sekisui, 5 wt %) in water,

isopropanol and 1-methoxy-2-propanol (65:30:5 weight ratio)

was prepared to form a homogeneous slurry. The slurry coating

and drying procedure are described elsewhere [47,48].

50–60 µm thick electrodes with a sulfur loading of approx.

2.0 mg·cm−2 were used for testing. Sulfur cathode, polyeth-

ylene membrane (Toray Tonen, 15 mm) and lithium foil

(Chemetall Foote Corp., 50 µm) were assembled in coin-type

cells inside an argon-filled glovebox from MBraun. The elec-

trolyte used was a solution of lithium bis(trifluoromethane-

sulfonyl)imide (Aldrich, 99.95%, 8 wt %), lithium nitrate

(Merck, 99.995%, 4 wt %), 1,2-dimethoxyethane (Alfa Aesar,

>99%, 44 wt %), and 1,3-dioxolane (Acros, 99.8%, 44 wt %).

The volume of electrolyte used in the cell was 10 μL/mgsulfur.

Galvanostatic measurements were performed at 25 °C in the

potential range of 2.5–1.7 V versus Li/Li+ using a MACCOR

Series 4000 (Tulsa, Oklahoma) multichannel battery cycler.

A constant voltage step was applied at the end of charging

until a current drop of 90% was achieved. Capacity values in

the manuscript were calculated on the basis of the sulfur

mass. After the formation cycle at a C/50 rate (with 1C =

1672 mA/gsulfur) was completed, the cells were charged and

discharged at C/5.

Characterization methods
Dynamic light scattering was measured with a Malvern Nano

ZS using a HeNe gas laser with a wavelength of 633 nm.

X-ray diffraction patterns were recorded with a PANalytical

X'Pert Pro MPD using Cu Kα radiation (λ = 1.5406 Å, 45 kV,

40 mA).

Thermogravimetric measurements of the samples were carried

out on a Netzsch STA 409 at a heating rate of 5 °C/min in air.

Nitrogen physisorption measurements were performed on a

Quantachrome Quadrasorb-SI-MP instrument at 77.4 K. Pore

size distributions were calculated from the adsorption branch by

a non-local density functional theory (NLDFT) model assuming

cylindrical pores for silica samples and by a quenched solid

density functional theory model assuming slit pores for pores

smaller than 2 nm and cylindrical pores for pores larger than

2 nm for carbon samples. The specific surface area was calcu-

lated from the adsorption branch in a relative pressure interval

from 0.07 to 0.30 by the BET method. Carbon dioxide physi-

sorption was conducted on a Quantachrome Autosorb-iQ-MP

instrument at 273.15 K. The pore size distribution was calcu-
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lated by an NLDFT model assuming slit pores with a moving

point average of three. Degassing prior to the physisorption

measurements was carried out in vacuum at 120 °C for 20 h for

carbon samples and at room temperature for 20 h for carbon/

sulfur composites.

Scanning electron microscopy images were taken on a Zeiss

Leo 1525 microscope operated at 5 kV and 20 kV for EDX

analysis. A carbon layer of approximately 20 nm was deposited

onto the samples prior to EDX measurements.

Transmission electron microscopy was carried out using a

JEOL JEM 2200 FS operated at 200 kV.

Raman spectra were recorded on a Bruker Senterra Raman

microscope (λ = 532 nm, P = 2 mW).

Supporting Information
Supporting Information contains characterization of the

silica template (SEM, pXRD, nitrogen physisorption), CO2

physisorption of HCS as well as thermal analysis,

SEM/EDX analysis and nitrogen physisorption of

HCS/sulfur composites and derivation of Equation 3 and

Equation 4.

Supporting Information File 1
Additional Information.

[http://www.beilstein-journals.org/bjnano/content/

supplementary/2190-4286-7-114-S1.pdf]
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Abstract
Carbon nanotubes (CNTs) have atomically smooth surfaces and tend not to form covalent bonds with composite matrix materials.

Thus, it is the magnitude of the CNT/fiber interfacial strength that limits the amount of nanomechanical interlocking when using

conventional CNTs to improve the structural behavior of composite materials through reinforcement. This arises from two well-

known, long standing problems in this research field: (a) inhomogeneous dispersion of the filler, which can lead to aggregation and

(b) insufficient reinforcement arising from bonding interactions between the filler and the matrix. These dispersion and reinforce-

ment issues could be addressed by using branched multiwalled carbon nanotubes (b-MWCNTs) as it is known that branched fibers

can greatly enhance interfacial bonding and dispersability. Therefore, the use of b-MWCNTs would lead to improved mechanical

performance and, in the case of conductive composites, improved electrical performance if the CNT filler was better dispersed and

connected. This will provide major benefits to the existing commercial application of CNT-reinforced composites in electrostatic

discharge materials (ESD): There would be also potential usage for energy conversion, e.g., in supercapacitors, solar cells and

Li-ion batteries. However, the limited availability of b-MWCNTs has, to date, restricted their use in such technological applica-

tions. Herein, we report an inexpensive and simple method to fabricate large amounts of branched-MWCNTs, which opens the door

to a multitude of possible applications.

1260

Introduction
Lighter, stronger materials such as nanocarbon composites offer

benefits for applications such as transport, energy storage/

conversion and bone/tooth replacement. Hence, the mechanical

properties of CNTs are utilized in reinforcing polymer compos-

ites [1-4], and their electrical conductivity is utilized for con-

ducting polymers [4-6]. Under tensile load only the outermost
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layers of MWCNTs are involved as the relatively weak (van der

Waals) bonding between the outer layers and the inner layers

leads to slippage – the so called “sword in sheath” failure mech-

anism, which reduces the load-bearing capacity [1,7]. However,

under compressive load this slippage leads to the very useful

elastic deformation of MWCNTs [8,9].

For all nanoscale reinforcing component materials (NRCMs) in-

cluding nanocarbons such as graphene, there remain two well-

known, long standing issues which are widely recognized as

being critical for the development of mechanically efficient

nanocomposites: a) inhomogeneous dispersion of the filler [10]

and (b) insufficient strength of the interphase between the filler

and the matrix [11]. However, these issues can be addressed by

utilizing branched multiwalled carbon nanotubes (b-MWCNTs).

It is known from theory and simulation experiments [12-14]

that branched fibers can greatly enhance interfacial bonding and

dispersability. Such an approach is exemplified by the process

of adding straw (branched plant fibers) to mud to make stronger

bricks which has been used since the Neolithic period, i.e.,

before 3400 BC [15]. More recently, Masselter et al. have

correlated the functional morphology of branching in plants

with mechanical behavior and concluded that the concepts

generated have a high potential for implementation in the devel-

opment of branched fiber-reinforced technical composites [16].

With respect to electrical and electronic properties, it is well

known that in carbon nanotube networks the junction resistance

controls the overall performance [17]. Therefore, in addition to

b-MWCNTs/composite applications, the enhanced electrical

properties of networks arising within this new material has

major potential benefits for design, development and produc-

tion of supercapacitors, solar cells and Li-ion batteries.

The first experimental observation of branched carbon nano-

tubes appears to have been in 1995, when after using an arc-dis-

charge method L-, Y- and T-shaped MWCNTs were produced

[18]. Subsequently, branched CNTs have been fabricated using

a variety of methods, which include pyrolysis of metallocenes

[19,20], nanowelding [21], catalytic CVD [22,23], carbon infil-

tration of MWCNTs [24], templating [25] and chemical functio-

nalization [26]. However, none of these methods are easily

industrially scalable. Herein, we report a cheap and simple

method to fabricate large amounts of branched MWCNTs in

order to address the well-known problems of adequate disper-

sion and sufficiently strong interfacial bonding required for

large-scale applications.

As a starting material it was decided to use the commercially

available MWCNTs, namely Baytubes©. Other workers have

shown using high resolution transmission electron microscopy

(HRTEM) that Baytubes© are parallel-walled in long closed

sections and that they are strong and relatively pure [27]. They

form around a catalyst and are supplied as loosely agglomer-

ated pellets (Figure 1), which has advantages regarding health,

safety and environment. According to the data sheet Baytubes©

belong to the category of short, thin tangled MWCNTs for

which no “fibre-like” pathogenic behaviour is expected based

on the available data. The MWCNTs used in this research were

Baytubes© C 150P (Bayer Material Science A.G., Leverkusen,

Germany).

Results and Discussion
The idea of this work is to “unzip” the MWCNTs and to allow

them to re-roll and form branched MWCNTs. This works for

MWCNTs like Baytubes©, because they have parallel sides [27]

and so they can unzip to form layered nanoribbons. Since they

are in long closed sections (Figure 1d) we can assume that the

end of these sections acts like a “rip-stop” so that the unzipped

tubes can re-roll from these points to form branched structures

(Figure 2a–c). The Raman spectra of the as-received MWCNTs

(bottom spectrum) and of the branched-MWCNTs (top spec-

trum) are shown in (Figure 2d). Both sets of spectra are typical

of MWCNTs and the ID/IG values [28,29] of the as-received

MWCNTs and the b-MWCNTs are 1.26 and 1.43, respectively.

This indicates that they both have very similar defect densities.

The mechanism of unzipping MWCNTs to form graphene

nanoribbons is well known from research by Hirsch [30] and

Dai et al. [31] but the procedure is complex and the yield is low

[32-34]. However, as we show here, if the aim is to make

branched-MWCNT then the procedure is much simpler. Thus,

as-received MWCNTs were heated to 500 °C, which results in

the introduction of defects that later act as the “unzipping”

points. The procedure has the additional benefit of cleaning the

tubes as substantiated from the Raman (Figure 2d) and HRTEM

data (Figure 3) confirming the absence of carbon impurities or

residual catalyst material. The heated MWCNTs were then

sonicated in ethanol which causes the MWCNTs to unzip and

re-roll. Figure 4 shows a suggested schematic sequence in

agreement with observations by Kaner et al. [35] and Geim [36]

indicating that nanoribbons tend to re-roll unless prevented

from doing so.

Dispersions of the starting MWCNTs and b-MWCNTs were

compared by dispersing 1 mg of each material in 4 mL of

ethanol. These dispersions were then centrifuged at 3500g for

2 h and then left to stand for 24 h. The liquid suspensions are

shown in Figure 5. The b-MWCNTs clearly show better

dispersability compared to the starting MWCNTs.

As no surfactants or expensive polymers are needed for this

process, it can be described as inexpensive and easy and it
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Figure 1: a) SEM overview of a Baytubes agglomerated pellet; b, c) SEM details of the MWCNTs; d) TEM detail of typical MWCNTs.

Figure 2: a) Helium ion microscope (HeIM) overview of b-MWCNTs and b) HeIM detail of b-MWCNTs; c) SEM detail of unzipped and branched-
MWCNTs; d) Raman spectra of as received MWCNTs (bottom spectrum) and b-MWCNTs (top spectrum) – both at 532 nm.



Beilstein J. Nanotechnol. 2016, 7, 1260–1266.

1263

Figure 3: a) HRTEM overview of branched-MWCNTs and b) HRTEM detail of Y-pattern b-MWCNTs; c, d) HRTEM detail of T-pattern b-MWCNTs.

Figure 4: A schematic diagram of the suggested “unzipping” and “re-
rolling” sequence: a) formation of unzipping point; b) onset of unzip-
ping; c) unzipping and onset of peeling of inner parallel tubes; d) outer
layers peeling out as a sheet; e) onset of re-rolling of outer layers.

results in clean b-MWCNTs (Figure 3). The yield is estimated

(using the methodology by Dai et al. [31]) to be about 60%

branched MWCNTs. The Y-branched MWCNTs fabricated

here (Figure 3b) obey geometric conservation laws that are

consistent with earlier theory [37] in that the angle between two

neighboring branches should be 120°. Therefore, in this

instance theory and experiment are in agreement, even though

this agreement is not “perfect” as in practice defects will

certainly be present.

Figure 5: (a) Dispersion of MWCNTs starting material; (b) dispersion
of b-MWCNTs.

The unzipping and re-rolling process appears to reduce the

number of walls on the MWCNTs compared to those for the

as-received tubes (Figure 1d) and it is also possible that some of

the tubes re-roll to form carbon nano-scrolls (CNS) [35,38-40].

This possibility is evidenced in Figure 3c where the number of

walls of the three parts of the “T” pattern does not meet the

“Russian Doll” MWCNTs requirement of N (left) = N (right) +
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Figure 6: TEM overview of a) thin MWCNTs starting material and b) graphene nanoribbons after treatment.

N (down) or N (right) = N (left) + N (down). The Raman spec-

tra show that the b-MWCNTs have a similar defect density as

the starting material, which shows that the material has not been

damaged by the fabrication procedure. The EDX analysis of the

MWCNTs starting material is 100% carbon (the data sheet indi-

cates a carbon purity of over 95%). The EDX analysis of the

branched-MWNTs is 96% carbon and 4% oxygen. This is

consistent with the initial heating in air, which removes amor-

phous impurities and etches/oxidizes the MWCNTs at defect

sites without damaging the sidewalls [31]. In many nanocarbon

material applications the presence of residual surfactant or

organic residues can be a problem, but this is not the case here.

The experimental procedure produces b-MWCNTs when using

thick MWCNTs (more than a few walls). However, when the

same procedure is used with thin MWCNTs (e.g., triple-walled

MWCNTs, Figure 6a), synthesised by a “water-assisted” CVD

method [41], graphene nanoribbons are produced in small

yields (Figure 6b) which is consistent with earlier works by

Hirsch [30] and Dai et al. [31].

Conclusion
In summary, we have described herein a new, simple and cheap

route to fabricate large amounts of branched MWCNTs using

widely available commercial MWCNTs. We have demon-

strated a facile procedure for making clean branched nanostruc-

tures and this opens promising avenues for the development and

manufacturing of nanocarbon composites for a variety of com-

mercial applications. The fabrication and testing of composite

materials with branched MWCNTs as well as measurements of

electrical conductivity are currently in progress.

Experimental
The MWCNTs used in this research were Baytubes© C 150P

(Lot-No E0009AA007, Drum-No 033), supplied by Bayer Ma-

terial Science A.G. (Leverkusen, Germany).

Preparation of b-MWCNTs
Commercial MWCNTs were heated in air to 500 °C for 2 h to

give the “stage I”-modified MWCNTs. Then a small amount of

these were sonicated in ethanol (30 mL) for 8 h (ultrasonic

denerator, model GSCVP 150 at ca. 80% power). The disper-

sion was centrifuged at 3500g for 90 min to give the “stage II”-

modified MWCNTs, which are the b-MWCNTs. The super-

natant was spotted onto lacey carbon Cu TEM grids and onto

polished Si chips for subsequent characterization.

Preparation of graphene nanoribbons
A “water-assisted” CVD process as reported earlier [41,42] was

used to fabricate thin walled MWCNTs (ca. three walls), which

were subsequently heated in air to 500 °C for 2 h. Subsequently,

ca. 10 mg of this material was sonicated (UP200s Dr. Hielscher,

200 W, 24 Hz, 0.5 cycles, 60% amplitude) in ethanol (4 mL) for

1 h. The resultant dispersion was spotted onto plain Cu TEM

grids and polished Si chips for subsequent characterization.

Characterization
Quality and morphology of the fabricated branched nanostruc-

tures were scrutinised by Raman spectroscopy (Renishaw

inVia), TEM (Tecnai F20 ST at 200 kV), HRTEM (Jeol ARM

at 120 kV), SEM (Zeiss Ultra-Plus at 5 kV), SEM (Zeiss Leo

1530 at 10 kV with Oxford X-Max 50 EDX ) and helium ion

microscopy (HeIM, Zeiss Orion at 30 kV).
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Abstract
By analyzing the problem of high pressure torsion (HPT) in the rigid plastic formulation, we show that the power hardening law of

plastically deformed materials leads to self-similarity of HPT, admitting a simple mathematical description of the process. The anal-

ysis shows that the main parameters of HPT are proportional to βq, with β being the angle of the anvil rotation. The meaning of the

parameter q is: q = 0 for velocity and strain rate, q = 1 for shear strain and von Mises strain, q = n for stress, pressure and torque (n

is the exponent of a power hardening law). We conclude that if the hardening law is a power law in a rotation interval β, self-simi-

lar regimes can emerge in HPT if the friction with the lateral wall of the die is not too high. In these intervals a simple mathemat-

ical description can be applied based on self-similarity. Outside these ranges, the plasticity problem still has to be solved for each

value of β. The results obtained have important practical implications for the proper design and analysis of HPT experiments.
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Introduction
High pressure torsion (HPT) is a severe plastic deformation

process, which is widely used for producing nanocrystalline

metals and alloys [1-3]. The generally accepted theory of HPT

is based on the assumptions of uniformity of simple shear defor-

mation along the height of the specimen and that there is no

slippage between the sample and the anvils. This theory gives a

simple expression for the shear strain

(1)

where β is the torsion angle of the anvil, r is the radial position

and H is the height of the disc.

However, a number of recent experiments and numerical simu-

lations show that the true plastic flow during HPT can differ

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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significantly from the theoretical predictions given by the

simple scheme above. In particular, in [4,5] a problem of

coupled phase transformations and plastic flows under torsion at

high pressure in a rotational diamond anvil cell was investigat-

ed. It has been shown that not only the stress, but the strain state

of the sample are strongly dependent on the rheological proper-

ties of the material. In addition, it has been shown that the

assumption of no slippage between the sample and the anvils is

too simple in some cases, and leads to significant errors in the

description of phase transformations. A correct approach to take

into account the slippage in finite element simulations has been

developed in [4,5]. A simple analytical model taking into

account the slippage has been offered in [6]. It leads to an equa-

tion similar to Equation 1 for shear strain with a factor decreas-

ing the angle of rotation of the sample due to slippage. The

same result was obtained experimentally in [7].

The effect of the elasticity of the anvils on the geometry of the

sample and the distribution of the shear strain has been investi-

gated in [8-10]. In particular, it was shown in [10] that the sam-

ples are further deformed during unloading of the anvils and

this produces a peak in the strain in the central region of the

disc.

Finite element modeling is used in [11,12] to show variations of

the stress–strain state along the height of the specimen. In par-

ticular strong shear strain localization near the contact surface

between sample and anvil was quantified in [12]. In [13] a dead

zone is found along the border of the specimen. A double-swirl

pattern in the plane perpendicular to the torsion axis is experi-

mentally shown in [14].

The above results point out the fact that plastic flow during

HPT may have a fairly complex behavior, which should be

taken into account when investigating materials obtained by this

method. Thus, the following question can be raised: Under what

conditions can HPT be modeled in a simple manner?

We will call an HPT process simple if the shear strain in every

point of the specimen is a linear function of the torsion angle of

the anvil, i.e.,

(2)

where Φ(r,z) is a differentiable function of r and z, and z is the

coordinate along the specimen axis as shown below in Figure 1.

This relationship generalizes Equation 1 by inheriting its main

property: the separation between the dependency on β and the

dependency on r and z. According to Equation 2, once we have

Φ(r,z), we have a tool for calculating γ at every point of the

specimen, for any value of the torsion angle. This is exactly

what makes HPT simple. If, on the other hand, one cannot sepa-

rate the β-dependence from the dependence on the coordinates,

i.e., γ = Γ(r,z,β), then, in order to compute γ, one has to solve a

plasticity problem for every angle β. This is what makes the

process complex in terms of its mathematical description.

The question what makes a complex physical process simple to

describe emerges naturally, and the answer often has to do with

the self-similarity of the process [15]. Self-similarity makes a

complex process simple to describe because the process just

repeats itself at different scales of time or space. For example,

the self-similarity of powerful blast waves has allowed

G. I. Taylor to predict damage from nuclear explosions even

before such damage was observed for the first time. These

results were obtained at the beginning of 1941 but were declas-

sified only in 1950 [16]. Many other examples of simple de-

scriptions of complex processes based on their self-similarity

are given in [15].

In this work we investigate plastic flow during constrained

HPT. We show that, within the rigid plastic framework, the

problem we are considering has a self-similar solution if the

deformed material satisfies a power hardening law. In this case,

the shear strain is a linear function of the torsion angle of the

anvil and can be described by Equation 2. We analyze different

properties of self-similar regimes of HPT, and show that the

self-similarity of HPT at the macro-level is connected to the

self-similarity of the structure of the material at the micro-level

hypothesized in [17].

Model
1 Rigid plastic flow formulation for HPT
Figure 1 schematically shows the constrained HPT process [2].

Figure 1: Schematic geometry of the constrained HPT process (the
notation is defined in the main text).
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Within the rigid plastic flow framework [18], the definition of

the stress–strain state (SSS) during HPT is reduced to solving a

set of equations in the cylindrical coordinate system, r, φ, z (see

Figure 1), including (a) the equilibrium equations obtained from

div(σ) = 0:

(3)

(b) the relations between the components of the strain rate

tensor and the velocity vector:

(4)

(c) the von Mises plasticity condition:

(5)

(d) the associated flow rule:

(6)

and (e) the constant volume condition:

(7)

where σij and  with i = r,φ,z; j = r,φ,z are the components of

the stress and strain rate tensors respectively; νi with i = r,φ,z

are the components of the velocity vector; σ = 1/3·σij·δij is the

hydrostatic stress,

is the equivalent stress,  is the von Mises

strain rate, and σs(eM) is the flow stress of the material that

depends on the von Mises strain:

(8)

The set of Equations 3–7 is solved under the following bound-

ary conditions:

(9)

where m is the friction coefficient and ω is the torsion rate of

the anvil.

Under the terms of Equation 9 we believe there is no slippage in

the contact between the sample and the surface planes of the

anvils. According to the experiments in [7] this can always be

achieved by applying a sufficiently high pressure. In subsection

2, we will show that under certain conditions, the HPT problem

has a self-similar solution both with and without slippage.

The torsion angle β does not explicitly appear in Equations 3–7

but the problem is time-dependent because the flow stress σs

depends on the von Mises strain eM, which in turn increases

with β according to Equation 8.

The global solution of Equations 4–9 has the following form:

(10)

where x is the position vector.

2 A self-similar solution of the rigid plastic
flow problem for HPT
Let y = f(x,t) describe the spatial distribution of a quantity y as a

function of time t, where x is the spatial coordinate. The process

is called self-similar, if the spatial distribution of y at any time t

can be obtained from a reference solution at time t0 by a simple

similarity transformation:

(11)

where T(t) is time-dependent.

Thus, the spatial distribution of y varies with time while

remaining always geometrically similar to itself. This defini-

tion generalizes the concept of similarity in geometry where
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two figures are called similar if one can be obtained from the

other by uniformly scaling along all dimensions [15].

It can be shown [15] that a self-similar process satisfies the

following scaling law:

(12)

where k is a parameter.

This scaling law suggests that a self-similar solution to the HPT

problem should have the following form:

(13)

where g and q are parameters to be defined, and  and

 represent a solution to the problem for a given torsion

angle β0.

In the following it will be shown that, under certain conditions,

the relationships in Equation 13 satisfy the set of Equations 3–7

and the boundary conditions in Equation 9, i.e., the HPT prob-

lem has a self-similar solution.

We look for a self-similar velocity field in the following form:

(14)

It can be readily seen that such a velocity field automatically

satisfies the condition of constant volume (Equation 7) and also

the boundary conditions (Equation 9) for vr and vz. According

to Equation 9, when z = 0, the value of vφ does not depend on β.

This implies that q = 0, i.e., a self-similar velocity field under

HPT should not depend on the torsion angle of the anvil. In this

case, the components of the strain-rate tensor have the

following form:

(15)

(16)

(17)

Under these conditions the von Mises strain rate is defined by:

(18)

Inserting this expression into Equation 8 it can be seen that if

HPT is self-similar, the von Mises strain in every point of the

specimen is a linear function of the torsion angle β:

(19)

Now we determine the components of the stress tensor for

self-similar flow. They should satisfy the set of equilibrium

equations (Equation 3), the von Mises plasticity condition

(Equation 5) and the associated flow rule (Equation 6). The

latter, with Equations 15–17, gives:

(20)

(21)

(22)

(23)

It can be readily seen that the right hand sides of Equation 22

and Equation 23 scale with β only when the material hardens

according to a power law (where von Mises strain is a linear

function of β in Equation 19):

(24)

where A and n are parameters. Inserting Equation 24 and Equa-

tion 19 into Equation 22 and Equation 23, we get:
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(25)

(26)

where

(27)

(28)

Comparing Equation 25 and Equation 26 with Equation 13, we

obtain: g = n.

According to Equation 20 and Equation 21, and using the

torsional symmetry (derivatives with respect to φ are 0), Equa-

tion 3a and Equation 3c have the following form:

(29)

Thus, according to Equation 20, the normal stresses do not

depend on the coordinates. We obtain:

(30)

where P is the pressure applied in HPT.

By virtue of the torsional symmetry and using Equation 25 and

Equation 26, Equation 3c becomes:

(31)

Inserting this into Equation 27 and Equation 28, and after some

algebraic manipulations, a second order partial differential

equation is obtained:

(32)

where

Equation 32 is a steady-state diffusion equation [19], where u

represents the concentration, and the function Φ, which depends

on the absolute value of the gradient of the concentration and on

the radius r, serves as the diffusion coefficient. According to

Equation 9, the boundary conditions for Equation 32 are the

following:

(33)

(34)

The equation gives another boundary condition for σrφ when

r = R, 0 < z < H (see Equation 9). After inserting Equation 23

and doing some algebraic operations, we get:

(35)

In [19] it is shown that the problem defined by Equations 32–35

has a unique solution. Thus, if the hardening law has a power

form, the problem of rigid plastic flow in HPT has a self-simi-

lar solution, according to which the following relations hold for

the velocity vector

(36)

for the strain rate tensor

(37)

the von Mises strain

(38)
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and the shear stress

(39)

where the exponent n is equal to the exponent in the hardening

law of the material, while the function u = u(r,z) is the solution

of Equations 32–35.

It follows from Equation 39 that if the evolution of the process

is self-similar, the torque M(β) during HPT satisfies a power

law, i.e.,:

(40)

If the hardening law does not satisfy a power law form, there is

no self-similar solution.

When there is no friction on the cylindrical surface of the anvil

(m = 0) a solution of Equations 32–35 can be readily obtained

for an ideally plastic material (n = 0). This case is of interest

because due to saturation in strain hardening, metals are

perfectly plastic in the high strain regime [20,21]. One can

verify by direct substitution that when n = 0 and m = 0, the

function u = [(H – z)/H]·ω satisfies the differential Equation 32

and the boundary conditions (Equations 33–35). In this case, the

sample is deformed by a simple shear pattern and the fields of

velocity, strain rate and stress do not depend on the rotation

angle. Furthermore, Equation 38 for the von Mises strain

simplifies to the well-known formula

The simple theoretical scheme based on simple shear is a

special case of a self-similar solution of the HPT process.

Please note that simple shear can only be homogeneous along

the height of the specimen. If this is not the case, then

 and Equation 31 would imply that  (to

satisfy the equilibrium Equation 31), consequently, for any

shear in the plane φz there is always some shear in the plane φr.

We note that all the arguments in this section are formally valid

not only when ω = const, but also when this parameter is a func-

tion of the radius. It can then be represented in the form

ω(r) = k(r)ω. One can interpret ω(r) as an angular velocity of

the metal on the surface plane of the anvil. If k is equal to 1

there is no slippage. If k is smaller than 1 the possibility of slip-

page is taken into account. Hence, k can be called “slippage

coefficient”. Thus, all conclusions about the self-similarity of

the HPT process made above are valid when the slippage coeffi-

cient is constant or a given function of r only.

We can conclude this section with the following interesting ob-

servation. It has been shown in [22] that the power-law hard-

ening is originating from the self-similarity of the microstruc-

ture, while it has been shown in the present work that the self-

similarity of HPT at the macro-level requires power-law hard-

ening, Thus, there is a relationship between self-similarities at

different scales in HPT: Self-similarity at the micro-level is a

physical cause of self-similarity at the macro-level.

Results of numerical simulations
In subsection 2 of the section “Model” it has been shown that if

the hardening law of the material has a power-law form, the

HPT process must evolve in a self-similar fashion, and its pa-

rameters must have a power dependence on the torsion angle of

the anvil (satisfying the scaling law). For the velocity field and

the strain-rate field, the exponent is 0 in this case (the right hand

sides of Equation 36 and Equation 37 do not depend on β). For

shear strain and for von Mises strain, the exponent is 1 (see

Equation 38). Finally, for shear stress and torque, the exponent

is equal to the exponent of the hardening law (see Equation 39

and Equation 40).

The second-order differential Equation 32 cannot be solved ana-

lytically. Therefore, numerical simulations are needed to iden-

tify self-similar solutions. In this section, we illustrate this

conclusion by finding a numerical solution to a concrete HPT

problem using the finite element method. Moreover, we will use

numerical modeling to show that whenever a given hardening

curve has an interval of power dependence, the process will

enter a self-similar regime. The regime persists for some time

(for an interval of rotation) and then disappears.

All calculations were done using the DEFORM software em-

ploying a 2D axisymmetric torsion model [23]. The number of

initial meshes for the workpiece was 10,000, which was suffi-

cient to explore the local deformation behavior. There was no

need to update the mesh because it remained undistorted during

the simulation. The process is described in Figure 1. The

geometric parameters were H = 3 mm and R = 10 mm. All

calculations were done assuming the rigid plastic flow model
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Figure 2: Strain hardening curves used in the numerical simulations. (a): Curve 2 is the experimentally measured stress–strain curve [24] and curve 1
is a fit by the power function σ [MPa] = 740e0.18. (b): log–log Plot of (a) showing that curve 1 is a good approximation of curve 2 in some interval.

Table 1: Conditions of the numerical simulations.

simulation condition a b c d

hardening curve power law (curve 1) power law (curve 1) no power law (curve 2) no power law (curve 2)
friction, m 0 0.25 0 0.25

with strain hardening curves displayed in Figure 2. Curve 1 is

experimentally measured [24] for compacted iron powder.

Curve 2 is a power function σ [MPa] = 740e0.18, providing a

good fit to Curve 1 in the interval between 0.5 to 5.0, see also in

the log–log plot (Figure 2b).

We considered two values for the friction coefficient m on the

side surface of the bottom anvil: m = 0.25 and m = 0. The first

case simulates a high-friction case while the second corre-

sponds to low friction on the side surface. A description of our

numerical simulation conditions are given in Table 1. The

results of the simulations are displayed in Figures 3–5.

Analysis of the simulation results obtained by
power-law hardening (cases a and b)
These cases revealed self-similar regimes for HPT, in complete

accord with the results of the analysis presented in subsection 2

of section “Model”. Indeed, as can be seen in Figure 3a,b, the

strain-rate field does not change as the torsion angle increases.

This implies that the strain depends linearly on β, at any point

of the specimen. This linear dependence is illustrated in

Figure 4a,b for five characteristic points shown in Figure 1. The

plots in Figure 5 show that the logarithm of the torque depends

linearly on the logarithm of the β. This means that the torque is

a power function of β. The exponent in both (a) and (b) is the

respective exponent of the hardening law: n = 0.18.

The numerical calculations are in accordance with the analysis

of subsection 2 of section “Model”: Self-similarity is caused

precisely by a power law form of the hardening curve, while

friction at the side surface of the specimen affects only the de-

pendence of the stress–strain state on the spatial coordinates. If

there is no friction (regime a), the stress–strain state is uniform

along the height of the specimen.

Analysis of the results of the numerical
simulations using a hardening curve with an
interval of power-law dependence (cases c
and d)
In the case of low friction (m = 0), the strain-rate field is con-

stant in some interval of β (Figure 3c). The plot of ln M as a

function of ln β coincides with the straight line in the same

interval (see Figure 5c). The exponent in this straight line is the

respective exponent in the hardening law, namely n = 0.18.

Thus, HPT has a self-similar behavior within this interval of β.

If the friction coefficient is large (m = 0.25), the interval of self-

similarity is practically nonexistent (see Figure 3c, Figure 4c

and Figure 5c).

Based on the simulation results, we can conclude that when the

hardening law has a power law interval, self-similar regimes

can emerge in HPT in some ranges of β when side-wall friction
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Figure 3: Maps of the von Mises strain rate in the (r,z) plane for different rotation angles β. An index above each figure corresponds to the index of
the respective case in Table 1.

is small. This intermediate self-similarity guarantees a simple

mathematical description of the process in the corresponding β

range. Outside this range, the plasticity problem has to be

solved for each value of β, since the simple power-law function

dependencies are not valid outside the interval. In particular,

in order to calculate the shear strain, we cannot use the

linear dependencies of Equation 1 and Equation 2, which, ac-

cording to Figure 4c,d, give results that are substantially

different from the results obtained numerically. In the absence

of self-similarity, the strain value depends on the hardening

curve.

Discussion
We have shown in subsection 2 of the section “Model” that the

uniform simple shear state along the height of the specimen is a

solution of the HPT problem in the case of ideally plastic mate-

rial when there is no friction on the cylindrical surface of the

anvil. On the other hand, according to Figure 3c the saturation

in hardening in HPT (see curve 2 in Figure 2) leads to a locali-

zation of the deformation in two thin layers near the plain sur-

faces of the anvils. One can verify by direct substitution that a

velocity field in the form of two thin layers of simple shear sep-

arated by a cylindrical rigid zone is also a solution of the HPT

problem for a perfectly plastic body when m = 0. This is a

known problem of non-uniqueness of solutions of the problem

of the ideal rigid plastic body [25]. A well-known method for

the regularization of this problem is introducing viscosity [25]

that allows for the allocation of only one velocity field. In the

case of large deformation of metals under HPT, such regulariza-

tion has a physical justification. It is due to the fact that the flow

stress of metallic materials in a sub-microcrystalline state sig-

nificantly depends on the strain rate, even at room temperature.

For this reason, there is need in the future to find self-similar

regimes of HPT in the frame of a viscoplastic model.

A natural question arises: What do these results imply for the

practice of HPT processing? This paper shows that, under

certain conditions, HPT evolves in a self-similar way, admit-

ting a simple mathematical description. This means that for

some range of torsion angles (henceforth, scaling range), the

HPT parameters are proportional to (β/β0)q, where β0 is an arbi-

trary angle that belongs to the scaling range (e.g., its median),

q = 0 for velocity and strain rate, q = 1 for shear strain and for

von Mises strain, q = n for shear stress and torque (where n is

the exponent of the power-law function approximating the hard-

ening curve in the given interval).
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Figure 4: Dependence of the von Mises strain on β in points 1–5 shown in Figure 1. The indices a, b, c and d correspond to the simulation conditions
shown in Table 1.

Figure 5: Dependence of torque on β in log–log coordinates. Each
curve is indexed with the index of the respective conditions given in
Table 1.

To apply this result to HPT in practice, let us formulate the

following scaling hypothesis: If, experimentally, there is a

range of torsion angles where the torque is a power function

of the angle, then the process is self-similar in this range. We

give a concrete example illustrating the application of this

hypothesis.

We have performed HPT experiments with different materials.

We used anvils of different types together with different sam-

ple sizes. The experimental conditions are presented in Table 2.

Figure 6 shows a log–log plot of the dependence of the torque

on β, for different alloys.

In all plots in Figure 6, there are clear linear intervals testifying

that at some stage of the process, the dependence of the moment

on β has a power form. Table 3 gives scaling ranges of beta and

their respective exponents.
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Table 2: The conditions of the HPT experiments.

1 2 3 4 5

material Ti Grade 1 Cu8Ag Steel C45 Al10Mg 77Ni23Cu
anvil type

specimen size Ø10 × 0.2 mm Ø10 × 0.2 mm Ø8 × 0.4 mm Ø10 × 0.2 mm Ø12 × 0.15 mm
pressure, GPa 7 4.5 6 5 7
rotation, rpm 1 1 1 1 1
temperature, °C 20 20 380 20 20

Table 3: Scaling ranges and their respective exponents.

Ti Grade 1 Cu8Ag Steel C45 Al10Mg 77Ni23Cu

n 0.278 0.231 0.186 0.09 0.273
self-similarity starts rad 0.18 0.09 0.15 0.10 0.30

turns 0.028 0.015 0.024 0.016 0.048
self-similarity stops rad 0.72 1.34 8.00 1.65 1.60

turns 0.11 0.21 1.27 0.26 0.25

Figure 6: Log–log plot of the dependence of the torque on β, obtained
from experimental data.

In the scaling ranges in Table 2, the slope n of the tangent line

is equal to the exponent of the hardening curve, while the shear

strain in any point of the specimen is given by the formula:

(41)

Here Φ(r,z) is the shear strain distribution in the specimen when

β = β0.

Conclusion
This paper shows that HPT admits a simple mathematical

description when the deformed material hardens according

to a power function. In this case, the process is self-similar,

and all its parameters have a power form dependence on

the torsion angle β of the anvil. In particular, the shear strain

in any point of the specimen is a linear function of the torsion

angle β.

When the hardening curve has an interval that is well approxi-

mated by a power function, HPT can become self-similar in the

corresponding range of β. According to the scaling hypothesis

formulated in the Discussion section, this range corresponds to

the interval where the plot of ln M as a function of ln β can be

well approximated by a straight line.

To conclude, any simple scaling expressions for HPT parame-

ters in terms of β are valid only in the scaling ranges. Outside

the scaling ranges, we still have to solve a plasticity problem to

determine the HPT parameters for each β value. In particular,

one cannot use Equation 1 and Equation 2 to compute shear

strain in this case.

In [22] the scaling nature of the power-law interval of

the hardening curve was established based on the self-

similarity of the microstructure. Therefore, self-similarity at

the micro-level is a physical reason of self-similarity at the

macro-level.
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Abstract
Magnetic nanocrystals with a narrow size distribution hold promise for many applications in different areas ranging from biomedi-

cine to electronics and energy storage. Herein, the microwave-assisted sol–gel synthesis and thorough characterization of size-

monodisperse zinc ferrite nanoparticles of spherical shape is reported. X-ray diffraction, 57Fe Mössbauer spectroscopy and X-ray

photoelectron spectroscopy all show that the material is both chemically and phase-pure and adopts a partially inverted spinel struc-

ture with Fe3+ ions residing on tetrahedral and octahedral sites according to (Zn0.32Fe0.68)tet[Zn0.68Fe1.32]octO4±δ. Electron micros-

copy and direct-current magnetometry confirm the size uniformity of the nanocrystals, while frequency-dependent alternating-cur-

rent magnetic susceptibility measurements indicate the presence of a superspin glass state with a freezing temperature of about

22 K. Furthermore, as demonstrated by galvanostatic charge–discharge tests and ex situ X-ray absorption near edge structure spec-

troscopy, the as-prepared zinc ferrite nanocrystals can be used as a high-capacity anode material for Li-ion batteries, showing little

capacity fade – after activation – over hundreds of cycles. Overall, in addition to the good material characteristics, it is remarkable

that the microwave-based synthetic route is simple, easily reproducible and scalable.
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Introduction
Spinel ferrites of the general formula MFe2O4 constitute a well-

known class of materials with unique physical and chemical

properties and they hold promise for use in various fields of

nanotechnology [1,2]. One of those properties is magnetism. In

recent years, it has been shown that particularly size-monodis-

perse nanoparticles provide an attractive platform for future

magnetic data storage and theranostics (that is, imaging and

therapy in biomedicine). The challenges and prospects in using

Fe-based nanoparticles for such applications have been de-

scribed in excellent papers elsewhere and will therefore not be

discussed here [3-8]. The magnetic properties of spinel ferrites

are known to be strongly dependent upon their size [9-11]. Part

of the reason for this is that, for example, significant spin

disorder occurs when the particle size is reduced to the

nanometer level. Nevertheless, the cation site occupancy also

plays a central role in the magnetism (exchange interactions)

and usually exhibits a variety among different synthesis

methods. Overall, this means that the magnetic properties

can be tailored to some extent by means of the preparation

conditions.

Furthermore, spinel ferrites have been shown to be capable

of reacting electrochemically with Li to form Li2O and

reduced metal phases [12-14]. However, bulk forms of

these materials have not proven to be of interest for battery

applications because of sluggish conversion reaction kinetics

and fast capacity decay on cycling. Since small-size

particles can better accommodate the strain from the Li inser-

tion, nanocrystallinity seems to be playing the key role to

achieving “good” charge storage characteristics or, in other

words, high performance.

Various synthetic methods to produce single-phase spinel ferrite

nanoparticles have been reported in the literature, including

hydrothermal, mechanochemical and sol–gel routes (to

name but a few) [15-19], and in particular solution-phase

approaches seem promising with respect to exercising control

over size and shape [20,21]. As an example, the preparation of

uniform 4–8 nm diameter MFe2O4 (M = Fe, Co, Mn, Ni)

nanoparticles has been achieved by microwave-assisted

nonaqueous sol–gel synthesis using benzyl alcohol as a high-

boiling solvent [22,23]. Inspired by this work, we show here

that high-quality and size-monodisperse zinc ferrite (referred to

as ZFO in the following) nanocrystals can be produced via

facile microwave synthesis by the use of rac-1-phenylethanol.

1-Phenylethanol exhibits excellent solvent properties –

especially for anhydrous zinc acetate – and therefore

ensures that both salt precursors are completely dissolved, so

that the formation of impurity phases, such as Fe3O4, can be

avoided.

Experimental
Synthesis
In a typical synthesis, anhydrous zinc acetate (91.7 mg, 99.99%,

Sigma-Aldrich) was dissolved by sonication in dry rac-1-

phenylethanol (15 mL, 98%, Sigma-Aldrich). Then, iron(III)

acetylacetonate (353.2 mg, 99.9%, Sigma-Aldrich) was added,

followed by sonication for 5 min. The resulting dark red solu-

tion was transferred to a borosilicate vial (30 mL), sealed with a

screw cap and heated at 200 °C under microwave irradiation for

25 min. The stirring rate was set to 300 rpm. After quenching

with compressed cold air, the ZFO nanoparticles were precipi-

tated by addition of n-pentane and collected by centrifugation,

followed by washing twice with a solution of acetone and

ethanol. Finally, the obtained brown powder was allowed to dry

at room temperature.

Microwave syntheses were performed using both Monowave

300 and Masterwave BTR reactors (f = 2.45 GHz, Anton Paar

Germany GmbH) equipped with either one or two 850 W

magnetrons. The temperature was monitored with a ruby ther-

mometer (fiber-optic probe) placed inside the reaction vial

(Monowave 300) and with an IR sensor (Pt100) mounted at the

bottom of the Masterwave BTR cavity. Pressure sensing was

accomplished by a hydraulic sensor.

Electrode processing
ZFO nanoparticle electrodes were prepared by casting a water

slurry containing 79 wt % ZFO, 11 wt % Super C65 carbon

black additive (Timcal) and 10 wt % Selvol 425 poly(vinyl

alcohol) (Sekisui) onto Cu foil (Gould Electronics), followed by

drying in vacuum at 80 °C for 12 h. The areal loading was

2.4 mgZFO/cm2 on average. Coin-type cells with 600 µm-thick

Li metal foil (Rockwood Lithium Inc.) and glass microfiber

film separator (Whatman, GF/D grade) were assembled

inside an argon-filled glovebox (MBraun) with [O2] and

[H2O] < 1 ppm. The electrolyte was 1 M LiPF6 in fluoro-

ethylene carbonate and ethyl methyl carbonate (1:1 weight

ratio). The cycling performance was evaluated at rates ranging

from C/10 to C/2 (1C = 1000.5 mA/gZFO).

Characterization
Powder X-ray diffraction patterns were recorded on a STOE

diffractometer with a Mo Kα1 radiation source, focusing Ge 111

monochromator and a Dectris Mythen strip detector. Rietveld

refinement was performed by use of the FullProf software.

X-ray photoelectron spectroscopy data were obtained on a

VersaProbe PHI 5000 Scanning ESCA Microprobe from Physi-

cal Electronics with an Al Kα radiation source and a hemispher-

ical electron energy analyzer. The C 1s signal from adventi-

tious hydrocarbon at 284.8 eV was used as the energy reference
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Figure 1: Electron microscopy of as-prepared ZFO nanoparticles. (a) Bright-field TEM image. (b) HRTEM image and (c) SAED pattern demonstrating
the crystallinity. Note that only the most intense diffraction rings are indexed in (c). (d) Relative and cumulative particle size distributions. The red line
is a log-normal fit to the data.

to correct for charging. Mössbauer spectroscopy was per-

formed in transmission geometry using a constant acceleration

spectrometer with a 57Co radiation source embedded in a Rh

matrix. The center shifts are quoted relative to α-Fe foil at room

temperature.  The spectra were analyzed using the

WinNORMOS software [24]. Transmission electron microsco-

py was performed on a Tecnai G2-F20ST microscope (FEI)

operated at 200 keV. The bright-field images were analyzed

using the iTEM software. Thermogravimetric analysis was per-

formed on a Netzsch STA 409 PC. The thermobalance was

coupled to a Balzers QMG 421 quadrupole mass spectrometer.

The ionization energy was 70 eV. Gas chromatography-mass

spectrometry was performed on an Agilent 6890 gas chromato-

graph equipped with an Agilent 5973 MSD. Diffuse reflectance

ultraviolet–visible spectra were collected on a Lambda 750

UV–vis–NIR spectrophotometer (PerkinElmer) equipped with a

Praying Mantis diffuse reflectance accessory. An MPMS XL-5

superconducting quantum interference device magnetometer

(Quantum Design) was used for magnetic susceptibility mea-

surements in the field range from +45 kOe (+4.5 T) to −45 kOe

(−4.5 T). Electrochemical measurements were performed in a

BINDER cooled incubator using a MACCOR Series 4000

cycler (Tulsa). 2D imaging of chemical phase transformations

at the nanoscale by full-field transmission X-ray microscopy

using a Carl Zeiss TXM and the corresponding data treatment

steps are described elsewhere [25]. To determine the oxidation

state of Fe, several different Fe-based compounds were

measured and used as the references. The fitting of X-ray

absorption near edge structure spectra is based on a least-

squares linear combination of reference spectra and was carried

out by use of TXM-XANES Wizard after normalization [26].

The quality of fits was assessed by the misfit factor, R.

Results and Discussion
Highly crystalline ZFO nanoparticles were prepared by micro-

wave-assisted nonaqueous sol–gel synthesis using anhydrous

zinc acetate and iron(III) acetylacetonate as the precursors and

rac-1-phenylethanol as a solvent. Details on the formation

mechanism from gas chromatography-mass spectrometry

(GC-MS) are given in Supporting Information File 1, Figure

S1–S4 and Table S1.

The size and shape of the ZFO nanoparticles was investigated

by means of transmission electron microscopy (TEM). The low-

magnification bright-field TEM image in Figure 1a shows that

they are spherical in shape with a narrow size distribution

around 4 nm. Both high-resolution TEM (HRTEM, Figure 1b)

and selected-area electron diffraction (SAED, Figure 1c)

demonstrate the high crystallinity of the ZFO nanoparticles. In

addition, SAED indicates that the sol–gel derived material is

single-phase and adopts a cubic structure. Figure 1d presents the

size distribution obtained by particle counting from TEM

images. These data can be fitted by a log-normal distribution

with a mean of 3.3 nm and standard deviation of 0.2 nm.

The microstructure of the as-prepared ZFO nanoparticles was

analyzed in more detail by powder X-ray diffraction (XRD).

The XRD pattern in Figure 2 corroborates the SAED results,

showing only reflections characteristic of spinel-type frankli-

nite with  space group (ICDD-JCPDS card no. 22-1012)

[27]. A fit applying a modified Thompson–Cox–Hastings

pseudo-Voigt profile function revealed lattice parameters of

a = b = c = 8.4141(7) Å and a crystallite size of 4(1) nm – in

line with the size distribution from particle counting. The

quality of the refinement (NIST Si 640c was used as the instru-

ment line-broadening standard) was assessed by the magnitude

of the weighted profile R-factor (Rwp = 8.0%) and the goodness-

of-fit parameter (χ2 = 0.463). The fact that the observed and

calculated XRD patterns match with each other well and the

latter values are low implies that the fit can be considered good.

As mentioned in the introduction, ZFO belongs to the spinel

ferrite family of the general formula AB2O4. The inversion pa-

rameter, λ, typically serves as a measure of the cation distribu-
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Figure 3: XPS spectra of the (a) Fe 2p, (b) O 1s and (c) C 1s core levels of as-prepared ZFO nanoparticles. The peaks in gray, blue, violet and
orange/green correspond to tetragonal Fe3+, octahedral Fe3+, lattice oxygen as well as hydroxyl oxygen and different organic compounds containing
carbon–oxygen functionalities. The red lines are the sum of the peak fits.

Figure 2: Observed (open circles) and calculated (red line) XRD
patterns of as-prepared ZFO nanoparticles. The difference profile of
the fit is shown in green.

tion according to (A1−λBλ)
tet[AλB2−λ]

octO4. Bulk ZFO has been

shown to exhibit virtually no inversion (λ ≈ 0) and thus is

considered a normal spinel [28,29]. In this structure, the A

cations occupy the tetrahedral 8a sites (Wyckoff notation),

while the B cations reside on two equivalent octahedral 16d

sites. In contrast, the octahedral coordination sites are randomly

occupied in a 1:1 ratio by the A and B cations and the tetrahed-

ral sites are only occupied by the B cations in inverse spinels

(λ = 1). In both cases, the O2− ions form a cubic close-packed

structure and reside on 32e sites. However, nanoscale spinel

ferrites prepared by wet chemical methods are known to often

have a partially inverted structure [30-32]. Therefore, the cation

site occupancy in the ZFO nanoparticles employed in this work

was expected to differ from that of bulk material.

The distribution of Fe among the tetrahedral and octahedral

sites was studied by X-ray photoelectron spectroscopy (XPS)

and Mössbauer spectroscopy. Figure 3a–c presents detailed

XPS spectra of the Fe 2p, O 1s and C 1s core level regions. The

Fe 2p spectrum shows a single doublet with strong satellite

peaks around 8 eV higher in binding energy than the main

peaks. This result is characteristic of Fe in the Fe(III) state

[33,34]. The apparent asymmetry of the Fe 2p peaks suggests

that the inversion parameter must be greater than zero. The

main peaks at binding energies of (724.59 ± 0.05) eV and

(710.65 ± 0.05) eV for the 2p1/2 and 2p3/2 orbital lines, respec-

tively, correspond to octahedral Fe3+ ions and the minor

peaks at (727.12 ± 0.05) eV and (713.05 ± 0.05) eV to

tetrahedral Fe3+ ions [35-37]. The inversion parameter was

determined to be 0.68 by comparing the areas under the

peaks. Accordingly, the formula can be expressed as

(Zn0.32Fe0.68)tet[Zn0.68Fe1.32]octO4±δ. The deconvolution of the

O 1s spectrum identified three different oxygen bonding states.

The main peak at (529.60 ± 0.05) eV corresponds to lattice

oxygen and the minor peaks at higher binding energies of

(531.11 ± 0.05) eV and (532.07 ± 0.05) eV can be assigned to

hydroxyl oxygen/oxygen from C–O and C=O functionalities,

respectively, with the latter originating from surface ligands.

The C 1s spectrum can also be fitted into three peaks at

(284.56 ± 0.05) eV, (286.06 ± 0.05) eV and (288.49 ± 0.05) eV.

We ascribe the main peak centered at 284.6 eV to sp3-

hybridized carbon (C–C); the minor peaks at higher binding

energies arise from organic compounds containing C–O and

C=O bonds, respectively. The fact that the as-prepared nanopar-

ticles are not “naked” was also confirmed by thermogravi-

metric analysis-mass spectrometry (TGA-MS). The TGA-MS

data of vacuum-dried material in Supporting Information File 1,
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Figure 4: Low-temperature Mössbauer data of as-prepared ZFO nano-
particles. The gray spectrum represents Fe3+ on tetrahedral sites,
while the blue spectra correspond to Fe3+ residing on octahedral sites.
The red line is the sum of the different sub-spectra.

Table 1: Summary of fitted Mössbauer parameters.a

Site CS (mm/s) QS (mm/s) BHf (T) Area ratio

oct-1 0.45(1) 0.16(1) 50.0(5) 0.45(2)
oct-2 0.46(1) −0.04(1) 45.0(1) 0.23(1)
tet 0.45(1) −0.26(1) 49.6(1) 0.32(2)

aCS: center shift relative to α-Fe at 298 K, QS: quadrupole splitting,
BHf: magnetic hyperfine splitting.

Figure S5 indicate a mass loss of 13% in the temperature range

between 150 °C and 400 °C due to release of water and

combustion of acetate and acetylacetonate ligands.

To verify the XPS results, 57Fe Mössbauer spectroscopy was

performed on the ZFO nanoparticles. A representative spec-

trum measured at 5 K is provided in Figure 4. It reveals a sextet

pattern because of the presence of magnetic ordering. This is in

accordance with both the magnetometry data below and temper-

ature-dependent Mössbauer spectra shown in Supporting Infor-

mation File 1, Figure S6. The low-temperature data can be fitted

reasonably well with three sub-spectra, in line with findings by

Chinnasamy et al. on nanoscale ZFO prepared by ball-milling

[10]. They identified two octahedral B-site components (oct-1,

oct-2) due to different local environments of the Fe3+ ions and

one tetrahedral A-site component (tet) using Mössbauer spec-

troscopy with and without an external magnetic field. Table 1

summarizes the fitted parameters, which agree with the ratio of

tetrahedral to octahedral Fe in the partially inverted spinel struc-

ture from XPS. In addition, Figure 4 confirms that all Fe ions

are in the Fe(III) state. This is also corroborated by the fact that

the formation of acetophenone can be ruled out on the basis of

the GC-MS data (Supporting Information File 1, Figure S1).

The latter compound is found in the microwave synthesis of

Fe3O4 nanoparticles under identical conditions due to partial

oxidation of 1-phenylethanol (data not shown), which is accom-

panied by the reduction of Fe3+ to Fe2+.

The magnetic properties were thoroughly investigated by both

direct-current (DC) and alternating-current (AC) supercon-

ducting quantum interference device (SQUID) magnetometry.

Zero-field-cooled (ZFC) and field-cooled (FC) curves obtained

on the as-prepared ZFO nanoparticles at an applied field of

10 mT are shown in Figure 5. As seen, the magnetic moment

continuously increases until a maximum, Tmax, is reached at

about 22 K. The fact that this maximum is rather sharp supports

the size uniformity of the particles with a similar magnetic

anisotropy. Upon further cooling, the FC curve diverges from

the ZFC curve and the material exhibits ferrimagnetic behavior.

Figure 5: Direct-current SQUID magnetometry of as-prepared ZFO
nanoparticles. ZFC/FC curves measured with µ0HDC = 10 mT.

To determine whether Tmax can be associated with either a

freezing temperature, Tf, for spin glasses or a blocking tempera-

ture, TB, for superparamagnetic particles, frequency-dependent

AC magnetic susceptibility measurements were carried out. We

note that single-domain particle ensembles, in which interpar-

ticle interactions are non-negligible, are referred to as superspin

glasses in the following [38,39]. The amplitude of the AC field

was set to µ0HAC = 0.35 mT and the driving frequency, ν, was

varied from 1 Hz to 500 Hz. Figure 6a,b shows the in-phase, χ’,

and out-of-phase, χ’’, parts of the complex susceptibility (with

χAC = χ’ – iχ’’) in units of µB per formula unit (f.u.). In the plot

of χ’ vs T, Tmax shifts to higher temperatures but lower magneti-

zation values with increasing frequency. In contrast, the χ’’(T)

curve shows an increase in susceptibility with increasing fre-

quency. Unfortunately, such frequency and temperature depen-

dencies are usually found for both (super)spin glasses and

superparamagnets. Therefore, the relative variation of Tmax

(defined as the peak temperature in the χ’(T) curve) per frequen-

cy decade was analyzed in more detail. First, the data were
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fitted according to p = ΔTmax/[Tmax × Δlog(ν)], where p is the

frequency sensitivity. From the fit (Figure 6c), we obtained

p = 0.044, which is in the range observed for canonical spin

glasses [35,39,40]. The frequency dependence of the peak tem-

perature can also be described by a critical power law accord-

ing to ν = ν0 × [(Tmax – T0)/T0]zυ with τ0 = 1/2πν0 and

Tr = (Tmax – T0)/T0, where τ0 is the microscopic spin relaxation

time, Tr is the reduced temperature and zυ is the dynamical

exponent [39,41]. The best fit (Figure 6d) was obtained with

τ0 = 1.43 × 10–8 s, T0 = 21.7 K and zυ = 5.9. Both the value of

τ0 and zυ falls within the range expected for canonical spin

glasses [42]. Lastly, the data were fitted according to the

Néel–Brown equation (ν = ν0 × exp[KV/kBTmax)] for ideal non-

interacting superparamagnetic particle ensembles, where K is

the effective uniaxial magnetic anisotropy, V is the particle

volume and kB is the Boltzmann’s constant [43]. As shown in

Supporting Information File 1, Figure S7, the frequency depen-

dence of the peak temperature does not follow Néel–Brown

model, which is supported by the finding that the Néel–Arrhe-

nius relation gave an unphysically large value of Ea/kB

(1365 K). This has also been observed for other materials with

(super)spin glass behavior and thus confirms the conclusion of

spin glass freezing rather than superparamagnetic blocking

[44,45]. For slightly interacting nanoparticle ensembles, the fre-

quency dependence should follow the empirical Vogel–Fulcher

law (ν = ν0 × exp[–Ea/kB(Tmax – T0)] with –Ea = KV), where T0

is the interparticle interaction strength parameter and Ea is the

activation energy [46,47]. From the best fit to the data

(Figure 6e), we obtained τ0 = 1.21 × 10–8 s, T0 = 18.8 K and

Ea/kB = 70.2 K. These values are in good agreement with those

reported in the literature and those obtained from the power law

plot in Figure 6d [38,48]. Overall, the DC and AC magnetiza-

tion data reveal the signatures of a superspin glass state with a

freezing temperature Tf ≈ 22 K.

Figure 7a–c shows results from field-dependent SQUID magne-

tometry. The M(H) curve measured at 5 K (Figure 7a,b) indi-

cates ferrimagnetic behavior with a coercive field HC ≈ 12 mT.

As evident, the magnetization is not completely saturated. Simi-

lar observations have been made for other nanocrystalline solids

and are often associated with spin canting, spin freezing and so

forth. Although the origin of these effects is largely unclear,

they are typically attributed to magnetic frustration, surface

disorder and/or finite size effects [49,50]. However, the theoret-

ical saturation magnetization (3.2 µB per f.u.) based on the

inversion parameter from XPS agrees with the experimental

data. The nonlinearity of the room temperature M(H) curve in

Figure 7c can be interpreted as arising from the presence of

superspin glass clusters – well above their freezing temperature

– in a paramagnetic environment. These data can be fitted using

a simple Langevin model (L(x) with additional paramagnetic

Figure 6: Alternating-current SQUID magnetometry of as-prepared
ZFO nanoparticles with µ0HAC = 0.35 mT. (a) In-phase and (b) out-of-
phase parts of the magnetic susceptibility. (c–e) Frequency depen-
dence of the peak temperature in the χ’(T) curve. The red lines are fits
to the data according to p = ΔTmax/[Tmax × Δlog(ν)] in (c),
ν = ν0 × [(Tmax – T0)/T0]zυ in (d) and ν = ν0 × exp[–Ea/kB(Tmax – T0)] in
(e).

susceptibility term) of the form M = M0L(x) + kH with

L(x) = coth(x) – 1/x and x = µH/(kBT), where M0 is the magneti-

zation of the superspin glass part, k is the paramagnetic suscep-

tibility, µ is the magnetic moment per cluster, kB is the

Boltzmann’s constant and T is the temperature. The best fit was

obtained with M0, k and µ values equal to 0.84 µB/f.u.,

7.8 × 10–2 emu/(T × f.u.) and 1090 µB, respectively. Using

these data and assuming a spherical cluster shape (with eight

f.u. per unit cell), the cluster size was estimated to be 3.7 nm in

diameter, which is in excellent agreement with the crystallite

size determined by Rietveld refinement.

In a nutshell, the results from electron microscopy, XRD, XPS,
57Fe Mössbauer spectroscopy as well as DC and AC magne-

tometry are all consistent and confirm the quality of the



Beilstein J. Nanotechnol. 2016, 7, 1350–1360.

1356

Figure 7: Field-dependent SQUID magnetometry of as-prepared ZFO
nanoparticles at (a,b) 5 K and (c) 300 K. The dashed lines in (a) indi-
cate the theoretical saturation magnetization. The red line in (c) is the
best Langevin model fit to the data.

partially inverted ZFO nanoparticles. This is also supported by

the analysis of the optical properties. The Tauc plots shown in

Supporting Information File 1, Figure S8 indicate an indirect

band gap transition at about 650 nm (≈1.9 eV), which is in

accordance with literature values and further corroborated by

density functional theory calculations [51,52].

As mentioned above, spinel ferrites can, in principle, be used as

negative electrode materials in rechargeable Li-ion batteries.

However, they have been shown to undergo conversion at low

potential and these electrochemical reactions with Li are accom-

panied by significant volume changes (mechanical strain),

which may result in pulverization of the active material (forma-

tion of reactive surfaces) and poor cycling performance. In ad-

dition, there is usually a large hysteresis between charge and

discharge, which adversely affects the energy efficiency. And

this is why ZFO and other spinel ferrites are not used in com-

mercial secondary batteries, despite high theoretical specific

capacities. Nevertheless, because nanomaterials are known to

better resist stresses, it was worthwhile testing the 4 nm diame-

ter ZFO nanocrystals in Li half-cells.

The cycling performance of electrodes having a ZFO content of

79 wt % and areal loading of 2.4 mgZFO/cm2 in the potential

range from 0.01 to 3.0 V with respect to Li+/Li was evaluated at

different C-rates through galvanostatic charge/discharge mea-

surements. Top view SEM images (Supporting Information

File 1, Figure S9) obtained on the ZFO nanoparticle electrodes

prior to cycling indicate that they are porous and there are no

major structural defects and inhomogeneities, such as cracks on

the micrometer level. Figure 8a shows representative charge/

discharge profiles of the 1st, 2nd, 5th and 10th cycle. We note

that the first two (formation) cycles were performed at C/20

before increasing the C-rate. The specific capacity in the initial

cycle was always in the range of (1270 ± 20) mAh/gZFO. The

fact that this value exceeds the theoretical specific capacity of

ZFO (qth = 1000.5 mAh/gZFO) indicates that irreversible reac-

tions occurred upon lithiation, including decomposition of sur-

face ligands and formation of a solid electrolyte interface (SEI)

on the nanoparticles. However, this relatively large capacity

loss (≈30%) was limited to the initial cycle.

Figure 8: (a) Charge/discharge profiles and (b) corresponding differen-
tial capacity curves of ZFO nanoparticle electrodes in Li half-cells. The
first two cycles were performed at C/20 and then the rate was in-
creased to C/10 for the subsequent cycles. The Roman numbers in (b)
indicate different electrochemical reactions in the initial cycle.

The electrochemical reaction of ZFO with Li can be expressed

by ZnFe2O4 + 9Li → LiZn + 2Fe + 4Li2O. Bresser et al.

recently investigated the first cycle lithiation of ZFO nanoparti-

cles by means of in situ XRD and correlated the result with data

from charge/discharge measurements [53]. They showed that

different reactions (indicated by Roman numbers in the first

cycle differential capacity plot in Figure 8b) occur depending
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Figure 9: (a) Long-term cycling performance of ZFO nanoparticle elec-
trodes in Li half-cells at C/10 (black), C/5 (green) and C/2 (blue).
(b) Coulombic efficiency of the cell cycled at C/5. The dashed line in
(b) indicates 100% efficiency. After about 220 cycles, signs of dendrite
growth are visible in the curve.

upon the potential, which is consistent with findings of others

[54-56]. According to their study, the weak peak (I) at around

1.45 V can be assigned to the reversible insertion of ≈0.4 Li per

f.u., while the shoulder peak (II) in the potential range from 1.2

to 1.0 V corresponds to the formation of Li0.9ZnFe2O4. The

sharp peak (III) at 0.98 V (first plateau in Figure 8a) indicates

the phase transformation from spinel to rock-salt-type ZnxFeyO

due to decomposition of LixZnFe2O4 (with x ≈ 1.5). However,

we note that the underlying mechanism is not fully understood

yet. The strong peak (IV) at 0.83 V can be attributed to the main

conversion reaction (second plateau in Figure 8a), which results

in the formation of Zn(0), Fe(0) and Li2O. The broad peak (V)

at 0.55 V has not been observed before and likely arises due to

some irreversible reactions associated with the ZFO nanoparti-

cles. The sloping behavior of the curve (VI) below 0.4 V is

characteristic of the alloying of Zn with Li [57]. In the subse-

quent cycles at a rate of C/10, only broad peaks centered at

0.97 V (cathodic) as well as 1.54 V and 1.85 V (anodic) were

observed, which agrees with previous studies and the apparent

amorphization of the material during the initial cycle

[14,53,55].

After the first two cycles at C/20 (Figure 9a), the ZFO nanopar-

ticle electrodes exhibited specific capacities of about

890 mAh/gZFO, 870 mAh/gZFO and 770 mAh/gZFO at C/10, C/5

and C/2, respectively. Regardless of C-rate, they showed some

kind of activation with a minimum in specific capacity between

cycle number 50 and 80. Such behavior has been observed

before for ZFO and other conversion-type anode materials

[53,55,58]. The capacity degradation in the subsequent cycles –

after the specific capacity had leveled off – was quite small

(e.g., 0.017% per cycle at C/10). For the C/2 rate, even an

increase in specific capacity by 20 mAh/gZFO was observed be-

tween the 50th and 500th cycle. After 500 cycles, the cell at

C/10 rate was still capable of delivering an areal capacity of

1.5 mAh/cm2. These results were achieved with a non-opti-

mized electrode structure, thereby indicating that high-quality

ZFO nanocrystals may, in fact, hold promise for battery appli-

cations. We also note that dendrite growth, which was visible in

some of the cells, apparently did not strongly affect the cycla-

bility. Figure 9b shows the Coulombic efficiency of the cell

cycled at C/5. As evident, the Coulombic efficiency stabilized

quickly above 97% after four cycles and then increased

steadily up to 99.8% by cycle number 300. This is notable in

particular for conversion-type materials in Li half-cells. Howev-

er, irrespective of the stable cycling performance and high spe-

cific capacities, there are still issues, such as relatively large

capacity loss in the initial cycle and discontinuous capacity

fading, that prevent such materials from becoming a commer-

cial reality.

To gain further insight into both the electrochemical reactions

of ZFO with Li and the oxidation state of Fe, combined full-

field transmission X-ray microscopy (TXM) and X-ray absorp-

tion near edge structure (XANES) spectroscopy was conducted

on “pristine” and pre-cycled nanoparticle electrodes at the

NANO beamline at the ANKA Synchrotron Radiation Facility

and the preliminary data are shown in Figure 10 [25]. For these

measurements, Li half-cells were disassembled inside an argon-

filled glovebox and the obtained electrodes sealed using Kapton

tape to maintain airtight conditions. Since XANES imaging is

unaffected by the polymer binder, carbon additive, electrolyte

and separator residues, the electrodes were used as is, thus

ensuring minimal effects from cell disassembly. In the present

work, two electrodes of the same batch but at different lithia-

tion states were investigated. The “pristine” electrode was kept

at about 3.0 V with respect to Li+/Li and the other was lithiated

until a potential of 0.85 V was reached, which is within the

main plateau. FeO (wüstite), Fe3O4 (magnetite) and α-Fe2O3

(hematite) were used as the reference materials for Fe(II) in

cubic and cubic/spinel and Fe(III) in trigonal/hexagonal config-

uration, respectively. Furthermore, the partially inverted ZFO

nanoparticles themselves and α-Fe were used as the reference

materials to quantify the amount of spinel-type Fe(III) and for

Fe(0), respectively. Figure 10a shows the integrated XANES
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Figure 10: XANES spectra of ZFO nanoparticle electrodes (a) before
cycling and (b) in a lithiated state and corresponding least-squares
linear combination fits (red lines). (c) XANES reference spectra used
for fitting.

spectrum obtained on the “pristine” electrode and the corre-

sponding least-squares linear combination fit. As expected, the

fit matches well with the reference material (R = 0.0024,

χ2 = 0.0022), thereby indicating a ZFO content of virtually

100%. The XANES data for the pre-cycled electrode are

presented in Figure 10b, where the changes in the integrated

spectrum are clearly visible. The fit (R = 0.0021, χ2 = 0.0017)

revealed 12% ZFO, 68% Fe(0) and 20% Fe(II) in cubic config-

uration. Collectively, these data are in agreement with the

conversion of rock-salt-type ZnxFeyO to Fe(0), Zn(0) and Li2O

in this potential range. However, further measurements are

needed to unambiguously identify the apparently amorphous

Fe-based charge/discharge products.

Conclusion
In summary, we have shown that zinc ferrite particles of spheri-

cal shape and uniform size around 4 nm in diameter can be pre-

pared by facile microwave synthesis using rac-1-phenylethanol

as a high-boiling solvent. As evidenced by electron microscopy,

X-ray diffraction, X-ray photoelectron spectroscopy and 57Fe

Mössbauer spectroscopy, the sol–gel derived material is chemi-

cally well-defined and adopts a partially inverted spinel struc-

ture. The magnetization results confirm the size monodispersity

of the zinc ferrite nanocrystals with low-temperature superspin

glass behavior. Furthermore, we have demonstrated that they

can be used as a high-capacity conversion-type anode material,

showing good long-term cycling performance in Li half-cells.

On the basis of the results presented herein, we conclude that

the particles are of good quality and thus hold promise for ap-

plication in various fields of nanotechnology.
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Abstract
Nanocrystals develop in amorphous alloys usually during annealing treatments with growth- or nucleation-controlled mechanisms.

An alternative processing route is intense deformation and nanocrystals have been shown to develop in shear bands during the de-

formation process. Some controversy surrounded the idea of adiabatic heating in shear bands during their genesis, but specific ex-

periments have revealed that the formation of nanocrystals in shear bands has to be related to localized deformation rather than ther-

mal effects. A much less debated issue has been the spatial distribution of deformation in the amorphous alloys during intense de-

formation. The current work examines the hypothesis that intense deformation affects the regions outside shear bands and even

promotes nanocrystal formation in those regions upon annealing. Melt-spun amorphous Al88Y7Fe5 alloy was intensely cold rolled.

Microcalorimeter measurements at 60 °C indicated a slight but observable growth of nanocrystals in shear bands over the annealing

time of 10 days. When the cold-rolled samples were annealed at 210 °C for one hour, transmission electron images did not show

any nanocrystals for as-spun ribbons, but nanocrystals developed outside shear bands for the cold rolled samples. X-ray analysis in-

dicated an increase in intensity of the Al peaks following the 210 °C annealing while the as-spun sample remained “X-ray amor-

phous”. These experimental observations strongly suggest that cold rolling affects regions (i.e., spatial heterogeneities) outside

shear bands and stimulates the formation of nanocrystals during annealing treatments at temperatures well below the crystallization

temperature of undeformed ribbons.

1428

Findings
Crystallization reactions in metallic glasses have been exten-

sively studied due to the beneficial effect of nanocrystal disper-

sions on mechanical [1-4] and magnetic properties [5-8], but

also as experimental case studies for nucleation and growth

theories [9-11]. The devitrification of metallic glasses is com-

monly considered as a thermally activated process, but some
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glassy alloys crystallize during intense deformation at tempera-

tures well below the glass transition temperature. Examples of

deformation-induced crystallization reactions include Fe-based

amorphous alloys [12-16], amorphous Ni–P alloy [17], bulk

amorphous Zr and Cu–Zr alloys, and amorphous Al alloys [18-

22]. The deformation techniques used so far include bending

[23], ball milling [14-16,24], cold rolling [12,25-32], high-pres-

sure torsion straining [18,33], nanoindentation [34], and

uniaxial compression [35]. The results of intense deformation

have demonstrated nanocrystals with number densities of up to

1022 m−3 and average sizes of less than 10 nm, but the origin of

the deformation-driven nanocrystallization remains an area of

active research. Intense deformation in metallic glasses occurs

in shear bands at stress levels of more than about 30% of the

shear modulus and at temperatures of below approximately

0.7·Tg [36]. If intense deformation can induce nanocrystals in

some amorphous alloys and the intense deformation occurs

within shear bands, a key question then is how the nanocrystal

formation is related to the shear bands. Literature results clearly

point toward the formation of nanocrystals within shear bands

[37] and the shear band crystallization can be motivated with

enhanced mobility within the shear bands [37] and the localiza-

tion of atomic motion within shear bands [38]. Comparatively

little is known, however, about the effect of intense deforma-

tion on the amorphous phase surrounding the shear bands. The

common conception is that the amorphous matrix remains un-

changed during deformation [3]. On the other hand, Gupta con-

cluded based on Mössbauer spectroscopy of an Fe-based amor-

phous alloy after cold rolling that the deformation-induced

atomic rearrangements exist throughout the entire sample and

not only in shear bands [39]. This letter yields further evidence

that intense deformation does indeed affect the regions between

shear bands and even promotes crystallization in non-shear

band regions.

Melt-spun amorphous Al88Y7Fe5 alloy was annealed in a TAM

microcalorimeter (TA Instruments) at 60 °C, i.e., about 200 K

below the glass-transition temperature [40]. The isothermal

microcalorimeter trace of the as-spun ribbon shown in Figure 1

demonstrates that during the annealing time of 10 days the heat

flux reaches a plateau with fluctuations on the order of approxi-

mately 7 nW/g. The trace for the as-spun ribbon represents the

instrument baseline. If the same amorphous Al88Y7Fe5 alloy is

cold-rolled at room temperature to εtrue = −3 at a strain rate of

0.1 s−1, the same microcalorimeter measurement reveals a clear

exothermic heat release as also shown in Figure 1. The total

heat release (hatched area in Figure 1) amounts to about 2 J/g.

The dark-field (DF) TEM analysis of both samples, the cold-

rolled sample and the cold-rolled sample after annealing in the

microcalorimeter, shows clear evidence of nanocrystals in shear

bands of both samples (Figure 2). The TEM images shown in

this work were obtained from samples prepared by grinding,

polishing, and electrolytic thinning with dilute perchloric acid.

The nanocrystals in the partially devitrified Al88Y7Fe5 alloy

have been identified as Al nanocrystals [40]. The size distribu-

tion analysis of the Al nanocrystals inside the shear bands of the

rolled sample before and after the annealing, which is depicted

in Figure 3 reveals a small but definite shift in the size distribu-

tion after the annealing. The size of the nanocrystals could be

determined with an uncertainty of approximately 1 nm. The

error bars in Figure 3 show that despite the measurement uncer-

tainty, a trend of nanocrystal growth behavior is evident. The

size measurement for the size distribution in Figure 3 refers to

the longest projected diameter.

Figure 1: Isothermal microcalorimeter trace at 60 °C for as-spun and
cold-rolled ribbons. The inset shows the trace of the as-spun ribbon at
a scale of nanowatts.

The difference between the as-spun and the cold-rolled samples

after annealing at 60 °C seems at first glance to be limited to the

formation of shear bands and nanocrystals inside the shear

bands of the deformed sample. Possible atomic rearrangements

resulting from the intense deformation outside shear bands are

difficult to detect with electron microscopy. But if it is hypothe-

sized that the deformation locally rearranges atoms to promote

the formation of nanocrystals, then an adequate probe for the

hypothesis should be additional annealing treatments. If the

intensely deformed samples are annealed at temperatures much

below the crystallization onset temperature of the as-spun mate-

rial, deformation outside of shear bands might trigger the for-

mation of nanocrystals during the annealing treatment. The con-

tinuous heating differential scanning calorimetry (DSC) trace of

a cold-rolled Al88Y7Fe5 ribbon that is depicted in Figure 4

shows that the onset temperature for the primary crystallization

reaction is approximately 175 °C for the cold-rolled sample. By

comparison, the undeformed amorphous Al88Y7Fe5 alloy
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Figure 2: Dark field TEM analysis of cold-rolled (left) and cold-rolled and annealed samples. The sample was annealed at 60 °C for 10 days (right).

Figure 4: (a) DSC trace for an as-spun Al88Y7Fe5 ribbon sample. (b) DSC trace for the cold-rolled Al88Y7Fe5 ribbon sample. The inset shows the pri-
mary crystallization range after cold rolling. The heating rate was 20 K/min for both measurements.

Figure 3: The cumulative size distribution for Al nanocrystals inside
shear bands. Square markers represent measurements on samples
that were only cold-rolled. Triangular markers represent samples that
were cold-rolled and annealed at 60 °C for 10 days.

reveals a primary crystallization onset temperature of approxi-

mately 260 °C. Cold-rolled Al88Y7Fe5 ribbons were annealed at

210 °C for 10 min and were subsequently analyzed with X-ray

diffraction (XRD) and with transmission electron microscopy.

The comparison between the different XRD curves depicted in

Figure 5 shows an increase in the intensity of the Al peaks after

annealing of the cold-rolled sample. An as-spun sample, on the

other hand, remained X-ray amorphous after annealing for

10 min at 225 °C. The dark-field TEM image in Figure 6 shows

that nanocrystals have developed homogeneously throughout

the deformed sample rather than in localized regions. Shear

bands are not detected in the dark-field TEM images after the

annealing. With shear band distances of the order of microme-

ters [41] and good contrast between shear bands and matrix in

Al-based amorphous alloys [42], it can therefore be concluded

that the nanocrystals in Figure 6 that are observed after the

annealing at 210 °C developed in the matrix and not in shear

bands.
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Figure 5: XRD results showing an increase in intensity of the Al peaks after annealing of a cold-rolled sample.

Figure 6: DF TEM (left) and BF TEM (right) after 210 °C anneal of cold-rolled sample.

The combination of HRTEM, DF-TEM, XRD, and DSC results

provides strong evidence that cold-rolling does promote crystal-

lization outside shear bands at annealing temperatures that are

insufficient to induce crystallization for undeformed samples.

This cold-rolling enabled crystallization upon annealing in

regions outside shear bands could be perceived of as a result of

heating due to the temperature spikes in the shear bands. The

localized heating in the shear band would spread into the adja-

cent matrix and promote crystallization. The question of adia-

batic heating in shear bands during deformation has been dis-

cussed in the literature quite extensively. Evidence was provi-

ded for temperature spikes with shear band formation [43], but

models were also developed that demonstrated stick–slip of

shear bands and “cold” temperatures in the shear bands [44].

The findings on temperature behavior in shear bands of metallic

glasses over the last years were summarized by Greer, Cheng,

and Ma [45]. One of the major findings of recent years was that

heating occurs as a result of shear-banding but not as a reason

for the formation of shear bands. It was also found that the

heating in shear bands is not truly adiabatic, but extends beyond

the regions that can be identified as shear bands in images after

deformation [45]. Additional evidence in the current work for a

limited temperature rise at shear bands comes from the TEM

images of deformed samples: The regions adjacent to the shear

bands are just amorphous without any evidence for a gradual

transition from a nanocrystal-populated zone toward an amor-

phous zone that would be expected if the shear bands were heat

sources. If shear band heating cannot account for the observed

annealing response of cold-rolled Al88Y7Fe5 ribbons, a plau-

sible conclusion is that regions outside shear bands are affected

by the cold rolling and induce atomic rearrangements that

promote nanocrystal formation during subsequent annealing.

This conclusion resonates with earlier literature results. Inoue

and coworkers, for example, explained the changes in supercon-

ducting properties of their Nb50Zr35Si15 metallic glass after

cold rolling with deformation-induced structural rearrange-
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ments that occurred not only in shear bands, but also in the

region between the shear bands [46]. Argon [47] and Steif [48]

demonstrated that shear localization was preceded by homoge-

neous plastic flow. Cahn and co-workers concluded based on

density changes that plastic deformation of a metallic glass

leads to a distribution of free volume intermediate between a

complete localization and a completely uniform distribution

[49]. More recent work by Stolpe and coworkers demonstrated

that based on measured shear band densities and exothermic

heat releases during heating, free volume changes must have

occurred throughout the metallic glass during cold rolling and

not only within shear bands [50]. Recent measurements of time-

dependent tracer diffusion along shear bands that showed a non-

monotonic behavior with an initial increase of the diffusivity

upon relaxation moreover suggest that regions in the matrix

adjacent to the shear bands are affected by the deformation [51].

It is also in line with measurements of internal friction in a bulk

metallic glass, where early irreversible events upon cyclic

straining have been observed at strain levels lower than 0.001.

In that study, it was also shown that straining the glassy materi-

al at room temperature led to a significant shift of the crystalli-

zation onset temperature, even though the crystallization

occurred several tens degrees above the glass transition [52].

These results support the current results and highlight the

importance of local irreversible re-configurations concerning

the early stages of yielding of metallic glasses, but also stress

their importance concerning the onset of crystal formation. The

genesis of nanocrystals during intense deformation raises

intriguing questions, for example, about the impact of deforma-

tion on quenched-in spatial heterogeneities and the indirect

impact on thermally induced mechanisms such as nucleation

and growth during annealing as well as concerning their

possible coupling in an externally applied stress field.
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Abstract
Recent results in the field of carbon nanotube–silicon solar cells have suggested that the best performance is obtained when the

nanotube film provides good coverage of the silicon surface and when the nanotubes in the film are aligned parallel to the surface.

The recently developed process of dry shear aligning – in which shear force is applied to the surface of carbon nanotube thin films

in the dry state, has been shown to yield nanotube films that are very flat and in which the surface nanotubes are very well aligned

in the direction of shear. It is thus reasonable to expect that nanotube films subjected to dry shear aligning should outperform other-

wise identical films formed by other processes. In this work, the fabrication and characterisation of carbon nanotube–silicon solar

cells using such films is reported, and the photovoltaic performance of devices produced with and without dry shear aligning is

compared.

1486

Introduction
During the last decade or so, the potential benefits of using car-

bon nanotubes in solar cells has been explored from both a

fundamental theory point of view [1,2], as well as experimental-

ly in a host of different device architectures, including as addi-

tives in dye solar cells [3,4], organic photovoltaics [5,6], and

perovskites [7,8] and as the active light absorbing component in

conjunction with acceptors such as fullerenes [9-12]. Carbon

nanotube–silicon heterojunctions can also function as solar cells

[13,14] and over the last few years of development the power

conversion efficiency (PCE) of these devices has been steadily

increasing [15-22], with the most recent high efficiency record

by Wang et al. now standing at ≈17% [23]. The understanding

of precisely how these junctions operate is still incomplete and

although progress in this respect is ongoing [24-41], there are
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Figure 1: Effect of dry shear aligning (DSA) on film morphology. a) and b) show SEM images of thin films produced by vacuum filtration, before DSA,
whereas c) and d) show the same films after DSA.

still many questions unanswered. What has been established is

that, as one should expect, the quality of the junction plays a

large role in overall performance. Since the underlying silicon

base is usually a high-grade monocrystalline material, junction

quality is dominated by aspects relating to the nanotube thin

film. An important factor in many devices is the degree of cov-

erage of the films on the silicon surface, itself dependent on the

films’ porosity. Jung et al. [17], Li et al. [28] and Tune et al.

[42] have shown that alignment of the nanotubes by solution

shearing (as known as slide casting, liquid film shearing, shear

force casting) from solutions of either the nanotubes dissolved

natively in chlorosulphonic acid (Jung, Li), or the nanotubes

dissolved as polyelectrolyte salts in polar, aprotic solvent

(Tune) yields higher performing devices than their randomly

oriented counterparts, and explained these observations with

reference to the better surface coverage provided by such films.

Recently, the process of dry shear aligning (DSA), wherein a

randomly oriented thin film of nanotubes is flattened and

aligned by application of shear force in the dry state, was re-

ported to yield similar films as those obtained by solution

shearing. It was further suggested that perhaps such films may

yield similar improvements in carbon nanotube–silicon solar

cell performance [43]. To address this question, we report

herein the results of a direct comparison between two sets of

solar cells fabricated with either, a) nanotube films produced by

common vacuum filtration from aqueous suspension or, b) iden-

tical films (from the same filtration membrane) that have been

subjected to DSA before deposition onto the silicon surface.

Results and Discussion
SEM images (Figure 1) reveals clear differences between the

nanotube films as captured on the filtration membranes, and the

same films after DSA. As well as the obvious alignment of the

nanotubes in the direction of shear, the porosity of the film has

also been reduced due to better packing of the nanotubes in

their aligned configuration. The films are now also visibly

flatter, with atomic force microscopy showing two orders of

magnitude reductions in surface roughness (from ≈140 nm to

only 3–4 nm) [43], which should lead to the desired improve-

ments in interfacial contact between the nanotube film and the

silicon substrate.

The optical properties of the nanotube films (Figure 2a) show

the typical features of large diameter, arc discharge SWCNTs

with a broad S11 region around 1900 nm, corresponding to a di-
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Figure 2: a) Optical spectra of the various thicknesses of a SWCNT film, b) variation of the degree of alignment with film thickness, c) variation of
sheet resistance with film thickness for random and aligned SWCNT films and, d) variation in the ratio of DC electrical to optical conductivity with film
thickness for random and aligned SWCNT films.

ameter distribution centred about 1.4 nm. The features on either

side of the main peak are better resolved in the similarly shaped

S22 region and indicate that there are many (n,m) species in the

distribution, with the M11 region also displaying several compo-

nents. The data is presented in Figure 2a on the familiar absor-

bance scale but a simple conversion yields the T550 value com-

monly used in the quantification of transparent films’ perfor-

mance. The isotropic absorbance spectra were unchanged by

DSA however, Figure 2b shows the variation in the degree of

alignment of the nanotubes in the films after DSA, where the

2D order parameter is calculated from polarised optical trans-

mittance measurements as in Equation 1 [44] and reveals that

the degree of alignment increases as the film thickness

decreases. This has been explained previously by considering

that DSA affects mostly the nanotubes on the surface of the

film, leaving the nanotubes in the ‘bulk’ of the film relatively

unaffected. As the thickness decreases, the ratio of surface

nanotubes to the bulk increases and the surface nanotubes thus

contribute more to the overall absorbance of the film.

(1)

The sheet resistance of the films varies with thickness as shown

in Figure 2c. Taking into account the log resistance scale, there

are two main regions below and above T550 = 85–90%, corre-

sponding to the transition between the two dominant conduc-

tion mechanisms of variable range hopping through denser

films and percolation through sparse films. The measurements

were taken with a linear four-point probe using a DC bias, how-

ever no anisotropy in the resistance was observed with rotation

of the probe. The sheet resistance, Rsheet, of the films was

marginally increased after DSA, which is made clearer when

considering the DC electrical to optical conductivity ratio, σOP/

σDC (Figure 2d), calculated as per Equation 2 [45], which takes

into account the sheet resistance and the (isotropic) transmit-

tance and where μ0 and ε0 have their usual meaning.

(2)

The as-prepared films and those aligned by DSA were

deposited on silicon substrates patterned with electrodes, and

the photovoltaic performance was measured, with the results

summarised in Figure 3 (and with the full J–V curves shown in

Supporting Information File 1, Figure S1). Whilst the DSA

devices exhibited a slightly higher open circuit voltage (Voc) for

films of around T550 = 70–80%, the short circuit current densi-

ty (Jsc) was lower for all film thicknesses, especially the thicker

films, and the fill factor (FF) was also increasingly poorer

tending towards thicker films. The overall result in terms of

PCE is that the DSA devices performed relatively the same as
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Figure 3: The variation of solar cell parameters with nanotube film thickness for films both before (red diamonds) and after (black triangles) DSA,
a) open circuit voltage, b) short circuit current density, c) fill factor and, d) power conversion efficiency.

the devices with as-prepared films for T550 ≥ 70%, but per-

formed increasing worse for the thicker films, with the DSA

devices of T550 = 54% generating only a third of their as-pre-

pared film counterparts.

The reasons for the poorer performance are not immediately

obvious. Although there is a clear difference in the sheet resis-

tance, and thus DC electrical to optical conductivity ratio, it

does not appear to be large enough to account for the observed

difference in performance. Indeed, the two trends are some-

what different; the relative difference in sheet resistance is

lowest at the two ends of the transmittance range, and is greatest

in the middle of the range, whereas the relative difference in the

solar cell performance (as seen most clearly in the short circuit

current density, Figure 3b) is at a minimum for the thinnest

films and maximum for the thickest films. It was observed that

the upper side of the nanotube films on the filtration mem-

branes became visibly more reflective after DSA and although

the films were deposited with the reflective side down, it was

thought that perhaps this could change the reflectance of the

silicon surface differently to when an as-prepared film was

deposited. However, reflectance measurements taken of the

completed devices not only showed that this was not the case,

but that the devices with the DSA films were, on average,

5–10% less reflective than those with the as-prepared films,

across all wavelengths. Thus, when mounted on silicon, a

higher photon current is penetrating through the films than the

transmittance measurements suggest, which should result in a

higher short circuit current density for all film thicknesses – the

opposite of what is observed for the thicker films. Another pos-

sibility is that the quality of the interface between the nano-

tubes and silicon is inferior after DSA, though that is the oppo-

site of what was intended. However, the diode ideality factors

extracted from the dark current characteristics were similar for

both the as-prepared and DSA film devices (around 1.5–2), and

showed no clear trend in either case. In short, the origin of the

observed performance reduction for devices fabricated with

thick nanotube films that have been flattened and aligned by

DSA remains undetermined, despite the fact that previous

results have suggested an improvement in performance.

Conclusion
In conclusion, a comparison was made between carbon nano-

tube–silicon solar cells made with either as-prepared, vacuum

filtration nanotube films or the same films after flattening and

aligning of the nanotubes on the contacting surface of the films

using the newly developed technique of dry shear aligning.

Whilst the DSA process produced films that were two orders of

magnitude flatter and exhibited a 2D order parameter of up to

0.3, both of which have been previously observed to improve

the photovoltaic performance of carbon nanotube–silicon junc-

tions, in this case this was accompanied instead by a reduction

in the sheet resistance and thus DC electrical to optical conduc-

tivity ratio of the films. In terms of the performance of solar
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cells made with the DSA films, the net result for thin films

(T550 > 70%) was that there was no overall change compared to

the devices with as-prepared nanotube films. However, there

was a significant decrease in performance for films thicker than

T550 = 70%, with the devices using the thickest DSA films

(T550 = 54%) producing only a third of the photovoltaic output

of the devices made with as-prepared films of the same trans-

mittance.

Experimental
Single walled carbon nanotubes (P2-SWNT, Carbon Solutions)

were added to aqueous TritonX-100 (1% v/v, Sigma-Aldrich) at

0.1 mg mL−1 then bath sonicated (1 h). After centrifugation

(20 000g, 20 min), the nanotube films were captured from the

supernatant by vacuum filtration onto mixed cellulose ester

(MCE) membranes (0.45 μm, HAWP, Merck Millipore) and

rinsed thoroughly with copious DI water as per Wu et al. [46]

and Hu et al. [47]. For the DSA preparation, a cylindrical

Teflon stir bar (8 × 30 mm) was used as the aligner. The mem-

branes were placed on a flat glass surface (nanotube side up)

and held in place while the stir bar was very firmly (≈60 N)

sheared across the film surface (2–3 mm s−1) such that approxi-

mately half of the film was thus aligned and the other half

remained in the as-prepared state. The nanotube films changed

in appearance from matt grey/black to become visibly smoother

and more reflective, with the direction of shear faintly

discernible to the eye. Small circular regions (0.08 cm2) of each

film were then taken from both the aligned and as-prepared

parts of the membranes and used in devices. The films were

deposited by placing them, nanotube side down, on the solar

cells such that they completely covered the active area; they

were then wet with a drop of water, compressed with Teflon

and baked in air (110 °C, 15 min). To remove the MCE from

the films, the cooled substrates were placed in an acetone

(EMSURE, Merck) bath for 30 min then transferred to two

fresh acetone baths for a further 30 min each.

Carbon nanotube–silicon solar cells were fabricated as de-

scribed previously [36]. Briefly, Cr/Au front electrodes were

patterned onto phosphorous doped n-type silicon substrates

(SSP, 525 μm thick, 1–5 Ω cm, <100>, with a 100 nm thermal

oxide) by photolithography and defined circular active areas

(0.08 cm2) in which the SiO2 was removed by buffered oxide

etch. The films were deposited as described above and the cells

were completed with GaIn eutectic back electrodes and

mounted on steel support plates. Before testing, all cells were

treated sequentially with 2% HF, SOCl2 and 2% HF again.

This treatment sequence removes the thin oxide from the

silicon surface as well as p-doping the nanotubes and dramati-

cally increasing the conductivity of the nanotube films. Cur-

rent–voltage data was taken from cells in the dark and under

100 mW cm−2 AM1.5G illumination (Class 2A, with irradiance

measured by a silicon reference cell with NIST-traceable cali-

bration).

Supporting Information
Supporting Information File 1
Additional experimental information.

[http://www.beilstein-journals.org/bjnano/content/

supplementary/2190-4286-7-141-S1.pdf]
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Abstract
Scanning electron microscopy transmission Kikuchi diffraction is able to identify twins in nanocrystalline material, regardless of

their crystallographic orientation. In this study, it was employed to characterize deformation twins in Cu/10 wt % Zn processed by

high-pressure torsion. It was found that in 83% of grains containing twins, at least one twin intersects with a triple junction. This

suggests that triple junctions could have promoted the nucleation of deformation twins. It should be cautioned that this technique

might be unable to detect extremely small nanoscale twins thinner than its step size.

1501

Introduction
The Hall–Petch relationship has inspired materials scientists to

refine grains to increase the strength of materials since the early

1950s [1-3]. However, research in this area has met the paradox

of strength and ductility tradeoff, especially when materials are

refined to ultrafine-grained or nanostructured range [4-8]. They

are usually either strong or ductile, but rarely both at the same

time. Deformation twinning is one of a few mechanisms that

can simultaneously improve both strength and ductility [5,6,9-

11]. Consequently, deformation twinning in nanostructured

metals has received extensive attention in recent years [10].

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
mailto:yhzhao@njust.edu.cn
mailto:ytzhu@ncsu.edu
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Among all of the twinning mechanisms in nanocrystalline mate-

rials, partial mission from grain boundaries has been found as

the primary mechanism from both simulations [12,13] and ex-

periments [14,15]. However, it still remains unclear whether

such emissions from grain boundaries have any preference for

sites with specific character such as triple junctions. This prob-

lem is of significant importance to both the scientific under-

standing and practical design of nanostructured materials. Previ-

ously, triple junctions have been reported to play a critical role

in other deformation mechanisms in nanostructured materials,

like grain rotation [16] and grain boundary sliding [17]. Addi-

tionally, earlier studies revealed that triple junctions were ener-

getically more active than grain boundaries [18] and they were

able to emit and absorb free volumes upon deformation, which

promotes partial emission [12]. Therefore, one may reasonably

hypothesize that triple junctions may promote deformation

twinning in nanocrystalline materials. Up to now, there has

been no solid experimental study to verify this issue largely due

to technical difficulties.

So far, high-resolution transmission electron microscopy

(HRTEM) has achieved great success in revealing the atomic-

level details of deformation/growth twins, including formation

mechanisms [14,19-22], interactions with dislocations [11,23-

26] and macroscopic strain [10,25,27], due to its extraordinary

spatial resolution. However, reliable statistical analysis based

on extensive data still seems a grand challenge for HRTEM

studies on twinning [28,29]. It is time consuming and some-

times impractical to examine twins in a massive number of

grains, as each grain needs tilting into a specific zone axis under

HRTEM to observe the twin. For example, to observe a twin in

a face-centered cubic (fcc) grain, observation along the <110>

zone axis on the coherent twin plane is typically needed [29]. In

other words, the electron beam needs to be parallel to a close-

packed orientation and the twin boundary needs to be edge-on.

It is tedious to rotate the sample to various orientations to look

for twins in each grain. In addition, the limited sample tilting

range makes it impossible to observe all twins in a grain. There-

fore, HRTEM substantially underestimates the number of twins

in a nanostructured sample. Furthermore, HRTEM also has the

same difficulty in characterizing other interfaces like grain

boundaries and triple junctions. This is especially problematic

when studying the relationship between twins and triple junc-

tions from a statistical view and when the sample has a signifi-

cant texture.

In the last few years, an innovative microscopy technique has

been developed using a conventional electron backscatter

diffraction (EBSD) system in a scanning electron microscope

(SEM) to collect transmission Kikuchi diffraction (TKD)

patterns from sub-10-nm domains in an electron transparent

sample [28,30,31]. Like conventional EBSD, TKD can measure

grain size, morphology, phase distribution and crystalline lattice

orientation. However, the biggest advantage of TKD compared

with EBSD is its improvement in spatial resolution, which has

been shown to be in the range of 2–10 nm for a variety of mate-

rials [30]. Therefore, this technique enables researchers to char-

acterize, with relative ease, truly nanostructured materials. Al-

though strongly dependent on materials and deformation state,

the resolution of TKD can complement TEM to provide useful

information in characterizing nanostructured materials.

Another great advantage of TKD is that various interfaces, in-

cluding grain boundaries and twin boundaries, can be identified

without the requirement of them being edge-on. Therefore, no

tedious sample tilting is required, and all twins can be identi-

fied irrespective of their orientation. Furthermore, TKD and

subsequent data processing are time/labor-saving and relatively

easy due to fast indexing rates and a high level of automation

[28,31]. This is in sharp contrast with HRTEM for which the

analyses are time consuming and difficult to perform. In addi-

tion, comprehensive microstructural information is collected si-

multaneously from samples analyzed by TKD. This eliminates

any subjective judgment of the researcher. Therefore, TKD can

achieve the desired balance between spatial resolution, angular

accuracy and a high level of automation to give objective

results. With these advantages, TKD is ideal for performing

statistical analyses on deformation twinning and triple junc-

tions in nanostructured materials.

Experimental
A 1 mm thick sheet of commercial Cu/10 wt % Zn was first

homogenized at 700 °C for 3 h, cooled down to room tempera-

ture, and then punched into 10 mm diameter disks for high pres-

sure torsion (HPT) processing. The HPT processing was con-

ducted at room temperature for ten revolutions with an imposed

pressure of 1 GPa at a speed of 1.5 rpm. All electron-trans-

parent TKD foils were mechanically ground and punched from

the outer region of the as-deformed disks, where the greatest

degree of grain refinement was achieved. Samples were subse-

quently electropolished by means of double-jet electropolishing

using an electrolyte of 1:1:2 H3PO4/C2H5OH/H2O. TKD char-

acterization was conducted in a Zeiss Auriga SEM operating

with a 30 kV accelerating voltage. The measurement step size

was set to 6 nm for the microscopic observation, taken into

consideration the heavily deformed state and other factors. All

misindexed points and unindexed pixels in the data sets were

screened out prior to analyzing twins. Nearly 1500 grains,

ranging in size from 30 to 200 nm, were characterized to enable

a statistical analysis of the twinning. TEM observations were

performed in a JEOL-2010F microscope under 200 kV as a

control group.
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Results and Discussion
In this work, we investigated deformation twinning in a nano-

structured Cu–Zn alloy using TKD. Two kinds of twinning phe-

nomena were statistically studied using large TKD data sets:

1) their connections with triple junctions, and 2) the effect of

grain size on deformation twinning.

Figure 1 shows a typical TEM image of the HPT Cu–Zn alloy,

revealing equiaxed ultrafine and nanocrystalline grains. Most

grain boundaries are not well defined and the interiors of most

grains are “messy”, especially in large grains. Those are typical

microstructures in highly deformed samples with a high density

of entangled dislocations produced by severe plastic deforma-

tion [32]. The inset shows a corresponding diffraction pattern.

The presence of smeared and ring-like diffraction patterns

implies lots of nanoscale grains and their low-angle misorienta-

tions. This result is consistent with previous reports of copper

alloys processed by high-strain torsion [33,34].

Figure 1: A typical bright-field TEM image of the HPT Cu–Zn alloy
showing severe deformation and grain refinement. Inset is a corre-
sponding selected area diffraction pattern.

Figure 2a presents a typical TKD orientation map of the HPT-

processed Cu–Zn alloy. The orientation map is coded by the

inverse pole figure coloring scheme as demonstrated in the

inset, in which grains with {001}, {101}, {111} planes parallel

to the sample disk surface are indicated by red, green and blue,

respectively. The black, silver and red boundary lines corre-

spond to high-angle grain boundaries (>15°), low-angle grain

boundaries (2–15°), and Σ3 twin boundaries, respectively. The

black points are unindexed points in the orientation map. As

shown, the overview of grain size and morphology agrees well

with the TEM observation. Severe deformation has induced

grain refinement down to the nanoscale. Equiaxed nanoscale

grains were found dotted around ultrafine-grains. The grains

highlighted by A, B and C have a specific twin feature, which

will be discussed in detail in the following section. As in B and

C, numerous twins are observed to intersect with triple junc-

tions in the orientation maps. Most grains have significant

internal orientation change due to the intragranular deformation

that occurred during HPT, as indicated by the abundance of

low-angle boundaries and a change in color within grains. The

pole figures presented in Figure 2b reveal that there is only a

weak texture. These details are consistent with the deformation

features observed under TEM.

Figure 2: (a) A typical TKD orientation map of the HPT Cu–Zn alloy.
The inverse pole figure coloring scheme in the inset is utilized to code
the orientation map, in which grains with {001}, {101}, and {111} planes
parallel to the sample surface are indicated by red, green and blue, re-
spectively. The black, silver and red boundary lines represent high-
angle grain boundaries (>15°), low-angle grain boundaries (2–15°),
and Σ3 twin boundaries, respectively. Grains highlighted with white
squares and labeled with A, B and C present three typical twin struc-
tures that correspond to those shown in Figure 3a–c, respectively. In B
and C, twins intersect with triple junctions (highlighted by circles),
which is a common phenomenon in all orientation maps. (b) Pole
figures of the area presented in (a). Only a weak texture is observed
here.

Figure 3a–c shows TEM images of three typical types of twins.

They corresponds to the three most common twin morpholo-

gies observed in TKD orientation maps, as indicated by A, B
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Table 1: Statistical data of triple junction related twinning. Yes and No in this table denote whether a twin (boundary or domain) is connected to a
triple junction.

Grain size range
(nm)

Twinned grain
(counts)

No Yes

Count Fraction (%) Count Fraction (%)

30–200 300 52 ≈17 248 ≈83
30–100 110 19 ≈17 91 ≈83
100–200 190 33 ≈17 157 ≈83

and C in Figure 2a. These three twins are categorized based on

their thicknesses relative to the TKD step size. Generally, for

the software to display a twin boundary, it needs to measure the

orientation difference across the boundary. But when the twin is

extremely small and thinner than one step size (6 nm), it cannot

be detected by TKD in our study. Therefore, when the twin

domain thickness is around or slightly larger than the step size,

as in the case of Figure 3a, TKD is able to detect the twin, but

unable to resolve the twin domain. This whole twin appears as

one single Σ3 red line in the TKD orientation map and bounded

by two separate matrices with the same orientation, as shown in

frame A in Figure 2a. Second, when the twin thickness is much

larger than the TKD step size (Figure 3b), two Σ3 red lines

bounding the twin can be clearly observed, as shown in frame B

of Figure 2a. The third case is shown in Figure 3c: when the

twinning propagates to the grain boundary and the twin domain

thereby becomes large enough to cover part of a grain, only one

coherent twin boundary appears in the grain. In this case, a red

Σ3 twin boundary line splits the grain with two different orien-

tations, as shown in frame C in Figure 2a.

The statistical information on the relationship of triple junc-

tions and twins is listed in Table 1, which shows results from

300 twinned grains. “Yes” and “No” in the table denote whether

a twin intersects with a triple junction. It has been reported that

the area nearby a triple junction would emit or absorb free

volumes to promote the emission of partial dislocations [12]

and then emitted partial dislocations would induce the growth

of stacking faults or twins [14,15]. Therefore, a twin meeting

the triple junction could be nucleated from the triple junction.

The statistics in Table 1 reveals that 248 out of 300 twinned

grains (83%) have at least a twin connected with a triple junc-

tion. Two grain size subsets, 30–100 nm and 100–200 nm, are

selected to make a comparison in order to avoid possible grain

size effect on twin–triple junction connections. Each subset has

110 and 190 counted grains, respectively. It is shown that the

fractions of twin–triple junction connections are almost the

same for the full grain size range, suggesting that there is no

discernible grain size effect on twin–triple junction connections.

This relatively high percentage of twin–triple junction connec-

Figure 3: Typical TEM images of the three most common twin mor-
phologies highlighted in Figure 2a: (a) twin thickness is around or
slightly larger than the TKD step size; (b) twin thickness is much larger
than step size; (c) twin thickness is much larger than step size and
there is only one coherent twin boundary in the grain interior; (d), (e)
and (f) are enlarged features under HRTEM from (a), (b) and (c), re-
spectively.

tions also implies that triple junctions could be playing a signifi-

cant role in the nucleation of deformation twins. This is the first

time such statistical data is reported.

A well-known deformation mechanism in nanocrystalline fcc

metals is partial emission from grain boundaries, resulting in

stacking faults and twins. This has been firstly observed through
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simulation [12,13] and then verified by TEM characterization

[14,15]. It has also been demonstrated that triple junctions were

energetically more favorable [18,35], and therefore were more

effective in promoting partial emissions than grain boundaries.

It was found that high densities of triple junctions in nanostruc-

tured materials could promote twin nucleation [36]. Although

some twins connecting with triple junctions might have not

been nucleated at the triple junctions, the statistical results ob-

tained from this investigation suggest that triple junctions might

have promoted the nucleation of deformation twins.

Although TKD can only perform post-mortem characterization

of nanostructure at this stage, it has the advantage of resolving

grain boundaries, triple junctions and twin boundaries without

them being edge-on. This makes it more suitable than HRTEM

for studying triple junction/twinning relationships. Based on the

statistical data, it is reasonable to state that triple junctions in

nanostructured metals could play a significant role in the nucle-

ation of deformation twins.

Figure 4a shows the grain size distribution and the size distribu-

tion of twinned grains in the grain size range from 30 to

200 nm. When analyzing the TKD data, we recorded the infor-

mation of twinned grains and their sizes. It must be noted that

our TKD data volume here is ten times that reported in TEM

studies [22,34], and therefore provides more reliable statistics.

The average grain size is ≈80 nm. Based on Figure 4a, the frac-

tion of grains that are twinned in each size range is shown in

Figure 4b. It clearly reveals an inverse grain size effect, in

which the fraction of twinned grains decreases with decreasing

grain size [10,22]. However, the optimum grain size for twin-

ning in our observation is not the same as that observed under

HRTEM [34]. This discrepancy could be caused by the fact that

TKD does not have sufficient resolution to observe very thin

twins, that is, twins with a thickness close to or smaller than the

6 nm step size. Smaller grains may contain a large fraction of

such small twins, which may have significantly biased the data

in Figure 4.

Conclusion
Compared with HRTEM, TKD has the advantage of easily

collecting a large data set for statistical analysis of deformation

twinning. In addition, it has the advantage of being able to char-

acterize defect structures, such as grain boundaries, triple junc-

tions and twins, without requiring them to be edge-on and in the

<110> zone axis. This makes it possible to detect twins in all

orientations. Statistical TKD data reveals that triple junctions

could promote nucleation of deformation twins in a nanostruc-

tured Cu–Zn alloy. TKD has limitations in detecting thin twins

and therefore becomes unreliable when the grain size is thinner

than its step size.

Figure 4: (a) Grain size distribution and the size distribution of twinned
grains indicated by red and blue histogram, respectively. (b) Histogram
showing the fraction of grains that are twinned in each size range.
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Abstract
Hydroxyapatite (HAp) nanoparticles of tunable diameter were obtained by the precipitation method at room temperature and by

microwave hydrothermal synthesis (MHS). The following parameters of the obtained nanostructured HAp were determined: pycno-

metric density, specific surface area, phase purity, lattice parameters, particle size, particle size distribution, water content, and

structure. HAp nanoparticle morphology and structure were determined using scanning electron microscopy (SEM) and transmis-

sion electron microscopy (TEM). X-ray diffraction measurements confirmed crystalline HAp was synthesized, which was pure in

terms of phase. It was shown that by changing the synthesis parameters, the diameter of HAp nanoparticles could be controlled. The

average diameter of the HAp nanoparticles was determined by Scherrer’s equation via the Nanopowder XRD Processor Demo web

application, which interprets the results of specific surface area and TEM measurements using the dark-field technique. The ob-

tained nanoparticles with average particle diameter ranging from 8–39 nm were characterized by having homogeneous morphology

with a needle shape and a narrow particle size distribution. Strong similarities were found when comparing the properties of some

types of nanostructured hydroxyapatite with natural occurring apatite found in animal bones and teeth.

1586

Introduction
Hydroxyapatite (HAp) is a naturally occurring mineral (a form

of calcium apatite), which is also an inorganic component of

bones, with approximately 8 wt % water, 22 wt % protein and

70 wt % mineral. HAp is a form of calcium phosphate with the

chemical formula Ca10(PO4)6(OH)2 and a hexagonal crys-

talline structure. Bones contain about 65 wt % hydroxyapatite, a

needle-shaped compound with a width of 5–20 nm and length

of 60 nm, which is responsible for rigidity and strength [1,2].

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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The wide range of potential applications of nanostructured HAp

have drawn much attention among researchers, industry and

investors. Hydroxyapatite is characterized by its biocompatibili-

ty and osteoconductivity. The material has been commonly and

successfully used in regenerative medicine and in drug delivery

systems [3,4]. Nanostructured hydroxyapatite particles can be

applied as building blocks for damaged enamel in caries therapy

[5]. Various studies demonstrate that owing to its high surface

energy, nanoscale HAp can enhance its mechanical features,

enabling a quicker implant surface turnover [6]. Hydroxy-

apatite materials are used as substitute bones, antiwrinkle

creams, and sun creams. They are used in the production of

toothpaste formulations and to speed up wound healing. There

are patches and ointments using the unique properties of HAp

that were developed by scientists in Poland [7]. Hydroxyapatite

has also received great interest in the regeneration of animal

bone loss.

It has been proved that HAp nanoparticles (nano-HAp) are

better positioned to serve as an apatite substitute of bone in bio-

medical applications than micrometer-sized hydroxyapatite

(micro-HAp) [8]. The impact of nano-HAp particles with differ-

ent morphology on highly malignant melanoma cells was

analyzed. The obtained results showed that proliferation of such

malignant cells was inhibited more efficiently by the occur-

rence of the nanoscale effect than by HAp particle morphology

[9]. Another study analyzed the effects of different sized nano-

HAp – ranging from 20 to 80 nm – on the proliferation of bone-

related cells (bone marrow mesenchyme stem cells and

osteosarcoma cells) [10]. The cell culture experiment con-

firmed that in comparison to conventional HAp, cytophilicity of

the nanophase mineral improved with nano-HAp. In addition,

an increased viability and spread of stem cells was observed for

nano-HAP, in particular for the smallest 20 nm particles. In the

same vein, the smallest 20 nm particles turned out to be the best

inhibitor of growth of osteosarcoma cells, yet all nano-HAp

retarded the growth process. Another study also reported the

antitumor action of nano-HAp [11].

It is believed that nano-HAp demonstrates desirable cell multi-

plication in order to optimize biological functionality, a prop-

erty which is highly dependent on particle size [8]. The above

mentioned findings play an important role in the comprehen-

sion of nano-HAp biological activity and cytophilicity during

biomineralization.

Its ability to circulate in blood and its capacity to deliver a

payload to cells and tissues makes nano-HAp a strong candi-

date to enhance the current effectiveness of disease diagnosis,

which was already proved by applying nanoparticles to bio-

imaging and therapy [3,12].

HAp-based compounds and substances can also play a signifi-

cant role in waste management and catalyst production [13,14]

because of HAp’s high sorption activity to numerous ions in-

cluding several heavy metals and radionuclides [15]. A model

compound reflecting bone mineral phase is a nonstoichiometric

hydroxyapatite with a molar ratio different than 1.67. Neverthe-

less, regarding biological apatite, the main substituent is

carbonate, which normally occurs at 5 to 8 wt % in bone miner-

al. Moreover, calcium deficiency is always observed in biologi-

cal apatites along with a relatively low degree of crystallinity –

with diameter on the order of 0.2 µm and smaller [16-18].

In the hydroxyapatite structure, PO4
3− anions can be substi-

tuted to a certain extent by carbonate groups, whereas calcium

ions can be substituted by magnesium (≈0.7 wt %), sodium

(≈0.9 wt %), potassium (0.03 wt %) chlorine (0.13 wt %), fluo-

rine (0.03 wt %) and a few trace elements: Sr, Pb, Zn, Cu, and

Fe. The occurrence of the aforementioned elements affects the

activity of bone-cell-related enzymes. The introduction of Mg2+

and CO3
2− ions causes a decrease in the size of crystals and an

increase in solubility. The high reactivity of bone apatite is a

result of low crystallinity. The reactivity is reflected in bone

resorption processes. The amount of elements substituted

depends on the conditions under which that structure is formed.

Their occurrence also influences stoichiometry, crystallinity,

and thermal and chemical stability of a compound [19]. In line

with the increase in calcium deficiency, the number of crys-

talline structure defects, caused by calcium ion vacancies,

increases, diminishing material stability, and as a result,

enhancing its solubility [20,21].

A range of various methods have been developed in order to

produce HAp powder, among others, combustion preparation

[22], and numerous wet chemistry techniques, such as direct

precipitation from aqueous solutions, electrochemical deposi-

tion [23], sol–gel processes [24] and hydrothermal synthesis

[25-27] (Table 1).

In the majority of cases, the synthesized powder is a stoichio-

metric hydroxyapatite, and oftentimes contains additional

phases and substances such as by-products or unreacted sub-

strates [25,32]. Apart from all aforementioned methods, the

hydrothermal technique seems to have many advantages [33].

Microwave hydrothermal synthesis (MHS) is a development of

the hydrothermal technique [34]. MHS can be defined as a

microwave-assisted process in a closed reaction vessel, induc-

ing decomposition or a chemical reaction(s) between the precur-

sor(s) in the presence of a water solvent at a temperature higher

than the water boiling point. The technique was developed early

on in order to synthesize HAp and was well received because it

is easy to use, cost efficient and environmentally friendly [35].
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Table 1: Summary of methods of obtaining HAp.

Ref. Starting materials Synthesis and process methodsa Particle shape/size End products

[25] (Ca(NO3)2·4H2O),
(NH4)2HPO4

ppt + 48/72 h in 200 °C +
ultrasonic bath washing + drying

median length 100–600 nm,
median width 20–40 nm

monetite CaHPO4 after
drying

[28] (Ca(NO3)2)·4H2O,
H3PO4, NH4OH

ppt + MW + washing + calcination
(500 °C)

nano-rods L = 37 nm,
D = 8 nm

NH4NO3 before washing

[29] (Ca(NO3)2)·4H2O,
(NH4)2HPO4

ppt + centrifugation (6000 rpm for
10 min) + washing + freeze drying
+ calcination (550 °C/5 h)

rod-like crystals L = 40 nm,
D = 15 nm

NH4NO3 before washing

[30] Ca(OH)2 calcinate to
form CaO (improves the
reactivity of lime), H3PO4

ppt (20 °C) + 24 h ripening +
washing +calcination (900 °C)

300 nm no impurities because of
washing

[31] CaCl2, KOH, KH2PO4 ppt (70 °C) 1 h + reflux time
(1 week) + filtration + washing +
drying

length of the crystals
200–400 nm;
SSA 70 m2/g

Cl− before washing, K+ could
substitute calcium ions into
the HAp crystal lattice

[32] CaSO4·0.15H2O,
(NH4)2HPO4

ppt (25 °C) + 21 days in 25 °C +
washing + drying

crystal size of 1 to 8 μm (NH4)2SO4, H2SO4 before
washing, brushite after drying

appt, precipation; MW, microwave.

In a previous study [26,27], we reported microwave-driven

hydrothermal synthesis of nano-HAp, with average particle size

ranging from 6 to 30 nm, which varied with synthesis time.

Further, it was found that the Ca/P ratio of the NPs was synthe-

sis-time dependent. The purpose of this study was to further

develop the previously reported synthesis methods in order to:

further extend the range of particle sizes, scale up the synthesis

process by six orders of magnitude of six types of nano-

hydroxyapatite, and to demonstrate that a precise control of the

average particle size and particle size distribution can be main-

tained and these parameters can still be precisely tuned.

Experimental
Materials
The HAp nanopowder was synthesized via a simple precipita-

tion method (exactly in the acid/base neutralization process).

The precursors for the synthesis were calcium hydroxide

(10.3458 g) (Ca(OH)2, pure, CHEMPUR, Poland) and

orthophosphoric acid (5.7 mL) (H3PO4, 85 wt % solution, ana-

lytically pure, CHEMPUR, Poland). Deionized water was used

for the synthesis (450 mL) (HLP 20UV, Hydrolab, Poland). The

molar ratio of the starting materials used was Ca/P 1.67. Phos-

phoric acid was added dropwise to the water suspension of

calcium hydroxide at a rate of 0.01 mL every 0.5 s (Titrator, SI

Analytics, Titronic universal, TZ3260, Germany); hydroxy-

apatite was formed with the following reaction scheme:

(1)

The hydroxyapatite precipitate was intensively stirred using a

mechanical stirrer at room temperature. The suspension of

Type 1 hydroxyapatite was obtained after 30 min of additional

stirring. In order to obtain Type 2–Type 6 hydroxyapatite mate-

rials, the reaction water suspension was transferred into a

capped Teflon® vessel and heated using microwave radiation in

the MSS2 reactor (ITeE-PIB, IHPP PAS, Ertec Poland [36]) as

shown in Figure 1.

The parameters of the reactor are as follows: p <= 6 MPa,

T <= 260 °C, V = 470 mL, P = 3 kW. Hydroxyapatite

(Type 2–Type 6) was obtained by microwave hydrothermal

synthesis (MHS). The MSS2 reactor (Figure 1) permits rapid,

uniform heating and synthesis under high purity conditions

in a closed vessel with precise control of the reaction time (Ta-

ble 2).

The synthesis was carried out in the MSS2 reactor at a constant

power during the process, over the duration times of 55, 90, 600

and 1200 s, depending on the type of the synthesized powder

(Type 2–Type 6) at varied pressures (Table 2).

The only by-product of hydroxyapatite synthesis is water,

which enables the washing of synthesis products to be skipped.

The as-obtained precipitate was dried in a lyophilizing cabinet

(Lyovac GT-2, SRK Systemtechnik GmbH, Germany), at-

tached with a vacuum pump by Leybold Trivac. The drying pa-

rameters depended on the amount and type of powder batch.

Methods
X-ray diffraction (XRD). XRD patterns of nano-HAp powders

were collected on an X’Pert PRO, PANalytical diffractometer

equipped with a copper anode (Cu Kα1) and an ultra-fast

PIXcel1D detector [37]. The analysis was performed at room
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Figure 1: The MSS2 reactor [36]: a) general draft of the MSS2 reactor; b) view of the prototype; c) principle of operation of the load and unload
system.

Table 2: Synthesis parameters.

Sample Synthesis parameters of the MSS2 reactor

Time (s) Pressure (Bar) Temperature (°C) Power (kW)

HAp Type 1 obtained without using the reactor
HAp Type 2 55 ≈1 115 3
HAp Type 3 90 3 140 3
HAp Type 4 600 3 140 3
HAp Type 5 600 10 190 3
HAp Type 6 1200 20 220 3

temperature in the range 2θ = 10–100° with a step of 0.03°. The

average diameter of nano-HAp crystallites (dhkl) was calculated

on the basis of the Scherrer’s equation [38].

Density measurements. The density of two nano-HAp types

were measured using a helium pycnometer (AccuPyc II 1340,

Micromeritics) at 24 ± 2 °C, according to ISO 12154:2014.

Specific surface area (SSA). SSA of the nanopowders was

measured by analysis of the BET isotherm method using a

Gemini 2360 instrument by Micromeritics according to ISO

9277:2010. Before the density and SSA measurements were

carried out, the powders were dried at 150 °C for 2 h in a con-

stant flow of helium (FlowPrep 060 desorption station by

Micromeritics). The average diameter of the particles (dBET)

was calculated on the basis of SSA and density (see

Equation 2); assuming that all HAp particles were spherical and

identical.

(2)

where dBET is the average particle diameter calculated using the

SSA value, SSA is the specific surface area calculated using the

BET isotherm, and ρ is the material density.

TG-DSC. TG-DSC analysis was carried out using an STA 449

F1 Jupiter by Netzsch. The analysis was performed with a

heating rate of 5 °C/min; the top temperature was 1350 °C. The

measurement was performed under a constant flow of helium at

60 mL/min.

SEM and TEM. The morphology of the nanopowder samples

was examined using SEM (Ultra Plus; Carl Zeiss Meditec AG,

Jena, Germany) and transmission electron microscopy (TEM)
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(JEM2000EX; JEOL, Tokyo, Japan). The TEM, high-resolu-

tion TEM, and selected area electron diffraction tests were con-

ducted at 200 kV. The samples for the TEM observations were

prepared by dropping the methanol particle dispersion, created

by an ultrasonic technique, on a carbon film supported on a

300-mesh copper grid. Additionally, TEM tests were used to

determine the nanoparticle size distribution. The particle size

histograms were obtained by examining an area of a sample

containing about 250 nanoparticles. The nanoparticle shape was

nearly to spherical. The obtained histograms were fitted to

either normal or log-normal distributions (Χ-squared test and

Pearson’s coefficient) [26].

Chemical composition of the powders. The experimentally

measured ion content in the powders may not be identical to

that in the solutions. The chemical composition analysis of

powders was examined by inductively coupled plasma optical

emission spectrometry (ICP-OES) with induction in argon

plasma (Thermo Scientific, iCAP 6000 series, United

Kingdom). The samples analyzed using ICP-OES were pre-

pared as follows: 5 mg of powder was weighed in a 110 mL

Teflon® vessel and 15 mL of deionized water (HLP 20UV,

Hydrolab, Poland) was added. Then, 6 mL of HNO3 was added

and the solution was subjected to one microwave heating cycle

in the microwave reactor (Magnum II, Ertec, Poland). After

cooling, the sample volume was replenished to 50 mL with de-

ionized water [39].

Crystallite size distribution. A Nanopowder XRD Processor

Demo was used for the analysis of the XRD peak profile by

using an analytical formula for polydispersive powders [40].

This technique provides four parameters: average particle size,

error of average particle size, dispersion of size and error of

dispersion of size. Hence, a full particle size distribution curve

and an estimation of “thickness” of this curve (error bars) are

obtained. For calculating the crystallite diameter and size distri-

bution, the Nanopowder XRD Processor Demo web application

employs equations derived for spherical crystallites. The

website http://www.science24.com/xrd provides an on-line tool

where diffraction files can be directly dropped. The files are

processed on a server to extract particle size distribution for

XRD peaks. Unlike standard fitting, the tool does not act in the

reciprocal space at but solves all sets of equations in a few

auxiliary spaces simultaneously. This allows an analysis of

XRD data with heavily convoluted reciprocal space peaks [41].

Results and Discussion
The precise control of particle size and particle size distribution

is one of the main challenges faced by nanoparticle technology

[42]. An increased scale up of hydroxyapatite production was

achieved as a result of increasing the initial volume of reagents

and using a new reactor, MSS2, as described previously. The

precursor, and at the same time HAp Type 1, was synthesized,

obtaining ≈500 mL of suspension. This was dried in a

lyophilizing cabinet and ≈14 g (95% efficiency) was obtained

from a single synthesis. In previous work [26,27] the precursor

was prepared from 75 mL of the suspension (where HAp was

not obtained at room temperature). 350 mL of the suspension

(≈11 g of HAp) was fed to the MSS2 reactor (maximum

permitted feedstock volume in MSS2 reactor’s reaction

chamber), in comparison with previous work [26,27], where a

different microwave reactor was used (Ertec Magnum-II) and

only 70 mL of the suspension (≈2 g of HAp) could be synthe-

sized at one time. When using the MSS2 reactor, up to 150 g of

HAp could be synthesized over one day (10 working hours),

while in the case when using the Ertec Magnum-II reactor, up to

20 g could be produced [26,27].

An XRD analysis of all obtained HAp powders was carried out.

The results confirmed that Type 1–Type 6 HAp powders were

pure crystalline products (Figure 2).

Based on the diffraction patterns, the gradual growth of the

crystallites (nanoparticles) from Type 1 to Type 6 was ob-

served. The presence of other crystalline phases or any amor-

phous components was not observed. In addition, the XRD

method was used to test a beef bone, a rabbit bone, a horse

bone, a turkey bone, a pork bone and a duck bone (Figure 3).

Additionally, the XRD results of a cod bone, a human tooth

with enamel and a tooth root were summarized. Pastilles with a

diameter of 12 mm, obtained by pressing pulverized bones

under a pressure of 10 MPa, were used for the EDX measure-

ment. The above mentioned natural samples were used as a

comparison and reference to natural apatite. The crystal struc-

tures of the tested samples of bones and the tooth without

enamel are almost identical. The diffraction pattern of HAp

Type 1 nanopowder coincides with the result of HAp NPs for

the tooth without enamel. It is also very similar to bone

hydroxyapatite NPs. The publication by Martin et al. [43]

contains XRD results of human bone. When juxtaposing the

XRD results of human bone and of a HAp Type 1 sample, it can

be found that they look identical. The HAp particles obtained

and described in this paper display peaks with hexagonal crys-

talline structure and P63/m space group, which was confirmed

by TEM results. The presence of no other crystalline phase than

hydroxyapatite was detected. The peaks characteristic of

hydroxyapatite were observed at angles of 26° and 30–34° [44].

These results for HAp Type 1 confirm that the obtained

hydroxyapatite is pure and homogeneous. For HAp Type 1 and

natural apatites juxtaposed in this paper and juxtaposed with the

results for human bone [43], the peaks are located in the same

http://www.science24.com/xrd


Beilstein J. Nanotechnol. 2016, 7, 1586–1601.

1591

Figure 2: XRD patterns of HAp powders.

Figure 3: XRD patterns of a duck bone, a beef bone, a pork bone, a turkey bone, a horse bone, a rabbit bone, a cod bone and a tooth with and with-
out enamel, as well as HAp Type 1 and Type 6 nanopowders.

places in diffraction patterns and are broadened at the same

peak proportions. The peak broadening for HAp Type 1 and

natural HAp of animal bones and human bone displays the same

crystalline morphology, which means that synthetic HAp

Type 1 is characterized by the identical morphology to human

HAp [43], and identical to HAp occurring in animal bones

(Figure 3). On this basis it can be stated that HAp Type 1 is a

synthetic equivalent of natural bone. HAp Type 6 is character-

ized by a larger nanoparticle size, which is visible through a

narrower width of the peaks in the diffraction pattern. The crys-

talline structure of HAp Type 6 is very similar to the crystalline

structure of tooth enamel.

Type 1–Type 6 hydroxyapatite indicates high nonstoichiometry

(Table 3): the Ca/P molar ratio is 1.61 ± 0.03, where synthe-

sized hydroxyapatites are apatites with calcium deficiency

(Ca-def). The molar ratio of the obtained hydroxyapatites is

very similar to the Ca/P molar ratio present in natural bone

(1.65), or enamel (1.62) [5,45]. The Ca/P molar ratio does not

depend on the synthesis parameters.
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Table 3: The Ca/P ratio determined by ICP-OES measurements.

Sample Ca/P

HAp Type 1 1.64 ± 0.02
HAp Type 2 1.61 ± 0.02
HAp Type 3 1.61 ± 0.02
HAp Type 4 1.59 ± 0.01
HAp Type 5 1.61 ± 0.02
HAp Type 6 1.60 ± 0.03

The papers by Smolen et al. [26,27] are very interesting publi-

cations, describing that the Ca/P molar ratio for the obtained

HAp powders depended on the duration and temperature of the

synthesis reaction carried out in an Ertec Magnum II micro-

wave reactor. They adopted a constant molar ratio of reagents

of Ca/P 1.67 for all syntheses. In order to prepare the reaction

suspension, H3PO4 was added dropwise to the water suspen-

sion of Ca(OH)2 at a speed of 0.01 mL every 3 s, while

intensely stirring the suspension at room temperature. The

authors did not obtain HAp NPs at room temperature. They

treated the suspension obtained at room temperature solely as

the precursor for microwave hydrothermal synthesis of HAp

NPs. After the completed syntheses they flushed the obtained

suspensions with ethanol and water and subsequently dried in a

laboratory drying cabinet [26,27].

The synthesis described herein reports a similar technology for

obtaining HAp NPs. We used the same reagents (H3PO4,

Ca(OH)2) and we adopted the same constant molar ratio of the

reagents being Ca/P 1.67. However, our method differs in

several very important aspects from the afore mentioned paper.

Namely, we added H3PO4 dropwise to the Ca(OH)2 suspension

at a six times greater speed (0.01 mL every 0.5 s). We did not

flush the obtained suspensions but only dried them in the

lyophilizing cabinet. At room temperature we always obtained

fully crystalline HAp Type 1. In order to obtain HAp Type 2–6,

we used a MSS2 microwave reactor, where HAp Type 1

suspension was used as the precursor. During our experiment,

we did not observe any impact of synthesis duration and tem-

perature on the Ca/P molar ratio of HAp powders. In order to

confirm this, it was decided to synthesize a powder with a dif-

ferent starting Ca/P molar ratio and determine the parameters of

the obtained powder. The hydroxyapatite precursor was pre-

pared with calcium deficiency, with the molar ratio Ca/P 1.57.

The synthesis procedure was the same as described in the

section Materials. The results of ICP-OES tests revealed that

powders (Type 1–Type 6) characterized by high nonstoichiom-

etry were obtained with calcium deficiency, as was assumed.

The molar ratio of the synthesized hydroxyapatite types was

Ca/P 1.52 ± 0.01. The achieved results clearly show the manner

in which stoichiometry was controlled. The stoichiometry was

controlled by modifying the precursor at the initial synthesis

stage (see the section Materials). Contrary to the previous

results, the Ca/P ratio was not a function of the synthesis param-

eters [26,27].

We believe that the major reasons for differences between our

method and the method presented by Smolen et al. [26,27] in

terms of controlling the Ca/P molar ratio of HAp NPs are as

follows: the use a different type of precursor, a different manner

of flushing, and a different manner of drying.

The density of the HAp Type 1–Type 6 nanopowders was 2.86

to 3.03 g/cm3 (Table 4). Literature data show that the density

of hydroxyapatite nanopowders is 3.05 g/cm3 [45]. For

Type 1–Type 3 powders, the density values were lower by

4–6%. Such a difference results from the nano-size of the parti-

cles of the obtained nanopowder. In the case of nanomaterials, a

decrease in density is observed in comparison with micropow-

ders, because the material surface layer is not as closely packed

as the whole volume of particles [46] (with the observed appro-

priately small surface in relation to the higher density value), or

the presence of small quantities of the amorphous phase. The

specific surface area ranged from 51 to 258 m2/g (Table 4),

where the average particle diameter calculated based on the

SSA was 8 to 39 nm (Table 5).

Table 4: Density and specific surface area (SSA) of synthesized
hydroxyapatite powders.

Sample SSA as ± σ (m2/g) Density ρs ± σ (g/cm3)

HAp Type 1 258 ± 1 2.86 ± 0.02
HAp Type 2 211 ± 1 2.92 ± 0.02
HAp Type 3 149 ± 1 2.95 ± 0.01
HAp Type 4 85 ± 1 3.00 ± 0.01
HAp Type 5 61 ± 1 3.03 ± 0.01
HAp Type 6 51 ± 1 3.04 ± 0.01

Based on an analysis of the XRD diffraction patterns, a distribu-

tion of crystallite sizes was determined for HAp NPs (Figure 4).

Depending on the synthesis time and applied pressure, the HAp

nanomaterial density gradually increased and the SSA consider-

ably decreased – the data are presented in Table 4. For Type 6

hydroxyapatite, a SSA of 51 m2/g and a density of 3.04 g/cm3

were found. The average particle diameter was calculated based

on SSA and density results. For Type 1 hydroxyapatite, the av-

erage particle diameter was 8 nm, while for Type 6 it was

39 nm. For Type 3, a decrease in SSA to 149 m2/g was ob-

served. The density increased by 0.09 g/cm3 to 2.95 g/cm3; the
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Table 5: Comparison of particle diameter for the various HAp nanopowders, calculated by four different methods.

Sample Average particle
diameter from
SSA/BET
d ± σ (nm)

Average crystallite size from the
Scherrer's equation

Average particle
diameter from TEM
xc ± σ (nm)

Average crystallite
size from
Nanopowder XRD
Processor Demo
d ± σ (nm)

Length (nm) Width (nm)

HAp Type 1 8.1 ± 0.1 19 ± 9 6 ± 2 6.5 9.6 ± 7
HAp Type 2 9.7 ± 0.1 24 ± 9 7 ± 0.5 7.3 ± 0.3 11.4 ± 6.4
HAp Type 3 13.7 ± 0.1 28 ± 12 14 ± 6 11.7 ± 0.3 15.7 ± 9.8
HAp Type 4 23.5 ± 0.3 38 ± 17 23 ± 6 18.4 ± 0.6 24.4 ± 16.9
HAp Type 5 32.5 ± 0.4 50 ± 20 30 ± 9 26.9 ± 0.6 38.4 ± 28.1
HAp Type 6 38.7 ± 0.6 60 ± 20 33 ± 9 34.8 ± 0.9 63.7 ± 45

Figure 4: Crystallite size distribution, obtained using Nanopowder XRD Processor Demo [48]: a) HAp Type 1; b) HAp Type 2; c) HAp Type 3; d) HAp
Type 4; e) HAp Type 5; f) HAp Type 6.

average particle size was 14 nm. Due to the longer synthesis

time and accordingly higher temperature in the reactor, the SSA

was reduced to 85 m2/g for Type 4, to 61 m2/g for Type 5, and

to 51 m2/g for Type 6. Therefore, the density was found to be

3.00 g/cm3 (Type 4), while the particle diameter increased to

24 nm. For Type 6, the average diameter of the obtained parti-

cles was 39 nm and the density was 3.04 g/cm3, which was

nearly equal to the literature value for hydroxyapatite [47].

The material was characterized by an average particle diameter

between 10 and 64 nm from data obtained using Nanopowder

XRD Processor Demo (Table 5). The calculations of the aver-

age crystallite size (XRD) coincide with an accuracy of

2–25 nm with average particle diameters calculated based on

the SSA, which confirms that the nanopowder is monocrys-

talline and does not form aggregates. However, a change in the

nanoparticle diameter is directly proportional to the density and

inversely proportional to the SSA.

Hydroxyapatite is the primary component of bones and teeth

[5]. The crystallite (particle) size of natural apatites present in

bones (Table 6), calculated based on XRD using Scherrer’s

equation, revealed a strong similarity to the results of synthetic

Type 1 and Type 2 hydroxyapatites (Table 5).
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Table 6: Comparison of crystallite sizes in bones as examples of
natural apatite, calculated using XRD and Scherrer’s equation.

Examples of natural
apatite

Average crystallite size from
Scherrer's equation

Length (nm) Width (nm)

Duck bone 17 ± 2 7 ± 1
Beef bone 21 ± 5 6 ± 1
Cod bone 19 ± 2 5 ± 1
Pork bone 16 ± 6 6 ± 1
Turkey bone 20 ± 7 6 ± 3
Horse bone 20 ± 2 8 ± 1
Rabbit bone 20 ± 3 6 ± 2
Tooth, no enamel 21 ± 4 8 ± 2
Tooth, with enamel 48 ± 30 40 ± 22

Thus, the hydroxyapatite that was synthesized displayed a struc-

tural similarity to bones and teeth. The width and length of crys-

tallites in bones and teeth without enamel are comparable,

where the values fall within the distribution range. Bones

contain a considerable quantity of carbonate ions (5–8%).

Apatite present in bones contains very few hydroxyl groups.

Among the examples of natural apatites given, only the apatite

present in tooth enamel contains less carbonates and a higher

concentration of hydroxyl ions [49]. In her work, Sharon Kehoe

[50] draws attention to the importance of atmospheric environ-

ment. She states that when chemical precipitating process

occurs, adsorption of atmospheric CO2 can follow in a way that

the carbonate anion in the form of CO3
2− can become imbedded

into the crystalline lattice of HAp. This could give rise to the

appearance of microscale stresses and deformations in the

crystal lattice of the stoichiometric HAp [51]. Crystallographic

changes in the structure of biological apatites are caused by

carbonate substitutions in the apatite crystalline lattice [52].

Carbonate substitutions in the hydroxyapatite lattice are

unstable and depend on synthesis temperature. Table 7 summa-

rizes the results of the lattice parameters of synthesized HAp.

Table 7: Results of the lattice parameters determined by the XRD
analysis for synthesized hydroxyapatite.

Sample Lattice
parameter
a (Å)

Lattice
parameter
c (Å)

a/c

HAp Type 1 9.436 ± 0.003 6.874 ± 0.002 1.373
HAp Type 2 9.431 ± 0.002 6.878 ± 0.001 1.371
HAp Type 3 9.421 ± 0.001 6.878 ± 0.001 1.370
HAp Type 4 9.421 ± 0.001 6.878 ± 0.001 1.370
HAp Type 5 9.421 ± 0.001 6.877 ± 0.001 1.370
HAp Type 6 9.420 ± 0.001 6.877 ± 0.001 1.370

The highest value of the a lattice parameter was found for

Type 1 HAp. Type 1 hydroxyapatite was obtained by a precipi-

tation method at room temperature, where the quantity of CO2

dissolved in water is the greatest (increase in a direction), and

lower when HAp was synthesized using the reactor (i.e.,

Type 2–Type 6, increased reaction temperature). An advantage

of the product synthesized at room temperature is the greater

carbonate content, which better correlates to the natural apatite

present in bones.

Changes in the a/c ratio would translate into corresponding

changes in the lattice parameters. Hence, lowering the a/c ratio

would mean a reduction in the a lattice parameter and a simulta-

neous increase in the c lattice parameter, making it more benefi-

cial than an increased a/c ratio, which efficiently reduces the

crystallinity response [50]. The increased a/c ratio (an increase

in a and a decrease in c) contributes to reduced crystallinity and

the presence of a foreign phase, β-TCP [53].

When comparing the various methods of converting the XRD

results, Scherrer’s equation and the Nanopowder XRD

Processor Demo (Tab. 5) showed similar results that fell within

the standard deviation of methods. The results of the XRD

method calculated using Scherrer’s equation coincide with an

accuracy of ≈5% with the results of the method based on SSA

and density results. The average particle diameter of HAp sam-

ples obtained from TEM measurements (Table 5) is inconsis-

tent with the results found by the other methods. These differ-

ences may be caused by the small quantity of the tested sample

in comparison with the diffraction method, as well as sample

image overlapping and particle shape.

Hydroxyapatite nanoparticles are not spherical; they occur in

the form of lamellas, which generates an error and discrepan-

cies between the methods. When comparing the four methods

used for determining the particle/crystallite size, the use of

Scherrer’s equation yielded most accurate results [54]. It was

the only method which could provide two dimensions (length

and width) of the crystallites, based on which we inferred also

the shape of the obtained particles (needles/lamellas). The same

particle shape was independently confirmed by TEM measure-

ments of HAp powders (see Figures 6–11 that follow), which

confirms that Scherrer’s equation is capable of determining the

shape of the particles. All the other methods of the Nanopowder

XRD Processor Demo web application, converting the SSA

results and TEM measurements using the dark field technique,

provided the dimension (diameter) of particles/crystallites using

the equations derived for spherical particles/crystallites. The

adopted assumption is a significant simplification for the

purpose of making calculations easier, which however intro-

duces the systematic error in the results indicated in Table 5.
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Figure 5: SEM micrographs of HAp powders: (a, b) Type 1; (c, d) Type 2; (e, f) Type 3; (g, h) Type 4; (i, j) Type 5; (k, l) Type 6.

However, the results of particle/crystallite size generated by all

the mentioned methods constitute excellent data for controlling

the quality and repeatability of HAp powders we obtain. Mor-

phology was also evaluated by SEM and TEM techniques.

Figure 5 presents SEM images of Type 1–Type 6 HAp nanopar-

ticles.

The analysis of six hydroxyapatite types using SEM indicated

that homogeneous powders of nanoscale particles were formed

(Figure 5). It was observed that the morphology of the

nanopowder changed from homogeneous, elongated particles

(Type 1 and Type 2) to spherical particles (Type 3, 4, 5 and 6).

This depended on the adopted synthesis parameters resulting

from recrystallization. Crystallinity is the quantity of the crys-

talline phase in comparison with the content of the amorphous

phase present in a material. HAp crystallization occurs in accor-

dance with the Ostwald’s rule, so it usually forms from recrys-

tallization of such precursor phases as octacalcium phosphate

(OCP), dicalcium phosphate dihydrate (DCPD) and amorphous

calcium phosphate (ACP) [55]. HAp crystallization during the

synthesis ensues in accordance with the mechanism of crystalli-

zation from a solution. During the growth process, particles

may grow on the surface of sediment or precipitate in all direc-

tions. Their growth may be expected to increase with the syn-

thesis time until the crystallization process equilibrium has been

achieved [55].

During the synthesis in the MSS2 reactor, HAp particles are

dissolved and undergo recrystallization. Sharon Kehoe [50]

noticed that when dealing with such a process, the smaller parti-

cles dissolve completely for the benefit of larger particles that

continue to grow. As a result, the total number of particles

decreases in line with the increase in their sizes, similar to the

granularity of their area [50]. Both phenomena, the increase and

decrease of roughness, result from the tendency to reduce the

matter surface energy by a reduction of the SSA [31] (Table 4).

HAp morphology varies depending on the executed process pa-

rameters. The synthesis temperature growth (Type 3, 4, 5 and 6)

leads to more regular, spherical HAp particles (Figure 5). Nu-

merous reports have proved that synthesis at a low temperature

leads to HAp crystals with needle morphology [31], which is

confirmed by the SEM and TEM results of Type 1 HAp

nanopowder. According to the literature review by Kehoe [50],

many researchers who run synthesis at low temperatures ob-

tained particles that were slightly thinner and longer, and more

irregular, having less distinct borders. Additionally, these parti-

cles demonstrated a greater inclination to agglomerate [56]. It

was also shown that the higher the crystallinity of the powder,

the more regular the shape of the particle. This finding came

from the observation that transition from irregular to regular

morphologies, along with rise of the reaction temperature, coin-

cided with the increase of the HAp particle crystallinity [50].

The TEM analysis indicated that each of the obtained hydroxy-

apatite types was a hydroxyapatite with P63/m space group,

displaying a hexagonal structure with parameters a = 9.424 Å,

c = 6.879 Å [57]. Variable synthesis parameters, such as time,

temperature (pressure), or synthesis without the use of a reactor,

were found to exert no visible impact on the phase composition
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Figure 7: a) A dark field TEM image of Type 2 HAp; b) a histogram of the particle size distribution.

Figure 8: a) A dark field TEM image of Type 3 HAp; b) a histogram of the particle size distribution.

and on the crystalline lattice parameters (Table 7). In all cases,

obtaining hexagonal hydroxyapatite without the presence of

foreign phases was observed.

A microscope image of Type 1 HAp (Figure 6), taken with the

bright field technique, shows elongated structures with similar

diameters of ≈6.5 nm (ranging from 4 to 9 nm), but with

outliers ranging from more than ten to several hundred nanome-

ters.

It was impossible to determine the length distribution of these

structures precisely due to their agglomeration (Figure 6). The

average nanoparticle size for Type 2 HAp was 7.3 nm

(Figure 7).

An analysis of the histogram reveals that the sample contained a

considerable fraction of similar sized particles, ranging from 5

to 10 nm. Crystallites did not display considerable differences

in size and shape, but rather elongated, rice grain-shaped nano-

particles prevailed. The average particle size for Type 3 HAp

was 11.7 nm. The sample contained a considerable fraction

ranging from 5 to 20 nm. Type 3 HAp particles were of a simi-

lar size but quite diverse shape (Figure 8).

Figure 6: The bright field TEM image of Type 1 HAp.

The average particle size for Type 4 HAp was 18.4 nm. The

sample displayed a considerable diversity in average nanoparti-

cle size in relation to samples of Type 1, 2 and 3 HAp. HAp

crystallites for this type differed in shape and size as can be

seen in Figure 9.
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Figure 9: a) A dark field TEM image of Type 4 HAp; b) a histogram of the particle size distribution.

Figure 10: a) A dark field TEM image of Type 5 HAp; b) a histogram of the particle size distribution.

Figure 11: a) A dark field TEM image of Type 6 HAp; b) a histogram of the particle size distribution.

The average particle size for Type 5 HAp was 26.9 nm. The

crystallites did not display significant differences in shape

(Figure 10).

The average particle size for Type 6 HAp was 35 nm. Similarly,

in this case, the particles did not display significant differences

in shape, but they differed in size as shown in Figure 11.

The size distribution was found to be broader as compared with

our previous publications [26,27]; this results primarily from an

increased volume of the reaction mixture (6-fold increase in

reagent volume). The volume of the reaction feedstock

(350 mL, 3 kW) in the MSS2 reactor is considerably greater

than that possible for the Ertec Magnum II reactor (70 mL,

0.6 kW). The increase in production scale (volume) contributes
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Table 8: Analysis of the quantity of water adsorbed on the surface and present in the structure of the tested hydroxyapatites.

Sample SSA, as (m2/g) Weight loss 25–200 °C
(absorbed water), (%)

Weight loss above 200 °C
(lattice water), (%)

Total weight loss up to
1350 °C, (%)

HAp Type 1 258 5.85 4.83 10.68
HAp Type 2 211 4.91 5.08 9.99
HAp Type 3 149 2.93 3.88 6.81
HAp Type 4 85 1.40 3.13 4.53
HAp Type 5 61 0.84 2.48 3.32
HAp Type 6 51 0.46 2.22 2.68

to decreased homogeneity of the obtained materials despite the

use of microwave heating. It is common knowledge that scale-

up in nanomaterial production is very problematic [58]. This is

mainly due to the nonuniform heating of precursors. Despite the

fact that we employ the microwave heating method [35,38,59],

i.e., the most efficient and quickest method of supplying energy

to reagents, an increase in the size distribution of the obtained

particles in line with an increase in the volume of the reaction

feedstock is noticeable. This results from restricted microwave

penetration into the reaction chamber interior containing the

water reaction suspension (to ≈2.5 cm). Another significant

factor is the problem related to the stirring of the heated

reagents during the microwave reaction, which determines the

homogeneity of the obtained products. Precursor stirring during

the synthesis in the MSS2 reactor is spontaneous and results

from the temperature gradient in the reaction chamber. Stirring,

phosphoric acid addition speed, pH of the synthesized suspen-

sion, precursor suspension stirring, and heating speed are some

of the important factors taken into account when increasing the

production scale of HAp nanoparticles.

As confirmed by the obtained results, fully crystalline HAp

Type 1 was obtained without the use of the reactor at room tem-

perature. The described reaction of obtaining HAp Type 1 is a

reaction of the neutralization of Ca(OH)2 base with H3PO4 acid,

where water is the sole byproduct. This is an exothermic

process, the where the emitted energy is sufficient for the occur-

rence of the crystalline hydroxyapatite synthesis reaction. This

is unique because according to Sharon Kehoe [50], ACP accom-

panied by small quantities of HAp was the main phase obtained

from the synthesis at room temperature, whereas the quantity of

HAp grew as the synthesis temperature increased [55]. The

properties of the obtained primary product (HAp) are affected

by the substrates used (Table 1) and the speed of adding

(batching) acid to the calcium hydroxide suspension. Other

works [60] have defined the optimum conditions for the synthe-

sis of pure, monocrystalline HAp. According to the authors

[60], the speed of adding the phosphoric acid solution should be

moderate (below 100 mL/min), while the reaction temperature

should be kept lower than 60 °C. Only then will the reaction

ensue at 100% and the SSA of the obtained HAp will be

≈75 m2/g. If the speed of adding the phosphoric acid is very

high, the pH value in the reaction environment considerably

decreases. In this case, H3PO4 is not completely dissociated. An

insufficient amount of phosphate ions bring about damage to

the structure of HAp and the appearance of an undesirable

phase, Ca(OH)2 [50]. In this paper, the adding speed was

1.2 mL/min, and the product obtained at room temperature was

fully crystalline and characterized by a SSA as large as

258 m2/g. According to the authors of [55], the primary synthe-

sis product at room temperature was ACP, and they obtained

HAp only at 90 °C. This can be explained by the fact that the

quantity of one of the reagents was greater than the quantity

needed for producing HAp or that the speed of batching the

reagents was greater than the speed of reaction of obtaining

HAp at a given temperature. This resulting supersaturation of

the suspension with calcium and phosphate ions was the prima-

ry reason for the formation of ACP [61].

The thermogravimetric analysis (TGA) results (Table 8) provi-

ded information about total water content. The surface water

and structural water can be distinguished. While heating, the

water adsorbed on the surface evaporates up to 200 °C, then the

structural water is evaporated subsequently in the temperature

range 200–600 °C [62]. Even if this simplification is imprecise,

it is sufficient to indicate trends in apatite hydration. Therefore,

the total water content in our samples decreases in the following

order: Type 1 HAp > Type 2 HAp > Type 3 HAp > Type 4

HAp > Type 5 HAp > Type 6 HAp (Figure 12).

Thermogravimetric tests reveal that the greatest quantity of

water adsorbed on the particle surface was measured in the case

of Type 1 and 2 HAp nanopowder, which is probably connected

with the highly developed SSA. HAp is a hygroscopic material

and hence the primary component adsorbed on the surface is

water. The remaining analyzed powders are characterized by a

lower SSA value, so the quantity of adsorbed water is accord-

ingly lower. Powders 1 and 2 are also characterized by the
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Figure 12: Results of thermogravimetric analysis for Type 1–Type 6 HAp nanopowder heated in helium atmosphere from room temperature to
1350 °C at 5 °C/min.

highest content of structural water, i.e., built in the crystalline

lattice (200–600 °C).

Conclusion
A synthesis method was developed allowing for HAp nanoparti-

cles to be produced with controlled size ranging from 8 to

39 nm. The synthesis was carried out using two methods:

precipitation method with the precursor Ca(OH)2 + H3PO4,

where the single by-product was water and microwave hydro-

thermal synthesis, where the Type 1 HAp suspension was used

as the precursor and heated in the MSS2 microwave reactor.

The test proved that fully crystalline, clear nonstoichiometric,

nanoscale HAp can be obtained without the use of the MSS2

reactor, which was a novelty.

The average HAp size was controlled by synthesis conditions

such as time, temperature, and pressure. Crystalline HAp with

hexagonal structure with pure phase was obtained. The HAp

nanoparticles were characterized by a homogeneous morpholo-

gy with needle or spherical/elliptical shape and a significant

specific surface area. The morphology and density of the nano-

particles was found to depend on their size. The reaction time

was short and the process was carried out entirely in water.

MSS2 technology uses high power density, microwave radia-

tion and enables a nanoscale, fully crystalline structure to be

produced for all types of hydroxyapatite. The MSS2 reactor

permits the control of the parameters of the obtained hydroxy-

apatite nanopowder, for example, the surface area in the range

51–258 m2/g, and density of 2.86–3.04 g/cm3. The developed

precipitation and MHS methods enabled homogeneous HAp

nanoparticles to be obtained with controlled and narrow parti-

cle size distribution. However, when increasing the production

scale, the size distribution of HAp NPs was increased. An

advantage of the developed precipitation synthesis and MSH

methods is the low cost of the whole process and the purity of

the obtained materials. The XRD results confirmed that Type 1

and Type 2 hydroxyapatite is a synthetic equivalent of natural

apatite. A considerable content of structural water and water

adsorbed in nanoscale HAp of diameter less than 20 nm,

reaching 10 wt %, was found.

The unique design of the MSS2 rector permits precise synthesis

time control with an accuracy of 1 s. One of the MSS2 reactor’s

operation features is the emptying the reactor chamber immedi-

ately after the heating has ended, which leads to rapid cool

down and freezing of the reaction, whereby highest purity

preserved. With the MSS2 reactor, it is possible to obtain inter-

mediates of any reaction at any time during the microwave syn-

thesis without post-reaction reheating effects. Microwave irradi-

ation is a highly efficient heating method for transferring energy

into the reaction chamber and provides more uniform heating

with a rapid temperature rise in comparison with conventional

heat transfer methods. MHS is generally much simpler, cleaner,

faster, very energy efficient and more economical than conven-

tional methods. This low-energy technology is also environ-

mentally friendly.

The technology is ready to be employed in production condi-

tions, while powder parameters can be adjusted to the consum-

er needs. The method of nanoparticle size control developed
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herein can be used for optimizing the HAp properties in specif-

ic applications.
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Abstract
A new approach to grain boundary engineering (GBE) for high performance nanocrystalline materials, especially those produced by

electrodeposition and sputtering, is discussed on the basis of some important findings from recently available results on GBE for

nanocrystalline materials. In order to optimize their utility, the beneficial effects of grain boundary microstructures have been

seriously considered according to the almost established approach to GBE. This approach has been increasingly recognized for the

development of high performance nanocrystalline materials with an extremely high density of grain boundaries and triple junctions.

The effectiveness of precisely controlled grain boundary microstructures (quantitatively characterized by the grain boundary char-

acter distribution (GBCD) and grain boundary connectivity associated with triple junctions) has been revealed for recent achieve-

ments in the enhancement of grain boundary strengthening, hardness, and the control of segregation-induced intergranular brittle-

ness and intergranular fatigue fracture in electrodeposited nickel and nickel alloys with initial submicrometer-grained structure. A

new approach to GBE based on fractal analysis of grain boundary connectivity is proposed to produce high performance nanocrys-

talline or submicrometer-grained materials with desirable mechanical properties such as enhanced fracture resistance. Finally, the

potential power of GBE is demonstrated for high performance functional materials like gold thin films through precise control of

electrical resistance based on the fractal analysis of the grain boundary microstructure.
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Review
Introduction
Nanocrystalline metals and alloys have been receiving in-

creased interest from many researchers because of their unique

mechanical [1-20] and functional [21-23] properties, since

Birringer, Herr and Gleiter first reported on the processing of

nanocrystalline materials and the important characterization of

their unique properties in 1986 [1]. Nanocrystalline or nano-

structured crystalline materials have opened a new horizon

toward the generation of enhanced strength beyond the expecta-

tion from the Hall–Petch relationship for conventional polycrys-

talline structural materials with ordinary grain structure, and

conventional grain size range. It is evident that the much higher

strength of nanocrystalline materials compared to ordinary

polycrystals originates from the extensive interaction between

grain boundaries and dislocations. On the other hand, poor

ductility and severe brittleness of nanocrystalline materials have

been generally observed and still remain unsolved, even beyond

our control based on the current discipline of materials science

and engineering (MSE).

The unique bulk properties of existing nanocrystalline materi-

als are known to be ascribed to the presence of extremely high

density grain boundaries and triple junctions. This is often asso-

ciated with the nonequilibrium deformation of microstructures

introduced by severe plastic deformation (SPD) with less ther-

mal stability, excess structural defects and chemical compo-

sition by segregation to grain boundaries and interfaces

[12,15,24-29]. Since the concept of grain boundary design and

control was first proposed by Watanabe [30], an increasing

number of researchers have been involved in the development

of high performance polycrystalline materials, including

nanocrystalline or nanostructured materials. Engineering appli-

cations were successfully achieved first by Aust, Palumbo, Erb

and their coworkers [31,32] and then by the authors of this work

[33-35]. The nonequilibrium structure, structural defect and

chemical composition by segregation as well as grain boundary

character as the importance of grain boundary segregation have

already been discussed for polycrystalline materials [30,36].

Watanabe et al. [25] have reviewed the recent achievements in

GBE by magnetic field application for powerful control of

abnormal grain growth and intergranular brittleness due to

segregation of detrimental elements in nanocrystalline and ordi-

nary polycrystalline materials [24,25]. More recently, Raabe et

al. [27,28] proposed grain boundary segregation engineering for

improvement of material properties, such as the stabilization of

grains in nanocrystalline steel by carbon and solute element

segregation. Kalidindi et al. [29] have suggested that the

stability of the nanocrystalline structure is improved by prefer-

ential segregation of solute atoms to grain boundaries because

their excess free energy can be reduced. Therefore, it is very

likely that the grain boundary microstructure characterized by

appropriate microstructural parameters (e.g., grain boundary

character distribution (GBCD) [30], grain boundary connec-

tivity [30] and triple junction character distribution (TJCD))

may dominantly affect and control the bulk mechanical, physi-

cochemical, electro-magnetic and other grain-boundary-related

properties in nanocrystalline materials, as well as ordinary poly-

crystalline materials.

Accordingly, it is reasonable to consider that the GBE ap-

proach that the authors of this work have been deeply involved

so far should become of increasing importance in the develop-

ment of high performance and multifunctional nanocrystalline

materials. In recent years, the control of brittle fracture [37,38],

creep deformation [39-41], fatigue fracture [42-45], corrosion

[46-49] and stress corrosion cracking [40,41,50,51] have been

successfully achieved by applying the concept of GBE based on

the control of GBCD and grain boundary connectivity in poly-

crystalline engineering materials. GBE has been extensively

achieved by the incorporation of a high fraction of Σ3n bound-

aries by annealing in low-stacking fault energy FCC metals and

alloys. However, it should be noted that the utility of GBE for

control of brittleness was already demonstrated for BCC materi-

als with high-stacking fault energy, such as in the very early

work of the present author on Fe–6.5 mass % Si alloy with

excellent soft magnetic properties but severe brittleness.

Ductile, high performance Fe–6.5 mass % Si ribbon material

was successfully produced by precise control of grain boundary

microstructure associated with the evolution of a sharp <110>

texture in the 1980s [52], soon after the first report on nanocrys-

talline materials.

A number of excellent review papers have been published on

nanocrystalline materials produced by different processing

methods up to now. The importance of the dominant occur-

rence of the extremely high density of grain boundaries (in

single- phase materials) and interphase boundaries (in multi-

phase materials such as steels and composite alloys) is general-

ly well understood with respect to the generation of the unique

bulk properties of nanocrystalline materials. It is suggested that

the dominant effects of grain boundaries on bulk properties of

nanocrystalline structural or functional materials should be ex-

amined in relation to the applied processing methods, because

the details of generation mechanisms of grain boundaries are

strongly affected by processing routes and conditions [53,54].

As for those bulk ultrafine-grained (UFG) materials produced

by severe plastic deformation (SPD) (e.g., equal-channel

angular pressing (ECAP) and high-pressure torsion (HPT) initi-

ated by Valiev and Langdon [55,56]), and also by other quite
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different methods such as crystallization from amorphous solids

[57], extensive work has been performed on the mechanical

properties of bulk UFG and nanostructured materials and excel-

lent reviews have been written. Among those previous reviews

[19,20,55-61], the most recent review by Pineau et al. [20] may

help the reader to understand the past, present and future

prospect of this research area, especially on fracture and fatigue

of nanostructured metallic materials.

On the other hand, in the present article, a new approach to

GBE is introduced for enhanced strength and brittle fracture

control in structural and functional nanocrystalline materials

produced by electrodeposition and sputtering. This was first

applied by Gleiter and coworkers during the very early stage de-

velopment of nanocrystalline materials [1,2] and was later prac-

tically applied by Palumbo, Erb and Aust for the development

of high performance structural engineering materials [3,62,63].

For this objective, first, we will discuss the effect of grain

boundary microstructures, characterized by the grain boundary

character and triple junction character, on the bulk mechanical

properties such as hardness and on control of segregation-in-

duced intergranular brittleness and fatigue fracture. Then we

will introduce a new approach to GBE based on fractal analysis

of grain boundary microstructure for development of nanocrys-

talline materials with high performance and desirable mechani-

cal properties. Finally, our most recent work on GBE for the

control of electrical resistivity in gold thin films is introduced as

an example of a possible challenge toward GBE for high perfor-

mance functional materials.

Effect of grain boundary microstructure on
hardness in electrodeposited nanocrystalline
materials
Effect of grain boundary density on hardness
As mentioned in the Introduction, nanocrystalline materials

show considerably high strength and hardness, due to the pres-

ence of the extremely high density of grain boundaries and

triple junctions, as well as other defects. Figure 1 shows the

relationship between the Vickers hardness and the average grain

size for pure nickel (Ni) and nickel–phosphorus (Ni–P) alloy

specimens produced by electrodeposition and subsequent

annealing. The data obtained from our recent investigation

are shown together with those for pure Ni [62,64] and

Ni–1.2 mass % P alloy [3] reported by other researchers.

The state of the supersaturated solid solution in as-electrode-

posited Ni–4.4 mass % P alloy specimens was confirmed, al-

though the Ni–P phase diagram [65] indicates that the solu-

bility limit of phosphorus into nickel matrix is 0.17 mass %.

Accordingly, the Ni3P phase may precipitate in the

Ni–4.4 mass % P alloy specimens during annealing. As shown

in Figure 1a, the hardness drastically increased in the Ni and

Ni–P alloy specimens with an average grain size of less than

103 nm (1 μm), while the hardness gently increased in the speci-

men with conventional grain size. It has been reported that the

density of grain boundaries and triple junctions also drastically

increased in the materials with average grain size less than 1 μm

[66]. Therefore, it is suggested that an increase of grain bound-

ary density was essential for a considerably high strength and

hardness in nanocrystalline and submicrometer-grained materi-

als.

The Hall–Petch relationship between the hardness and the aver-

age grain size fails when the average grain size is much smaller

than 30 nm, as shown in Figure 1b. It has been suggested that

the dominant deformation mechanism in nanocrystalline materi-

als with an extremely high density of grain boundaries is differ-

ent in polycrystalline materials with conventional grain struc-

ture. Grain boundary sliding, grain boundary diffusion-con-

trolled creep, and the contribution of triple line diffusion have

been proposed as possible mechanisms of deformation in

nanocrystalline materials [67].

It should be noted that the P composition strongly affects

the hardness of nanocrystalline Ni. In as-electrodeposited

Ni–4.4 mass % P alloy specimens, P atoms mostly segregate

at grain boundaries, because of the low solubility limit

(0.17 mass %) of P atoms in the Ni matrix and of a very high

density of grain boundaries and triple junctions. Although the

average grain size in as-electrodeposited pure Ni and

Ni–4.4 mass % P alloy specimens is almost the same, the hard-

ness of the as-electrodeposited Ni–4.4 mass % P alloy speci-

men increased by 40% compared to the as-electrodeposited pure

Ni specimen. The grain boundary segregation of P atoms may

result in the observed excess hardening of nanocrystalline Ni

due to the enhancement of grain boundary hardening [68].

Moreover, the precipitation of the Ni3P phase affects the hard-

ening of the Ni–P alloy. The positive Hall–Petch slope behav-

ior between the hardness and average grain size was observed.

The Ni/Ni3P alloy specimens prepared by annealing of elec-

trodeposited Ni–4.4 mass % P solid solution show that the hard-

ness of the Ni/Ni3P alloy more strongly depends on the grain

size than in Ni specimens.

Structure-dependent grain boundary hardening
and effects of GBCD and triple junction character
distribution on the hardness
It has been revealed that the hardness locally increases around

grain boundaries against the grain interior, depending on the

grain boundary character [69-74] and the degree of grain

boundary segregation [69,75-77]. The present authors have re-

ported that the hardening ratio for neighboring grain interiors of

specific types of grain boundaries can change and tend to be
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Figure 1: (a) The Vickers hardness as a function of the average grain size in electrodeposited and subsequently annealed Ni and Ni–P alloys. (b) The
Hall–Petch plot of grain size dependence of the Vickers hardness.

lower at low-angle boundary and low-Σ CSL boundaries than at

random boundaries in polycrystalline molybdenum. The gener-

ated dislocations can transfer or pass across low-angle bound-

aries more easily than random boundaries composed of more

complicated tilt and twist components at room temperature [72].

It is evident that the grain boundary character can strongly

affect the hardness at individual grain boundaries in bicrystals

and polycrystalline materials.

Figure 2 shows the relationship between the Vickers hardness

and the fraction of low-Σ CSL boundaries including low-angle

(Σ1) boundaries in submicrometer-grained Ni specimens with

the average grain size of 680 nm. These specimens were pre-

pared by annealing at different temperatures from the electrode-

posited nanocrystalline Ni specimens. The Vickers hardness de-

creased with increasing fraction of low-Σ CSL (Σ1–Σ29) bound-

aries for the studied specimens with almost the same average

grain size. The hardness obviously decreased from 34 to 39%,

with a slight change (5%) of the fraction of low-Σ CSL bound-

aries. Thus, it is evident that the GBCD-dependent hardness

becomes more remarkable in nanocrystalline and submicrom-

eter-grained materials in comparison with conventional poly-

crystalline materials.

Here, it should be noted that the specimens with the same frac-

tion of low-Σ CSL boundaries of 34%, designated by A and B,
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Figure 2: Relationship between the Vickers hardness and the fraction
of low-Σ CSL boundaries for the submicrometer-grained Ni specimens
with an average grain size of 680 nm.

showed quite different values of hardness, by almost 10%. The

observed difference of the hardness may originate from other

factors associated with grain boundary microstructure, that is,

the triple point character. In order to clarify this, we further ex-

amined the grain boundary microstructure in the studied speci-

mens. In principle, triple junctions are simply classified into

four different types in terms of the connectivity of two different

types of grain boundaries, i.e., random type and special low-Σ

CSL boundaries, as discussed in [78] and [72,74]: (1) R0 type

with no random boundaries, (2) R1 type with 1 random and

2 low-Σ CSL boundaries (including low-angle boundaries),

(3) R2 type with 2 random and 1 low-Σ CSL boundaries, and

(4) R3 type with 3 random boundaries.

Figure 3 shows the relationship between the Vickers hardness

and the total fraction of specific types (R0 and R1) of the triple

junctions observed in the same specimens corresponding to the

specimens indicated in Figure 2. It was found that the hardness

of the studied specimens clearly decreased with increasing total

fraction of R0 and R1 type triple junctions with less random

boundaries, and that the triple junctions with the higher connec-

tivity of low-Σ CSL boundaries showed the lower triple junc-

tion hardening, as expected from the previous similar work for

ordinary polycrystals [72]. Therefore, it is suggested that the

triple junction character distribution (TJCD) also strongly

affects the hardness of submicrometer-grained nickel speci-

mens as well as GBCD. This is probably because the interac-

tion of crystal dislocations with grain boundaries was found to

strongly depend on the boundary character, leading to the

passage of them across the boundaries, as discussed in detail in

[79]. Accordingly, it is reasonable to understand that the TJCD

plays an important role in the mechanical properties of

nanocrystalline and submicrometer-grained materials with a

very high density of triple junctions together with grain bound-

aries. However, a more precise understanding and control of

grain boundary microstructures are necessary for further

improvement of their mechanical properties and the generation

of new functions in nanocrystalline materials with desirable

bulk properties in future.

Figure 3: Relationship between the Vickers hardness and the fraction
of R0 and R1 type triple junctions composed of less random bound-
aries in the submicrometer-grained Ni specimens.

GBE for control of segregation-induced
embrittlement in nanocrystalline and
submicrometer-grained Ni
Segregation-induced intergranular embrittlement is a serious

problem that degrades the performance reliability of various

types of structural materials. In nanocrystalline and submicrom-

eter-grained materials possessing a very high density of grain

boundaries and triple junctions, the detrimental effect of inter-

granular segregation seems to be more serious in comparison

with conventional polycrystalline materials with the ordinary

grain size ranging from the micrometer to the millimeter level.

The amount of segregating impurity atoms at grain boundaries

is well known to strongly depend on the grain boundary char-

acter and structure [69,80-84]. Bouchet and Priester [82,83]

have found that the intergranular segregation of sulfur in Ni

occurred preferentially at high-energy general random bound-

aries, but is very difficult or small at low-energy special bound-

aries. They suggested that the grain boundary plane orientation

or low boundary planar atomic density can affect the amount of

segregation even at such special CSL boundaries as Σ3,

depending on either the coherent or incoherent part. As is clear

from the general finding of structure-dependent grain boundary

segregation, the segregation-induced intergranular embrittle-
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Figure 4: SEM micrographs of cracks introduced by indentation tests in the sulfur-doped fine-grained Ni specimens with different grain boundary
microstructures. Type A and Type B specimens have similar average grain size, but different fractions of low-Σ CSL boundaries of 49 and 40%, re-
spectively (a,b). Type B and Type C specimens have similar GBCD, but different grain sizes of 340 nm and 750 nm and 39 μm, respectively (b,c). The
SEM micrograph of the crack path in the Type C specimen exhibiting coarse grains (d) [85]. Figure reprinted with permission from [85], copyright 2010
Elsevier Ltd.

ment should become more serious in nanocrystalline materials

and needs to be effectively controlled through GBE.

Now let us look at the results on the GBCD-dependent fracture

process in submicrometer-grained materials. Figure 4 shows

SEM micrographs of the propagation path of cracks produced

by Vickers indentation tests at a load of 1.96 N for the sulfur-

doped submicrometer-grained Ni specimens with different grain

boundary microstructures [85]. Type A and Type B specimens

had different fractions of low-Σ CSL boundaries (including

low-angle boundaries) of 49 and 40%, but almost the same av-

erage grain size of 300 and 340 nm, respectively. It was found

that the crack length from the tip of indentation in the Type A

specimen with a higher fraction of low-Σ CSL boundaries

(FΣ = 49%) was shorter than in the Type B specimen with a

lower fraction of low-Σ CSL boundaries (FΣ = 40%). The frac-

ture toughness KIC measured by indentation fracture (IF)

method for the Type A and the Type B specimens were

2.5 MPa m1/2 and 1.1 MPa m1/2, respectively. Evidently, the

fracture toughness of the Type A specimen with a higher frac-

tion of low-Σ CSL boundaries is more than twice higher when

the fraction of low-Σ CSL boundaries was increased by about

10%. This was because the crack that preferentially propagated

along weak random boundaries with preferential S-segregation

in the Ni–S alloy specimen, as shown in Figure 4d. The frac-

tion and the connectivity of fracture-resistant low-Σ CSL

boundaries, or crack-leading weak random boundaries are key

parameters in controlling the typical percolation-dependent

intergranular brittle fracture mode, or combined mode of mix-

ture of intergranular and transgranular fracture. This finally

leads to the characteristic bulk fracture properties in submi-

crometer-grained Ni. The more precise control of the occur-
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rence of segregation-susceptive grain boundaries (high-energy

random boundaries) by GBE based on the percolation-depend-

ent fracture must be necessary for the control of segregation-in-

duced intergranular embrittlement.

Along this line, the fraction of percolation-resistant triple junc-

tions, fR1/(1−fR0), was evaluated, following Kumar et al. [86],

as shown in Figure 4. The values of fR1/(1−fR0) were 0.26 and

0.14 for the Type A and the Type B specimens, respectively.

Accordingly, the crack propagation in the Type A specimen was

probably inhibited by the combined effects originating from the

high fractions of low-Σ CSL boundaries and percolation-resis-

tant triple junctions. As a result, the fracture toughness drasti-

cally increased for the Type A specimen. The Vickers hardness

of the Type A specimen (HV = 293) is lower than that of the

Type B specimen (HV = 367), because the degree of grain

boundary hardening at low-Σ CSL boundaries is lower than that

at random boundaries, as discussed in the previous section. This

suggests that there exists some plasticity during the dislocation-

boundary interaction.

It is worth noting that the crack length in the Type C specimen

with duplex grain structure with different grain sizes of 750 nm

and 39 μm was longer than that in the Type B specimen, despite

having almost the same fraction of low-Σ CSL boundaries in the

Type C and Type B specimens. The fracture toughness KIC was

1.1 MPa m1/2 and 0.7 MPa m1/2, for the Type B and the Type C

specimens, respectively. The fraction of percolation-resistant

triple junctions, fR1/(1−fR0) was 0.14 and 0.10, in the Type B

and the Type C specimens, respectively. Therefore, the crack

propagation can be prevented more effectively in the Type B

specimen. On the other hand, a crack nucleated at a random

boundary of coarse grain can readily propagate further at

longer, random boundaries until it reaches the percolation-resis-

tant triple junction in the Type C specimen composed of a mix-

ture of coarse and fine grains. These findings confirm that

segregation-induced embrittlement in polycrystalline materials

can be well controlled by optimizing the grain boundary micro-

structure, especially by GBCD, the grain boundary connectivity,

and the heterogeneity of the grain size distribution. This is true

even when local in nature, as revealed by our recent work on

sulfur-doped polycrystalline Ni [87].

Effects of grain boundary microstructure on
fatigue deformation and fracture in
nanocrystalline Ni–P alloy
In recent years, it has been revealed that grain boundaries play

important and different roles in fatigue crack nucleation [88-97]

and propagation [44,45,98,99] in polycrystalline materials,

depending on the grain boundary character and structure. The

present authors have confirmed that intergranular fatigue cracks

preferentially nucleate along random boundaries in polycrys-

talline aluminum, while they do not nucleate along low-angle

boundaries [97]. The low-Σ CSL boundaries show the higher

resistance to fatigue cracking than the random boundaries [97],

although the preferential nucleation at coherent twin bound-

aries, namely {111}/Σ3 CSL boundaries, were previously re-

ported for face-centered cubic (FCC) materials such as copper

[90,91].

In the case of nanocrystalline and submicrometer-grained mate-

rials, it has been suggested that the roles of grain boundaries in

fatigue deformation and fracture become more important due to

the instability of grain boundary microstructure [100-106].

However, unfortunately, the effect of the instability of grain

boundary microstructure on fatigue deformation and fracture in

nanocrystalline materials has not been fully studied and under-

stood yet, despite extensive previous works on the fatigue prop-

erty in nanocrystalline materials [107-110]. It is difficult to fully

understand the characteristics and dominant mechanisms of

fatigue deformation and fracture in nanocrystalline materials

without fundamental knowledge of microstructural change,

especially grain boundary microstructure during cyclic defor-

mation, resulting in the instability of grain boundary micro-

structure characterized by several key parameters, mentioned

already.

Figure 5a shows the S–N curve which indicates the relationship

between the stress amplitude and number of cycles to fracture in

electrodeposited nanocrystalline Ni–2.0 mass % P alloy speci-

mens with the initial average grain size of 45 nm [110]. The

fatigue limit data are shown in Figure 5a together with those

taken from the literature for electrodeposited nanocrystalline Ni

with the average grain size of 20 nm [107], for ultrafine-grained

nickel with the average grain size of 300 nm [107] and for elec-

trodeposited microcrystalline nickel with conventional grain

size [111]. The fatigue limit of about 360 MPa estimated for the

Ni–P alloy specimens was two times higher than that of the

microcrystalline nickel with conventional grain size. This esti-

mated value of fatigue limit was close to the data reported for

ultrafine-grained Ni specimens, and lower than for nanocrys-

talline Ni with the average grain size of 20 nm.

Figure 5b shows the S–N curve indicating the relationship be-

tween the stress amplitude normalized by the ultimate tensile

strength (fatigue ratio, σa/UTS) and number of cycles to frac-

ture (Nf). It was found that the fatigue limit for Ni–2.0 mass %

P alloy specimens was about 23% of their ultimate tensile

strength of 1550 MPa. The fatigue ratio of the fatigue limit of

conventional polycrystalline Ni ranged between 0.35 and 0.50

[112]. Thus, it was found that the enhanced ratio of the fatigue

limit was limited to a lower degree in nanocrystalline
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Figure 5: S–N curves of nanocrystalline Ni–2.0 mass % P alloy speci-
mens: (a) stress amplitude versus logarithm of number of cycles to
fracture [110] and (b) stress amplitude normalized by ultimate tensile
strength (fatigue ratio) versus logarithm of number of cycles to fracture.
Figure reprinted with permission from [110], copyright 2009 Elsevier
Ltd.

Ni–2.0 mass % P alloy. This finding is very interesting and

deserves to be explored in a more detailed investigation.

Quite recently, the present authors have found from more

detailed SEM/electron backscattered diffraction (EBSD)/orien-

tation imaging microscopy (OIM) observations during fatigue

deformation that the low fatigue ratio for the fatigue limit in

nanocrystalline Ni–2.0 mass % P alloy resulted from the insta-

bility of the grain boundary microstructure [113]. Figure 6a,b

shows the OIM micrographs with the inverse pole figures

inserted at the bottom corner for the prefatigued specimen and

for the postfatigued specimens of Ni–2.0 mass % P alloy [113].

The grain and grain boundary microstructure drastically

changed from those of initially nanocrystalline grain structure in

the prefatigued specimen (Figure 6a) to the fine-grained struc-

ture with submicrometer average grain size during high cycle

fatigue test, although the sharpness of the {001} texture hardly

changed among the pre- and postfatigued specimens. It should

be noted that the trace of grain boundaries exhibits an interest-

ing characteristic feature that grain boundaries are migrated and

aligned at about 45° against the stress axis. This results in the

evolution of a “diamond-shaped” grain structure, which was ob-

served in conventional polycrystalline materials during cyclic

deformation at high temperatures [114-117]. The grain growth

by high-cycle fatigue may result from a rapid migration of low-

angle boundaries involving some dislocation mechanisms and

enhanced by segregated P atoms at finally resultant random

boundaries along shear bands. The operating mechanism will be

explained later in some detail.

Figure 6: OIM micrographs with inverse pole figures (IPF) of grain ori-
entation distribution for (A) prefatigued and (B) postfatigued
Ni–2.0 mass % P alloy specimens [113]. Published by Elsevier Ltd.
Figure reprinted with permission from [113], copyright 2015 Elsevier
Ltd.

Figure 7 shows the misorientation angle distributions of grain

boundaries before and after fatigue deformation involving the

cyclic stress-induced grain growth [113]. The misorientation

angle distribution for a random polycrystal, theoretically pre-

dicted by Mackenzie, is shown by the dotted curve in this figure

[118]. A certain fraction of low-angle boundaries with a misori-

entation angle lower than 3° in the prefatigued specimen
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Figure 7: Misorientation angle distributions for (a) prefatigued and (b) postfatigued Ni–2.0 mass % P alloy specimens, where x indicates the position
from the fracture surface [113]. Figure reprinted with permission from [113], copyright 2015 Elsevier Ltd.

(Figure 7a) transformed into the grain boundaries having the

misorientation angles 3° < θ < 25° in the postfatigued specimen

(Figure 7b). A higher fraction of Σ3 CSL boundaries hardly

changed during fatigue. The cyclic stress-induced grain growth,

accompanying the transformation of low-angle boundaries into

the boundaries with higher misorientation angle, is associated

with the evolution of a “diamond-shaped” grain structure along

initially formed shear bands. This resulted in intergranular

fatigue fracture due to grain boundary sliding, as can be seen

from the fracture surface of fatigue fractured nanocrystalline

Ni–2.0 mass % P alloy specimens (Figure 8). It is surprising to

see that, as indicated in Figure 7b, there was no large difference

of the misorientation angle distribution as a function of the dis-

tance from the position of the main crack in the postfatigued

specimen. This suggests that more homogeneous fatigue defor-

mation is assisted by dynamic grain growth.

Figure 9 shows the schematic illustrations of the possible mech-

anism of intergranular fatigue fracture assisted by the cyclic

stress-induced grain growth and the grain boundary configura-

tion forming the “diamond-shaped” grain structure. The details

of the proposed mechanism of grain growth-assisted fatigue

intergranular fracture can be obtained from the original article

[113].

The formation of a large width of striations and large size of

dimples was often observed in the fracture surface of fatigued

nanocrystalline metals and alloys [102,110,113,119] in relation
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Figure 8: Specimen surface of electrodeposited nanocrystalline Ni–2.0 mass % P alloy specimen after high-cycle fatigue test: (a) low-magnification
image of the whole fracture surface; (b–d) are medium-magnification images and (e–f) are high-magnification images of areas corresponding to the
regions (i), (ii) and (iii), respectively [113]. Figure reprinted with permission from [113], copyright 2015 Elsevier Ltd.

to the presence of the {001} grain clusters. The {001} grain

clusters interconnected by low-angle boundaries (indicated by

white lines in Figure 6b) were probably deformed by shear

stress as in the case of a single crystal, because the persistent

slip bands (PSBs) can continuously transfer across the low-

angle boundaries [97].

The fatigue cracks preferentially nucleated along random

boundaries whose boundary plane may almost correspond to the

direction of shear band. They nucleate at the deformation ledge

produced at sliding random boundaries by the interaction with

PSBs or triple junctions of high connectivity of random bound-

aries, as discussed in detail by Watanabe [120]. In fatigue frac-

ture of nanocrystalline Ni, Kumar et al. [121] also reported the

formation mechanism of deformation ledge, although the stress-

induced grain growth and arrangement of random boundaries

toward 45° to the stress axis was not observed in their nanocrys-

talline Ni specimens. Our recent observations strongly sug-

gested the important roles of gran boundary microstructure in

fatigue property and fracture behavior in nanocrystalline materi-

als.

A new approach to GBE based on fractal
analysis of grain boundary microstructures in
nanocrystalline materials
This section concerns the bulk mechanical properties of

nanocrystalline materials, especially focusing on the intrinsic

and extrinsic brittleness of grain boundaries in different envi-

ronments. For this purpose, a new approach to GBE based on

the fractal analysis of grain boundary microstructures is needed.

This must take into account the structure-dependent intrinsic

grain boundary properties in order to produce polycrystalline

and nanocrystalline materials with high performance and desir-

able bulk properties. The effectiveness of individual grain

boundaries is required to be quantitatively evaluated based on

the fundamental data obtained from systematic works by using

orientation-controlled bicrystals of metallic, intermetallic, semi-

conductor and ceramic materials. In order to evaluate the effects

of the grain boundary microstructures on bulk properties of

polycrystals, we need to reveal the characteristic features of

grain boundary microstructures produced by applying various

kinds of materials processing in 2D (thin films) or 3D bulky

conventional polycrystalline materials.
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Figure 9: (a) Schematic illustration of the mechanism of intergranular fatigue fracture at random boundaries and the formation of morphological fea-
tures of the specimen surface and fracture surface associated with propagation of intergranular fatigue cracks in the nanocrystalline Ni–2.0 mass % P
alloy specimen during high-cycle fatigue. (b) Possible mechanism of fatigue crack nucleation at random boundaries by (i) the formation of deforma-
tion ledge and (ii) the stress concentration of the triple junctions composed of random boundaries [113]. Figure reprinted with permission from [113],
copyright 2015 Elsevier Ltd.

Here we take two examples of a new approach to GBE based on

fractal analysis of grain boundary microstructures in nanocrys-

talline materials. One is GBE for control of segregation-in-

duced intergranular brittle fracture, the other is GBE for

improvement of corrosion resistance in existing stainless steels,

as a typical engineering metallic material with enhanced corro-
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sion resistance. This kind of GBE has been originally attempted

by us quite recently and provided us important clues to future

development of GBE. First, let us explain the basic method of

fractal analysis of grain boundary microstructures in polycrys-

talline materials. Here, we briefly mention the basis of the

fractal analysis of grain boundary microstructure in a real poly-

crystalline specimen [87,122].

In our investigations, the fractal analysis was carried out by the

box-counting method for the random boundary network con-

taining the maximum connectivity of random boundaries

(maximum random boundary connectivity, MRBC) in the grain

boundary map obtained from SEM/EBSD analysis on the speci-

men surface [87]. Figure 10a,b shows an example of the set of

grain boundary map and the corresponding fractal trace of

MRBC determined for a SUS316L austenitic stainless steel

specimens [122]. The whole observed area is covered by the

square box net with a given unit size, η.

Figure 10: (a) Definition of the fractal dimension of the maximum
random boundary connectivity (MRBC) and (b) demonstration of fractal
analysis of MRBC by the box counting method [122]. Figure reprinted
with permission from [122], copyright 2016 Elsevier Ltd.

Figure 11 shows the double-logarithm plots of the number of

boxes N(η) for complete coverage of the MRBC and the box

size η for the SUS316L specimens produced by thermomechan-

ical processing in the different process conditions [122]. The

value of N(η) was found to be a linear function of η. These

results from different specimens indicate that the MRBC for

different grain boundary microstructures in SUS316L steel

specimens is of fractal nature. The fractal dimensions DR evalu-

ated by the slope of the log N(η) versus log η were found to

change systematically from 1.07 to 1.67 for the studied

SUS316L steel specimens. Namely, the fractal dimensions

show a reasonable correlation with the total length of random

boundary network, as seen from Figure 12. The longer percola-

tion path composed of intergranular corrosion susceptive,

random boundaries is characterized by the higher fractal dimen-

sion of MRBC. This finding has provided us with experimental

evidence that the fractal dimension for MRBC, DR is useful as a

tool for quantitative evaluation of the random boundary connec-

tivity controlling the intergranular corrosion susceptibility in

polycrystalline materials.

Figure 13 shows the relationship between the fractal dimension

for MRBC, DR and the fraction of random boundaries, FR, or

low-Σ CSL boundaries, FΣ [122]. The coefficients of variation

of the grain size distributions,  are indicated together with

the data points in the figure. The value of DR tends to decrease

monotonically with decreasing value of FR or with increasing

value of FΣ. The larger value of  tends to generate the

larger value of DR, even if the value of FR or FΣ would be kept

similar, suggesting the path of percolation is more irregularly

bent depending on the connectivity of random weak boundaries.

The fractal dimension for MRBC, DR may include the effect of

a spread of the grain size distribution together with the effect of

GBCD.

From the result shown in Figure 13, the value of DR was esti-

mated at about 1.10, by extrapolating the fitting curve to the ex-

perimental data up to the threshold value of FΣ (65%) for the

percolation-resistant low-Σ boundaries, or FR (35%) for the

percolation-assisting random boundaries. In the case of the

SUS316L specimen hiving low FR and low DR, the curve runs

into the shaded area in Figure 13. This suggests the intrinsically

high corrosion resistance associated with GB microstructure.

This is because of an interruption of the corrosion path along

the random boundary network by the arrangement of corrosion-

resistant low-Σ boundaries.

Figure 14 shows the SEM micrographs taken from the speci-

men surface and the vertical cross section for the two corroded

SUS316L specimens with ordinary grain sizes and different

values of the fractal dimension of MRBC, DR [122]. Type A
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Figure 11: Relationship between the number of boxes N(η) for complete coverage of the maximum random boundary connectivity and the box size η
for the SUS316L specimens subjected to different thermomechanical processing conditions of (a–h) [122]. Figure reprinted with permission from
[122], copyright 2016 Elsevier Ltd.
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Figure 14: SEM micrographs of the surface (a,c) and the cross section (b,d) for the corroded specimens with different levels of the fractal dimension
of MRBC. The black arrows show the position of annealing twin boundaries, namely {111}/Σ3 boundaries [122]. Figure reprinted with permission from
[122], copyright 2016 Elsevier Ltd.

Figure 12: Relationship between the fractal dimension of MRBC and
the length of MRBC.

specimen had an average grain size of 41 μm, a fraction of

low-Σ CSL boundaries of FΣ = 64%, or of random boundaries

FR = 36%, and the fractal dimension of MRBC, DR = 1.19. On

the other hand, Type B specimen had the smaller average grain

size of 17 μm, and the lower fraction of low Σ CSL boundaries

of 44% (random boundaries of 56%) and the higher fractal

dimension of MRBC of 1.63, in comparison with the Type A

specimen.

Figure 13: Relationship between the fractal dimension of the MRBC
and the fraction of low-Σ boundaries FΣ or random boundaries FR for
SUS316L specimens [122]. Figure reprinted with permission from
[122], copyright 2016 Elsevier Ltd.

From SEM observations of the surface of Type A specimen, it

is evident that intergranular corrosion was inhibited by Σ3 CSL

boundaries, but dominantly proceeded at random boundaries, as

indicated by black arrows in Figure 14a. As a result, Type A

specimen showed the higher resistance to intergranular corro-

sion, while Type B specimen was more heavily corroded
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Figure 15: Schematic illustration showing the bulk mesoscopic propensity to percolation-related phenomena in the nanocrystalline materials with dif-
ferent grain boundary microstructures: (a) Type A with the highest value of DR, (b) Type B with the middle value of DR and (c) Type C with the lowest
value of DR. The process of grain boundary microstructure control is associated with the formation of a sharp texture, as observed in the electrode-
posited nanocrystalline Ni and sputtered gold thin film specimens.

because of the occurrence of a much higher fraction of random

boundaries (FR = 56%), resulting in the falling off of a number

of grains and heavier roughening of the specimen surface, as

seen from Figure 14c,d. These observations strongly suggest

that the fractal dimension DR can be a measure to predict the

percolation potential for intergranular corrosion together with

GBCD in SUS316L stainless steel.

In the case of nanocrystalline materials with grain size less than

100 nm, namely, the much higher density of grain boundaries,

the more precise control of the grain boundary connectivity is

required for controlling the percolation-dominating grain

boundary phenomena. In view of this, a new approach to GBE

based on the fractal analysis is expected to work for control of

intrinsic or extrinsic intergranular brittleness caused by a domi-

nant contribution of the network of percolation susceptive

random boundaries. In particular, the MRBC first introduced by

the present authors [87] is very likely applicable to solve the

pending problem of poor ductility and intergranular brittleness,

and further to confer desirable bulk mechanical properties to

nanocrystalline materials through GBE.

Figure 15 shows a schematic diagram illustrating our current

knowledge of GBE through the incorporation of optimum grain

boundary microstructure for desirable bulk properties con-

trolled by the percolation-dominating intergranular phenomena

in nanocrystalline materials. The illustrated grain boundary

maps were drawn based on observed grain boundary maps to

demonstrate real grain boundary microstructures with a sharp

texture, in real nanocrystalline materials, such as electrode-

posited Ni alloys and sputtered gold thin films mentioned later.

As a brief summary of our findings, first, Type A specimen may

exhibit a low resistance to percolation-related intergranular deg-

radation phenomena. This is because the fraction of low Σ CSL

boundaries is lower than the percolation threshold value of

MRBC and the high coefficient of variation of grain size distri-

bution , namely, the wide spread of grain size distribution.

Second, since Type B specimen has the fractal dimension of

MRBC being of the middle level of percolation resistance

because of the fraction of low Σ CSL boundaries higher than the

value of percolation threshold of MRBC and the high .

Third, Type C specimen, which has a high fraction of low-Σ

CSL boundaries (more than the value of percolation threshold

of MRBC and low , may bring about the highest percola-

tion resistance, due to a low fractal dimension of MRBC.

Electrical resistivity manipulated by GBE in
nanocrystalline gold thin films
The improvement of electrical conductivity or precise control of

electrical resistivity is required for the development of high per-

formance electrical and magnetic materials for modern elec-

tronic devices such as MEMS and NEMS. It has been revealed

that the electrical resistivity of individual grain boundaries
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Figure 16: (a–c) OIM micrographs with inverse pole figures (IPF) of grain orientation distribution and (d–f) grain boundary microstructure for the gold
thin film specimens sputtered on Pyrex grass substrates and subsequently annealed in Ar at 873 K for 3.6 ks (a,d), 10.8 ks (b,e) and 18.0 ks (c,f), re-
spectively.

strongly depends on the grain boundary character and structure

from fundamental studies with orientation-controlled bicrys-

talline or coarse-grained metallic (Al) [123,124], semiconduc-

tor (Si) [125,126], and ceramic materials (ZnO) [127].

Nakamichi and Kino [124] have found from their systematic

studies that low-energy/low-Σ CSL boundaries exhibit lower

electrical resistivity than that of high-energy/random bound-

aries. Recent observations of electrical properties in silicon

have revealed the dominant effects of the character of bound-

aries, their crystallographic plane, triple junctions and dopants.

Accordingly, we expect that GBE based on the control of grain

boundary microstructure must be useful for future improve-

ment of electrical conductivity in polycrystalline materials,

especially nanocrystalline materials which can be produced by

advanced processing methods like various types of deposition

methods and used in shape of tiny parts for microelectronic

devices.

In thin film materials, the application of surface energy-driven

grain growth is very useful and powerful for controlling the

grain boundary microstructure. When a sharp texture is intro-

duced in thin films with help of orientation-dependent surface

free energy (namely by applying the surface energy-driven

grain growth during annealing), specific low-Σ CSL boundaries

can be preferentially introduced, depending on the type and the

sharpness of texture [52,128-132]. In the case of gold thin films,

the high fraction of low-Σ CSL boundaries predicted for the

<111> rotation axis, such as Σ3, Σ7, Σ13, Σ19 and Σ21 bound-

aries preferentially occurred in relation to development of the

sharp {111} texture, as observed in real polycrystalline materi-

als [133-136].

Figure 16 shows OIM micrographs and corresponding grain

boundary maps for as-sputtered gold thin film specimen on

Pyrex glass substrates and specimens annealed in Ar at 873 K

for three different times (3.6, 10.8 and 18.0 ks). The three speci-

mens subjected to different annealing times were designated as

Type A, Type B and Type C specimens, respectively. The

sharpness of the {111} texture was increased in these speci-

mens by surface energy-driven grain growth during annealing.

The Type A specimen had the smallest average grain size of

91 nm and the highest total fraction of low-angle (17%) and

low-Σ CSL boundaries (49%), especially including CSL bound-

aries with Σ values predicted for <111> rotation axis (46%).

The Type B specimen had an average grain size of 110 nm and

has the high fraction of low-angle (17%) and low-Σ CSL

boundaries (45%) similar to the Type A specimen. The Type C

specimen had an average grain size (113 nm) similar to the

Type B specimen, but the lowest total fraction of low-angle

(20%) and low-Σ CSL boundaries (30%).
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Figure 17 shows the results of the quantitative evaluation of

GBCD obtained from the three differently processed gold thin

film specimens, i.e., Type A, Type B and Type C. These speci-

mens had a high fraction (17–20%) of low-angle boundaries,

together with a high fraction low-Σ CSL boundaries with such

specific Σ-values as Σ3, Σ7, Σ13, Σ19 and Σ21, predicted for the

sharp <111> texture. Of particular interest is that Σ3, Σ13, Σ19

and Σ21 boundaries occurred with a much higher fraction than

theoretical values of GBCD for the sharp {111} texture with de-

viation angle less than 3°. Moreover, a high fraction of Σ9 CSL

boundaries also occurred in these specimens than in random

polycrystals, although the predicated value for Σ9 is not avail-

able in the reported literature. This is probably because these

specific low-Σ CSL boundaries with Σ3, Σ13, Σ19 and Σ21

belong to the group of CSL boundaries with the lowest grain

boundary energy, and Σ9 CSL boundary belongs to the group of

medium boundary energy in FCC materials [134,137].

Figure 17: Change in grain boundary character distribution in the sput-
tered gold thin film specimens after annealing in Ar at 873 K for 3.6,
10.8 and 18.0 ks.

In our new approach to GBE based on fractal analysis, we per-

formed the fractal analysis for the grain boundary microstruc-

tures in the three different types of gold thin film specimens.

One of the results obtained from our fractal analysis of GB

microstructure in Type B specimen is shown in Figure 18,

which indicates the result from the surface over a quite large

area (≈3 × 3 μm), as being easily recognizable from the box size

(50 nm) of the fractal analysis applied in this work. It is evident

how interconnected random boundaries extend by depending on

the grain boundary microstructures in individual studied gold

thin film specimens, i.e., the heterogeneity of grain size distri-

bution, GBCD, and grain boundary connectivity, or triple junc-

tion character distribution. To our knowledge, no literature is

available which has reported such detailed information about

grain boundary microstructure based on fractal analysis for real

nanocrystalline materials, such as gold thin film in this work.

From the image of the connectivity of random boundaries indi-

cated by connected black lines in Figure 18, we can intuitively

recognize and get such useful image of the grain boundary

microstructure and quantitative evaluation of characteristic fea-

tures from the combined analysis based on OIM and fractal

analysis. This is yet to be achieved by computer simulation for

understanding of grain boundary microstructure and bulk prop-

erties of polycrystalline and nanocrystalline materials.

Figure 18: Example of the fractal analysis by box counting method for
spatial distribution of random boundaries in gold thin film specimen
(Type B).

Lastly, in order to give the reader a flavor of our new challenge

of GBE for nanocrystalline materials introduced so far, let us

just mention the most recent result on the effect of grain bound-

ary microstructure on the electrical resistivity for the three types

of gold thin film specimens with different grain boundary

microstructure, already mentioned.

Figure 19 shows the experimental results on the electrical resis-

tivity ρ as a function of the fractal dimension, associated with

the spatial distribution of random boundaries as the primary

scattering center of electrons in a polycrystal. Again it is

evident that the electrical resistivity tends to increase systemati-

cally with increasing fractal dimension of random boundary

connectivity. This result is first reported in this article to

demonstrate the usefulness of our new approach to GBE for
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nanocrystalline functional materials. Here, a gold thin film as

the most probable candidate as the highest performance elec-

trical conductive material for advanced electronic devices.

Figure 19: Relationship between the electrical resistivity and fractal
dimension of spatial distribution of random boundaries in gold thin film
specimens.

Continuing the discussion about the results in Figure 19, the

Type B specimen with a larger average grain size, namely due

to a lower grain boundary density, showed lower electrical

resistivity than the Type A specimen. It is feasible that the elec-

trical resistivity in the latter with a higher grain boundary densi-

ty became higher than that in the former even if a similar frac-

tion of low-Σ CSL boundaries was kept in both specimens. The

observation of the enhanced electrical resistivity in nanocrys-

talline materials was in good agreement with the previous

works by Aus et al. [22]. Moreover, the electrical resistivity in

the Type B specimen was lower than that in the Type C speci-

men. This result may provide some evidence that the electrical

resistivity becomes lower in the specimen with a higher frac-

tion of low-Σ CSL boundaries under the condition of similar

GB density. It is natural that low-angle boundaries with a larger

misorientation angle must have a higher value of the electrical

resistivity owing to increase of the volume of dislocation core

scattering at these grain boundaries. This is because the space of

lattice dislocations becomes finer, decreasing with increasing

misorientation angle [124]. We may conclude that a new ap-

proach to GBE based on the fractal analysis of GB microstruc-

ture is useful for precise control and improvement of electrical

properties in nanocrystalline gold thin films. A historical back-

ground and a recent situation of GBE were introduced in the

recent review by Watanabe [134].

Conclusion
In this Review we have introduced our recent challenge, a new

approach to grain boundary engineering (GBE) based on fractal

analysis for grain boundary microstructures. This new ap-

proach has been undertaken quite recently for GBE in struc-

tural and functional polycrystalline materials, especially elec-

trodeposited and sputtered nanocrystalline materials with an

extremely high density of grain boundaries. It is shown that a

more precise and quantitative evaluation of the effects of grain

boundary microstructures are required for nanocrystalline mate-

rials than for ordinary polycrystalline materials. This is found

by using the grain boundary character distribution (GBCD) and

the grain boundary connectivity through SEM/EBSD/OIM anal-

ysis. It is well demonstrated that our new approach to GBE

based on fractal analysis is very useful for the precise control of

grain boundary microstructure-dependent bulk properties. This

is especially helpful for mediating poor ductility and brittleness,

which are long pending problems to be urgently solved in

nanocrystalline materials. Our recent challenge of GBE based

on fractural analysis for functional materials is also introduced.

A solution was proposed for the future development of high

performance functional materials, such as high performance

electrical conductive materials, like gold thin films produced by

the new approach of GBE.
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Abstract
The possibility to attain ferromagnetic properties in transparent semiconductor oxides such as ZnO is very promising for future

spintronic applications. We demonstrate in this review that ferromagnetism is not an intrinsic property of the ZnO crystalline lattice

but is that of ZnO/ZnO grain boundaries. If a ZnO polycrystal contains enough grain boundaries, it can transform into the ferromag-

netic state even without doping with “magnetic atoms” such as Mn, Co, Fe or Ni. However, such doping facilitates the appearance

of ferromagnetism in ZnO. It increases the saturation magnetisation and decreases the critical amount of grain boundaries needed

for FM. A drastic increase of the total solubility of dopants in ZnO with decreasing grain size has been also observed. It is ex-

plained by the multilayer grain boundary segregation.

1936

Review
Introduction
In 2000 the seminal work of Tomasz Dietl et al. appeared [1]. In

this work it was predicted theoretically that many semiconduc-

tor oxides can become ferromagnetic (FM) if one dopes them

with “magnetic” atoms such as iron, manganese and cobalt.

Other theoreticians published in that time similar works [2]. It

has been predicted that the Curie temperature of such diluted

doped magnetic semiconductor oxides can be quite high, even

above room temperature. Especially promising was zinc oxide.

According to Dietl, ZnO should possess the highest Curie tem-

perature [1].

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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Of course, such a prediction could not be ignored by experi-

mentalists in the field of semiconductors, because the possibili-

ty to make a transparent broadband semiconductor, such as

ZnO, ferromagnetic is very promising for future spintronic ap-

plications. The ferromagnetism (FM) opens a way to change the

optical and/or electrical properties of such a material by

applying an external (permanent or alternating) magnetic field.

And vice versa, by applying an external (permanent or alter-

nating) electric field one could influence the magnetic behav-

iour of such a material. Especially attractive is that zinc oxide is

cheap. It is widely used for various applications from sunblock

creams to varistors for power electronics [3,4]. The various

technologies of deposition of pure and doped ZnO films,

sintering of ZnO ceramics and growth of single crystals, are

well known and well elaborated. It seemed that nothing could

prevent the success of the synthesis of ferromagnetic ZnO

doped by iron, manganese, cobalt, or other “magnetic” atoms.

Indeed first successes came soon. Ferromagnetic ZnO films

were synthesised by pulsed laser deposition (PLD), or magne-

tron sputtering [5-9]. However, the first disappointments also

appeared immediately. Namely, single crystals, ceramics

sintered from coarse-grained powders and single-crystalline

films deposited by molecular beam epitaxy (MBE) were never

ferromagnetic. Other synthesis technologies such as wet-chem-

istry methods or chemical vapour deposition (CVD) sometimes

yielded ferromagnetic ZnO and sometimes they did not.

It was of course a challenge for solid-state physics and materi-

als science to explain such strange behaviour and to develop the

methods to predict (at least qualitatively) where and when the

ferromagnetism appears in zinc oxide. We supposed that ferro-

magnetic behaviour of pure and doped ZnO is controlled by

grain boundaries (GBs) and appears only if the grain boundary

network (the “ferromagnetic foam”) is dense enough [7]. Our

first results concerning the role of grain boundaries in the ferro-

magnetic behaviour of pure ZnO and ZnO doped by Mn and Co

as well as concerning the dependence of the solubility of Mn

and Co in ZnO on the grain size were published in two reviews

[10,11] summarizing the essential findings obtained at that time.

Later, the hypothesis about the role of GB in ferromagnetic be-

haviour was supported by our new results on ZnO doped with

nickel and iron [6,9,12] as well as by measurements with low-

energy muon spin relaxation combined with molecular dynam-

ics modeling and density functional theory calculations [13].

These new results constitute the additional contribution of the

current review. It aims to give the comprehensive and updated

view on the GB contribution to the ferromagnetic behaviour of

ZnO as well as on the multilayer GB adsorption drastically in-

creasing the overall dopant solubility in ZnO. This review is

also a modest tribute to the 75th anniversary of Professor

Herbert Gleiter who contributed so much to the development of

our knowledge of structure, physics and chemistry of grain

boundaries.

Critical grain size for the ferromagnetic
behaviour of ZnO
First of all we analysed the whole corpus of published data on

ferromagnetic behaviour of zinc oxide and developed our own

method for the synthesis of pure and doped nanocrystalline ZnO

films. The obtained data are summarized in Figure 1 for pure

ZnO and ZnO doped with manganese, cobalt, iron and nickel

[6-9]. The full list of used references can be found in [6-9]. In

each of the five parts of Figure 1 the temperature is plotted

along the vertical axis. It is either the synthesis temperature or

the temperature of last annealing of the oxides. The grain

boundary specific area sGB is given in the horizontal axis. sGB is

the area of GBs in a unit volume. We added an experimental

point to the diagrams in Figure 1 if it was possible to estimate

from the published experimental work (a) the grain size, (b) the

grain shape – equiaxial, elongated or flattened – and (c)

porosity of sample, i.e., the portion of grain boundaries and free

surfaces. When possible, we tried also to take into account the

so-called grain boundary character [14]. In other words we tried

to include the high-angle grain boundaries and to exclude the

low-angle ones [15]. It is easy to calculate sGB if the grains are

equiaxial (circles in Figure 1).

The optimal space-filling grain shape for such polycrystals with

a minimal surface area is the tetrakaidecahedron, a polyhedron

with 14 faces. Thus, the GB-area-to-volume ratio is sGB =

1.65/D, where D is the mean grain size [16]. If the grains were

elongated or flattened, the aspect ratio was taken in the account,

and sGB was modified accordingly (triangles in Figure 1). The

equation for sGB from [16] is true if a sample is dense and does

not contain any pores. In case of porous samples (like for exam-

ple for partially sintered powders or nanowires, diamonds and

downward triangles in Figure 1) the value of sGB was multi-

plied by the porosity factor p < 1. In the upper horizontal axis

the values of grain size are given as recalculated from sGB

supposing that the sample is dense and the grains are equiaxial.

Squares correspond to the single crystalline samples. They do

not contain any GBs, therefore, we put them in the diagram at

grain size of 10−1 m. Filled symbols in Figure 1 show the data

where the ZnO samples were ferromagnetic. Open symbols cor-

respond to the samples for which no FM behaviour has been ob-

served.

Large filled circles show our own experimental data obtained

using ZnO films synthesized using the original “liquid

ceramics” method. This is a kind of so-called wet-chemistry

methods for the synthesis of nanograined oxide films. The pre-

cursor was zinc(II) butanoate dissolved in an organic solvent. It
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Figure 1: Ferromagnetic (full symbols) and paramagnetic or diamagnetic properties (open symbols) of (a) pure zinc oxide [7] and ZnO doped with
(b) cobalt [8], (c) manganese [7], (d) iron [9] and (e) nickel [6] versus the specific area of grain boundaries sGB (ratio of the area of the boundaries to
the volume) at various synthesis temperatures T. In the upper horizontal axis the values of grain size are given as recalculated from sGB supposing
that the sample is dense and grains are equiaxial. Vertical lines mark the threshold values of sth dividing FM (right) and non-FM behaviour of ZnO.
Large symbols correspond to the experimental data obtained in the works [6-9]. Figure was replotted basing on the plots reproduced with permission
from [6-9], copyright Institute of Problems of Mechanical Engineering, Russian Academy of Sciences (PME RAS, "Advanced Study Center" Co. Ltd),
American Physical Society and Taylor & Francis.
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was used for the preparation of pure zinc oxide. Similar solu-

tions of Mn, Co, Ni and Fe butanoates of were also prepared.

The Zn precursor was mixed, respectively, with Mn, Co, Ni or

Fe butanoates in appropriate proportions (in order to obtain

doped ZnO with dopant contents from 0.1 to 50 atom %). The

mixture of liquid precursors was deposited on a substrate (alu-

minium polycrystalline foil or sapphire single crystalline plate).

Then the deposited liquid mixture was dried at 150 °C. After

drying the pyrolysis took place in argon or in air at tempera-

tures between 500 and 600 °C. The resulted pure and doped

ZnO films of thicknesses between 50 and 200 nm (measured by

electron-probe X-ray microanalysis and transmission electron

microscopy) were dense (i.e., pore free) and contained equiaxial

grains with sizes of about 20 nm (Figure 2). The films were

transparent and slightly greenish.

Figure 2: Dark-field TEM micrograph of a thin zinc oxide nanocrys-
talline film obtained using the liquid-ceramics method.

The composition of the films was controlled by atomic absorp-

tion spectroscopy in a Perkin-Elmer spectrometer and by elec-

tron-probe X-ray microanalysis with a Tescan Vega TS5130

MM scanning electron microscope (SEM) equipped by energy

dispersive X-ray spectrometer (Oxford Instruments). TEM

studies were performed using JEM-4000FX microscope at an

accelerating voltage of 400 kV. X-ray diffraction (XRD) was

studied using a Siemens diffractometer with a graphite mono-

chromator and a gas flow detector using Fe Kα radiation. The

grain size in pure and doped ZnO was measured by TEM and

additionally by XRD. It was calculated from the angular depen-

dence of the line broadening [17]. The magnetic properties were

measured using a SQUID interferometer (Quantum Design

MPMS-7 and MPMS-XL) in the external magnetic field applied

parallel to the sample plane. The diamagnetic signal from a

sample holder and a substrate was accurately subtracted from

the magnetization curves.

In Figure 3 the magnetization curves are plotted for pure ZnO

and ZnO-doped with 0.1 and 10 atom % Mn [7]. All three

curves demonstrated typical ferromagnetic behaviour with

saturation (the saturation magnetization Js is, respectively,

1 × 10−3 μB/f.u. = 0.06 emu/g, 2 × 10−3 μB/f.u. = 0.16 emu/g,

and 0.8 × 10−3 μB/f.u. = 0.04 emu/g) and hysteresis with a coer-

cive force Hc of about 0.01–0.02 T (see insets in Figure 4). All

three samples have grain sizes well below the barrier value

(Figure 2) leading to the FM behaviour. Js increases linearly

with the increasing thickness of the ZnO film (Figure 4). The

temperature dependence of Js permits to estimate the Curie tem-

perature TC. At room temperature the saturation magnetization

of pure zinc oxide films was only 40% lower than Js measured

at 40 K [7]. It means that TC of our films is much higher than

the room temperature. The main feature of all five plots in

Figure 1 is that ZnO becomes ferromagnetic only if sGB exceeds

a certain critical value sth. In other words, FM properties appear

if the grains are small enough. Moreover, one needs grain

boundaries. If the ZnO powders are fine- or even nanograined,

but not sintered (i.e., p << 1), they have few GBs. Then they are

not ferromagnetic and, as a result, appear in the left part of a

diagram.

Figure 3: Magnetization Js (in units of 10−3 µB/f.u.) as a function of the
applied external magnetic field for pure zinc oxide films and zinc oxide
films doped with 0.1 and 10 atom % Mn at room temperature. Repro-
duced with permission from [7], copyright 2009 American Physical
Society.

From Figure 1 follow two important contradictions with the

seminal prediction of T. Dietl [1]: (1) bulk ZnO, even doped

with “magnetic” atoms, is not ferromagnetic; (2) even undoped
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Figure 4: Dependence of magnetization per area unit (calibrated in
emu/m2) on the film thickness (circles are pure zinc oxide, square is for
ZnO doped by 10 atom % Mn) measured at room temperature. Insets
show magnetic hysteresis for pure ZnO deposited on the sapphire
single crystal (left) and on the aluminium polycrystal (right). Repro-
duced with permission from [7], copyright 2009 American Physical
Society.

pure ZnO can become ferromagnetic if it contains enough grain

boundaries. Indeed, pure ZnO possesses ferromagnetic proper-

ties at sGB > sth = 5.3 × 107 m2/m3 [7], in other words at grain

sizes below 20 nm (Figure 1a). However, the addition of

manganese, cobalt, iron and nickel positively influences the FM

of ZnO polycrystals. Such additions decrease the amount of

GBs needed for FM behaviour. This fact somehow coincides

with the prediction of Dietl et al. [1]. For example, in a number

of works where sGB fell between sth for pure and manganese-

doped ZnO, paramagnetic properties were observed in pure zinc

oxide and ferromagnetic properties in manganese-doped sam-

ples [18,19]. As a result, sth increases with doping starting from

pure ZnO. The following sth values for different dopants have

been observed: pure ZnO sth = 5.3 × 107 m2/m3 [7], cobalt-

doped ZnO, sth = 1.5 × 106 m2/m3 [8], manganese-doped

ZnO, sth = 2.4 × 105 m2/m3 [7], nickel-doped ZnO, is sth =

1.0 × 106 m2/m3 [6] and iron-doped ZnO, sth = 5 × 104 m2/m3

[9]. Thus, iron most actively promotes the FM behaviour of zinc

oxide. ZnO polycrystals doped with Fe become ferromagnetic

already at an effective grain size of about 40 μm.

Direct evidence of grain boundary influence
on the ferromagnetic behaviour of ZnO
Figure 1 shows the correlation between grain size (or specific

density sGB of grain boundaries in the volume unit) and the

presence or absence of ferromagnetic behaviour in ZnO. These

plots are based on the data collected from hundreds indepen-

dent investigations and show that FM appears only above a

certain critical value sth of the GB specific density sGB. This is

impressive evidence that GBs are the key to FM in ZnO. How-

ever, this evidence is indirect. Can we find the method that

would be able to give us the direct and unambiguous evidence

that ferromagnetic properties in ZnO derives from GBs?

Such direct evidence can be obtained from the local-probe

method of low-energy muon spin relaxation (LE-µSR) [13].

This method is based on the idea to implant spin-polarized low-

energy positive muons into ZnO. Due to their positive charge,

the low-energy muons are trapped in the interstitial lattice sites.

The motion of the muon spin is due to the magnetic field expe-

rienced by the muon. Therefore, low-energy muons act as

highly sensitive probes of magnetic fields originating from

magnetic moments in their close proximity and can provide

information on the local environment of the muonin a very sim-

ilar way to other magnetic resonance techniques. More details

on the µSR method can be found in [20,21].

Low-energy muon spin relaxation measurements were carried

out at the µE4 Low-Energy Muon (LEM) beamline at the Swiss

Muon Source (SµS), Paul Scherrer Institute, Switzerland

[22,23]. During these measurements the positive muons were

implanted into the films. The positive muons were 100% spin

polarized. The spin polarization was parallel to the sample sur-

face. The measurements were done in zero field at different

temperatures of −223, −103, and 23 °C. Different sample

implantation depths were also used (10 to 75 nm). No depen-

dence on temperature or penetration depth was observed. There-

fore, the µSR spectra were obtained by averaging the data ob-

tained at different temperatures and different sample penetra-

tion depths in order to improve the signal to noise ratio.

Three different samples were investigated with different values

of sGB. One sample was single crystalline (purchased from the

Mateck Company, Germany) and contained, therefore, no GBs.

The second sample (coarse-grained or CG) had a grain size of

65 nm and sGB = 2.65·107 m2/m3. The third sample (fine

grained or FG) had small grains with a size of 31 nm and sGB =

5.32·107 m2/m3. These sGB values are, respectively, slightly

below and above the threshold value sth = 5.3 × 107 m2/m3 for

pure ZnO (Figure 1a and [7]). The magnetic measurements sup-

ported the choice of three specimens. Namely, the single crystal

showed only a negligibly small saturation magnetization of

2 × 10−4 emu/cm3 [13]. The CG sample was weakly ferromag-

netic with Js = 1.25 emu/cm3 [13]. The FG sample with the

smallest grains had the highest saturation magnetization of

Js = 8.3·emu/cm3. The Js values measured at 50 K and RT were

very similar (like in [7]). This fact is an important indicator for

true ferromagnetism in ZnO and a high Curie temperature TC

[13].
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When using LE-µSR the spin relaxation of muons in zero field

(ZF-µSR) is measured. It shows the dephasing of muons and

permits to determine the corresponding decay in the muon

asymmetry spectrum [24]. As a result the decay in the muon

asymmetry spectrum can be obtained. Such decay is due to the

presence of an internal magnetic field distribution. In Figure 5

one can see three such time-dependent spectra of µSR asym-

metry for the three studied samples with different GB specific

density. In Figure 5 we plotted the normalized asymmetry. The

experimental points have broad scatter and were fitted using the

program Musrfit [25]. A measure for the fraction of magnetic

volume in a sample is given by the relaxing amplitude of the

asymmetry. The strongest relaxation is observed for the ZnO

films with smallest grains (lower curve, open squares). It corre-

sponds to a total magnetic volume fraction of about 35%. The

lowest relaxation is observed for the ZnO single crystal (upper

curve, open circles).The non-magnetic single crystal has no sig-

nificant magnetic volume fraction at all. In the middle lies the

curve for coarse-grained ZnO (filled squares). The magnetic

volume fraction for this ZnO film was about 15%. Using the

local-probe method of low-energy muon spin relaxation mea-

surements we obtained the expected direct evidence that ferro-

magnetic behaviour of ZnO is due to the atoms located in ZnO

grain boundaries and not in the bulk [13].

Figure 5: Averaged zero-field µSR spectra for the single crystal (top
curve, open circles), the coarse grained (middle curve, filled squares),
and the fine grained (bottom curve, open squares) ZnO samples.
Replotted with permission from [13], copyright 2015 Nature Publishing
Group.

The LE-µSR measurements were supported by theoretical

studies [13]. Using molecular dynamics the simulations of

4800 atoms in a periodic box were performed for two grain

boundaries. They permitted to simulate the atomic disorder in

the grain boundary region. The simulation periodic box was

first equilibrated at 300 K and constant pressure of 105 Pa for

0.5 ns, then heated to 2700 K and equilibrated for 1 ns. Then it

was cooled to 300 K and equilibrated for 1 ns. The atomic con-

figurations in GBs obtained by the molecular dynamics formed

the basis for the further density functional theory calculations.

For the cluster with about 200 atoms in an effective electro-

static field formed by the rest of the simulated system the elec-

tronic structure was determined. The calculation show that for

single-crystalline ZnO the energy difference between highest

occupied molecular orbital (HOMO) and lowest unoccupied

molecular orbital (LUMO) is quite high and reaches about 4 eV.

However, this difference for the sample containing the disor-

dered GB area diminishes almost to zero. Moreover, energy of

the lowest magnetic triplet state for GB is only 0.2 eV higher

than the closed shell ground state. Both these results permit us

to conclude that unpaired electrons can exist in GBs and atomic

configurations may exist where such electrons are coupled

ferromagnetically [13].

Influence of dopant concentration on the
ferromagnetic behaviour of ZnO
In Figure 1b–e the data on presence or absence of ferromag-

netic behaviour are given in dependence on the grain size for

pure ZnO and ZnO doped with different atoms. However, they

are given without taking in account how much manganese,

cobalt, iron and nickel is in ZnO. How does the concentration of

these elements influence the magnetisation of ZnO? We tried to

answer this question using doped ZnO films synthesised using

the liquid ceramics technology. Figure 6 shows the concentra-

tion dependences of the saturation magnetisation Js for such

ZnO films doped with manganese [26], cobalt [8], or iron [9].

In all three cases the Js value strongly increases (about 4 to

20 times) when small fractions (0.02–0.12 atom %) of Co, Mn

or Fe are added to pure ZnO. Around 0.5 atom % of Co, Mn or

Fe the saturation magnetization reaches maximum and then

decreases again down to the value close to that of pure ZnO or

even less. Thus, the addition of small amount of “magnetic

atoms” indeed makes ZnO “more ferromanetic” as predicted by

Dietl et al. [1]. However, above a dopant concentration of

5–10 atom % the behaviour of Js is different for Co, Mn and Fe.

In the case of cobalt (Figure 6a), the Js(c) curve has only one

maximum, and Js remains low up to the solubility limit of Co in

ZnO (shown by the vertical dotted line at 32 atom % Co). In the

case of iron (Figure 6c), Js increases again above solubility limit

of Fe in ZnO (shown by the vertical dotted line at 18 atom %

Fe) and the Js(c) curve has two maxima. In the case of

manganese (Figure 6b), Js strongly increases again above

5 atom % Mn, reaches a maximum close to the solubility limit

of Mn in ZnO (shown by the vertical dotted line at 26 atom %

Mn) and decreases for the second time down to the value for

pure ZnO or less above the solubility limit of Mn in ZnO. Thus,

the Js(c) curve has two maxima and two minima.
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Figure 6: Saturation magnetization of doped zinc oxide films versus
the concentration of (a) cobalt [8], (b) manganese [26], and (c) iron [9].
Figure was replotted based on the figures from [8,9,26] with permis-
sion, copyright Taylor & Francis and AIP Publishing.

How we can explain the different number of maxima and

minima in Figure 6? Remember that manganese can possess

three different oxidation states in ZnO, namely Mn2+, Mn3+,

and Mn4+ [27-32]. Iron can be present in ZnO in the form of

Fe2+ and Fe3+ ions [33-36]. It is known that the dependence of

the fraction of manganese or iron ions with various valences on

the manganese or iron concentration, respectively, is compli-

cated [27-36]. Cobalt is mainly present as Co2+. It looks that the

more possible oxidation states has the dopant, the more com-

plex is the shape of Js(c) curve. It is clear that if we substitute a

Zn2+ ion with a Co2+, Fe2+ or Mn2+ ion, the amount of oxygen

ions O2– remains the same in the structure of ZnO. If the dopant

has a higher valence than Zn2+, the amount of oxygen ions O2–

should decrease to preserve the neutral charge of doped ZnO.

However, if the concentration of oxygen changes, the whole

structure of the nanograined zinc oxide should change, like for

example the structure and properties of titanium oxide changes

by the addition of dopants with different valence [37].

We compared in [8,9,26] the shape of our concentration depen-

dencies with those observed in other published works, i.e., in

samples synthesised by other methods. In the majority of cases

the concentration dependencies are also non-monotonous, but

depend on the topology of the GB network. Most similar to the

plots shown in Figure 6 are the Js(c) curves obtained from pore-

less films with equiaxial grains. If the grains are elongated or

flattened, the shape of the Js(c) curves is different. Most differ-

ent look the Js(c) curves obtained in measurements with ZnO

samples built of dense polycrystalline spheres loosely sintered

[8,9,26].

Increase of dopant solubility with decreasing
grain size: role of grain boundaries
The vertical dotted lines in Figure 6 show the concentrations

where the solubility limit cs of Fe, Mn or Co in ZnO is reached.

Above cs a second phase appears in the system, and the peaks of

Fe, Mn or Co oxide become visible in the XRD patterns

together with wurtzite peaks of ZnO (Figure 7). However, why

are these solubilities so high and exceed 30 atom %, for exam-

ple, in the case of cobalt? Bates et al. [38] determined the tem-

perature dependencies of the solubilities cs of several elements

(including Fe, Mn and Co) in a volume of zinc oxide. Those cs

values do not exceed few percent, even at high temperatures. In

several micro- and nanograined materials the overall solubility

exceeds the cs value [39-44].

Already in 1957, McLean [45] proposed the idea that grain

boundary segregation of a second component can change the

overall solubility of this second component. If we add a second

component B into lattice of a matrix A, the lattice parameter of

A would change (like the increase of the lattice parameter of

ZnO after adding cobalt atoms, Figure 7a [46]). If the bulk solu-

bility limit csb is reached, a second phase will appear in addi-

tion to the first one, and the lattice parameter stops to change

and remains constant with a further increase of the concentra-

tion of B. However, the atoms of the second component that are

segregated in GBs cannot build the lattice of a second phase. As

a result, the second phase would appear not at csb but later, at
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Figure 7: (a) Lattice parameter c in Co-doped ZnO films deposited using the liquid ceramics method versus the cobalt concentration [47]. (b) Period
of a ZnO wurtzite lattice versus the manganese concentration for different grain size [46]. Figure was replotted basing on the figures is reproduced
with permission from [46,47], copyright 2008 Elsevier Ltd. (panel a) and copyright 2009 AIP Publishing (panel b).

higher concentrations of B. This is well visible in Figure 7b

where the dependence of ZnO lattice parameter is shown for

different grain sizes and Mn contents [26,47]. The steepest

curve is for the single crystal. The csb value for Mn in ZnO

lattice is only about 7 atom % Mn. In this case Mn atoms only

substitute Zn atoms at the wurtzite lattice sites. If we have GBs

in the sample, each new Mn atom has a choice, where to substi-

tute Zn, in the crystalline wurtzite lattice or in a GB. Thus, the

curve for a grain size of 1000 nm is less steep and cs is reached

at 10 atom % Mn. With decreasing grain size and increasing

specific GB area sGB the solubility cs limit increases further.

Thus, cs = 20 atom % Mn for a grain size of 100 nm and cs =

28 atom % Mn for a grain size of 20 nm (Figure 7b). We see

how drastically the solubility of Co and Mn increases with de-

creasing grain size and increasing specific GB area sGB.

The full dependencies of the lattice parameters on the dopant

concentration are measured rather seldom [26,47]. However, the

hundreds of papers on the ferromagnetic behaviour of ZnO give

us an extremely rich source for analysing how the dopant solu-

bility depends on the grain size. It is because when searching

for ferromagnetic ZnO, the experimentalists had to be sure that

the ferromagnetic signal comes from a doped wurtzite ZnO and

not from a (possibly ferromagnetic) second phase. Therefore,

data on the presence or absence of a second phase are usually

present in such publications. Quite frequently the grain size is

also given (in other case it is possible to estimate the grain size

from TEM micrographs or the width of XRD peaks). The tem-

perature T of synthesis or the last thermal treatment can also be

determined from the publications (such as for the construction

of Figure 1).

If we separate the data points for different grain sizes into dif-

ferent plots, cs(T) curves can be drawn for each grain size

interval. Such plots for nickel-doped zinc oxide are shown in

Figure 8a–d [6] and for iron-doped zinc oxide in Figure 8e,f

[12]. Similar solubility lines for different values of grain size

are shown in Figure 9 for manganese-doped [16] and cobalt-

doped [47] ZnO polycrystals. In Figure 9 the experimental

points are omitted for simplicity, and only the solubility limit

lines are displayed. The full plots with all points and respective

list of references can be found in [46,47]. It is well visible how

drastically the solubility increases with decreasing grain size.

Namely, ZnO polycrystals with grain sizes of 20 nm and below

can dilute dozens of atomic per cent of “magnetic atoms” with-

out any sign of peaks of a second phase in the XRD patterns.

The loosely sintered (nano)powders contain less GBs, the main

defects are free surfaces. In such samples the overall solubility

also increases, but now so drastically as in poreless polycrys-

tals [46,47].

Can the monolayer grain boundary or surface segregation

ensure such a high increase of solubility? We estimated the

thickness of the segregation layer for polycrystals with grain

boundaries and with free surfaces [46,47]. It appeared that the

GB contains more than 10 monolayers of Mn or Co [46,47].

Moreover, the GB input in the total Mn or Co concentration in-

creases with decreasing grain size. The free surfaces are also

enriched by “magnetic atoms”, but the thickness of enriched

surface layers is only half to about a third of that in GBs. Can

we observe these layers directly, using TEM?

Figure 10 shows the bright-field HREM micrographs for two

zinc oxide films doped with 10 (Figure 10a) and 15 atom % Mn

(Figure 10b) [48]. In both micrographs the ZnO nanograins are

visible. They have a lattice with wurtzite structure (see the inset

A with Fourier transform from crystalline area). Between crys-

talline ZnO nanograins the amorphous intercrystalline layers
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Figure 8: (a–d) Solubility limit of nickel in zinc oxide polycrystals with grain sizes (a) larger than 1000, (b) between 1000 and 100 nm, (c) between 20
and 100 nm, and (d) smaller than 20 nm [6]. (e,f) Solubility limit of iron in zinc oxide polycrystals with grain sizes (e) larger than 1000 and (f) smaller
than 100 nm [12]. The filled and open symbols correspond to one- and two-phase samples, respectively. Diamonds mark the solubility limit. Replotted
based on figures reproduced with permission from [6,12], copyright 2015 Institute of Problems of Mechanical Engineering, Russian Academy of
Sciences (PME RAS, "Advanced Study Center" Co. Ltd, panels a–d) and copyright 2014 Springer Science+Business Media New York (panels e,f).

can be seen. The inset B shows the Fourier transform from such

an amorphous intergranular area. It is easy to see that the

amount of amorphous phase in ZnO/ZnO GBs increases with

increasing manganese content. Thus, in the alloy with

10 atom % Mn the amorphous layers are visible between crys-

talline ZnO nanograins. In the alloy with 15 atom % Mn the

crystalline ZnO nanograins are completely surrounded by amor-

phous layers. Such thick GB layers, indeed, correspond to the

estimations made in [46,47]. However, one can find such syn-

thesis conditions for nanograined ZnO for which, even in the
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Figure 9: Solubility limit of (a) cobalt [47] and (b) manganese [46] in zinc oxide polycrystals with various grain sizes. Replotted based on figures repro-
duced with permission from [46,47], copyright 2008, 2009 Elsevier Ltd.

Figure 10: Bright-field HREM micrographs [48] for zinc oxide films doped with (a) 10 atom % Mn and (b) 15 atom % Mn. The insets show the Fourier
transforms for amorphous and crystalline areas marked by letters A, B, C. Reproduced with permission from from [48], copyright 2010 Science+Busi-
ness Media New York for Pleiades Publishing Inc.

case of very small grains below the threshold value (Figure 1),

the sample will not have ferromagnetic properties [45,46]. The

magnetic properties depend critically on the texture of films and

the structure of amorphous GB layers [49,50]. Thus, the condi-

tion sGB > sth is necessary but not sufficient for ferromagnetism

of undoped ZnO. One needs also a certain texture and structure

of amorphous intercrystallite layers.

The morphology and mutual arrangement of amorphous inter-

granular layers and nanocrystals recalls the structures appearing

in case of grain boundary wetting [51,52]. In particular, the ap-

proaches developed for the description of so-called GB

complexions or intergranular films (IGFs) can be very effective

in the future for the explanation and prediction of GB phenome-

na leading to the ferromagnetic behaviour in the nanograined

semiconducting oxides [53-64]. The amorphous intergranular

layers appear also in nanograined alloys obtained by the severe

plastic deformation [65,66].

Conclusion
In summary, we observed that, contrary to the prediction of

Dietl et al. [1], the doping of bulk ZnO with Mn, Co, Fe or Ni

does not make it ferromagnetic. On the other hand, nanograined

ZnO becomes ferromagnetic even without doping. The pres-

ence of grain boundaries is the essential and necessary condi-

tion for the FM behavior of pure ZnO. The specific area of GBs
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sGB has to exceed a certain critical or threshold value sth. How-

ever, the presence of grain boundaries with sGB > sth is not a

sufficient condition for ferromagnetism of undoped ZnO. A

certain texture and structure of amorphous intercrystalline

layers is necessary. Nevertheless, the key role of GBs in the

ferromagnetic behaviour of ZnO is proven by LE-µSR. Model-

ling with molecular dynamics combined with density func-

tional theory calculations permitted to find ferromagnetically

coupled electron states in ZnO GBs.

The doping of ZnO with Mn, Co, Fe or Ni, indeed, facilitates

the transition into a ferromagnetic state and decreases the

respective threshold values sth. Also, the addition of few tenths

of atom percent of Mn, Co, Fe or Ni drastically increases the

saturation magnetization Js. Js changes non-monotonously with

further increase of the dopant content c. The number of minima

and maxima of the Js(c) curves correlates with number of

valence states of dopants. Most probably, it is due to the change

of oxygen content in GBs driven by the condition of electrical

neutrality. The drastic increase of the total solubility of dopants

in ZnO with decreasing grain size has been also observed. It is

explained by the multilayer GB segregation.
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Abstract
We employed depth-sensing nanoindentation to produce ordered arrays of indents on the surface of 50 nm-thick Au(Fe) films

deposited on sapphire substrates. The maximum depth of the indents was approximately one-half of the film thickness. The

indented films were annealed at a temperature of 700 °C in a forming gas atmosphere. While the onset of solid-state dewetting was

observed in the unperturbed regions of the film, no holes to the substrate were observed in the indented regions. Instead, the film

annealing resulted in the formation of hillocks at the indent locations, followed by their dissipation and the formation of shallow

depressions nearby after subsequent annealing treatments. This annealing-induced evolution of nanoindents was interpreted in

terms of annihilation of dislocation loops generated during indentation, accompanied by the formation of nanopores at the grain

boundaries and their subsequent dissolution. The application of the processes uncovered in this work show great potential for the

patterning of thin films.
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Introduction
The intentional introduction of defects into bulk metallic mate-

rial by plastic deformation followed by heat treatments, i.e.,

thermo-mechanical treatment, is a technological cornerstone of

human civilization and has been used for millennia to design

microstructures and properties of materials. Yet, applying this

approach to thin metal films is problematic because the tradi-

tional methods of high-strain deformation, such as rolling or

forging, are not applicable. Nanoindentation is widely used for

characterizing the mechanical properties of nano- and micro-

scale specimens. It can also be employed to produce defects of

controlled shape and size, and to introduce high plastic strain in

thin films. Here, we present the results of a study investigating

the recovery of indentation-induced defects in Au(Fe) bilayer

films. The motivation for our work is two-fold: (i) to explore

the concept of thermo-mechanical treatment of thin films by

combining localized plastic strain introduced by nanoindenta-

tion with subsequent annealing, and (ii) to understand the effect

of nanoindentation-induced localized plastic deformation on the

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
mailto:erabkin@technion.ac.il
https://doi.org/10.3762%2Fbjnano.7.199
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thermal stability and solid-state dewetting of thin films. In what

follows, we will give a short overview of what is known about

the recovery of indents in thin metal films at elevated tempera-

tures and about solid-state dewetting of thin metal films.

To the best of our knowledge, very few publications report

studies of the thermo-mechanical processing of thin metal films

by combining nanoindentation and annealing. Lee et al. [1,2] in-

vestigated the microstructural changes and phase transformat-

ions induced by nanoindentation and annealing in Ni [1] and Ag

thin films [2] on Si substrates. They revealed that the distortion

of the crystalline structure induced by indentation enhances

the diffusivity of metal atoms and prompts the formation of

nickel and silver silicide phases. Similar enhancement of diffu-

sivity and the formation of a eutectic phase were observed

in the indented region of a Au thin film on Si (with a Cr inter-

layer) [3]. Also, the material pileup around the indents in

the as-deposited film fully recovered and disappeared after

annealing in the temperature range of 250–450 °C [3]. It should

be noted that in all three works [1-3] the maximum indentation

depth was larger than the metal film thickness, which resulted

in significant modification of the Si substrate. Still, the micro-

scopic mechanisms responsible for redistribution of matter in

the indented region and the microstructural changes caused by

annealing remained poorly understood.

Annealing-induced shape recovery of indents produced by

nanoindentation is well-documented for thin nickel–titanium

films; yet, in this case the recovery is related to diffusionless

martensite–austenite transformation [4]. Thermally activated

strain recovery has been reported for thin Al and Au films [5]. It

has been suggested that plastic deformation recovery is

restricted to small grain sizes and driven by inhomogeneous

residual internal stresses. The above short overview shows that

the understanding of the processes occurring in deformed thin

metal films upon annealing is quite poor compared to the great

wealth of data on recovery and recrystallization of deformed

bulk metals [6].

The introduction of defects into thin metal films can significant-

ly affect their thermal and mechanical stability. For example,

solid-state dewetting of thin metal films is a well-known phe-

nomenon, which results in temperature-induced morphology

changes, exposure of the substrate, and transformation of a film

into an array of individual particles. This process is driven by

the reduction of the total surface and interfacial energy of the

system. Since a wide range of applications of thin metal films in

the microelectronics requires featureless and defect-free sur-

faces, the knowledge of the effect of localized plastic strain on

dewetting is of high practical importance. Surface and interface

defects, such as grooves at grain boundaries and triple junc-

tions [7,8], voids at the interface between the film and the sub-

strate [9], and localized impurities on the substrate or on the

film surface can serve as nucleation sites for the onset of solid-

state dewetting upon heating. Localized plastic deformation by

indents on the film surface is expected to play a two-fold role in

dewetting. On the one hand, the indents could serve as addition-

al nucleation sites for the holes and, thus, accelerate the dewet-

ting process. On the other hand, they could add fast diffusion

paths in the near-surface region and, thus, accelerate the healing

processes in the material controlled by capillary forces [10,11]

or the interaction of defects [12]. The healing capability of

defects was recently demonstrated for Au [13] and Fe [14]

nanoparticles. It was shown that the controlled injection of

dislocations into single-crystalline faceted metal nanoparticles

results in their much faster equilibration, i.e., achieving the

equilibrium crystal shape, during subsequent annealing as com-

pared to their defect-free counterparts [13,14].

Recently, Amram and Rabkin [15] studied the role of Fe under-

layers in the growth of quasi-single-crystalline heteroepitaxial

Au thin films on sapphire. The Au layer deposited on Fe exhib-

ited a high degree of in-plane ordering with a large grain size.

In the Au(Fe)-sapphire system, the thin Fe underlayer reduces

the lattice mismatch between Au and sapphire and increases the

adhesion energy, which lowers the concentration of structural

defects in the film and improves its thermal stability. The Au

layer exhibited a strong [111] out-of-plane texture and two

twinning-related in-plane orientations related by a 60° rotation

around the surface normal. The Fe underlayer exhibited a strong

[110] out-of-plane texture with three in-plane orientations. The

morphological stability and initial stages of dewetting of quasi-

single-crystalline Au(Fe) thin films has been described in detail

in [16]. Thus, this system represents a convenient model object

for the studies of the effect of indentation-induced surface

defects on the film behavior at elevated temperatures. This is

because these films exhibit only one type of grain boundaries

(Σ3 twin boundary, where Σ is a reciprocal density of coinci-

dent sites) and are intrinsically stable against dewetting. The

interdiffusion coefficients in the Au(Fe) system have been de-

termined by Iijima and Yamazaki [17]. At the temperature of

700 °C employed in the present study, the full intermixing of a

50 nm thick bilayer takes less than 1 s, and, therefore, in what

follows we will refer to the Au(Fe) bilayers as a single-phase

face-centered cubic dilute solid solution of Fe in Au, or Au(Fe)

thin films.

The goals of the present work were to determine the thermal

stability of Au(Fe) films containing indentation-induced sur-

face defects, and to establish the mechanisms of indent

recovery. The latter goal should be considered in a wider frame-

work of thermo-mechanical processing of thin metal films. The
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Figure 1: The microstructure of the as-deposited Au(Fe) film. (a) High-resolution scanning electron microscopy (SEM) micrograph of the Au(Fe) film,
which contains grains of 40 to 50 nm in diameter; (b) XRD pole figure of the Au {111} reflections from the as-deposited Au(Fe) film. Two orientation
variants are distinguishable, rotated by 60° with respect to each other around the [111] surface normal.

localized defects in the film were introduced by load-controlled

nanoindentation. We employed atomic force microscopy

(AFM) for studying the surface morphology evolution upon

annealing; special attention was paid to the healing processes in

the indented area and the dewetting process in the unperturbed

film.

Results
The microstructure of the ultrathin (5–20 nm) Au(Fe) films has

been described in detail in [15]. It was shown that the deposi-

tion of a Au film on a thin Fe underlayer resulted in a high-

quality quasi-single-crystalline Au films with large grains

having diameters of several micrometers. In the case of the

thicker films studied in the present work (the total thickness is

50 nm), the average grain size was comparable to the film thick-

ness (Figure 1a). Triple junctions are clearly observed between

the majority of grains, which is typical of a polycrystalline film.

The presence of triple junctions in the film is related to the devi-

ations from the ideal Σ3 misorientation between the grains, as

also confirmed by an angular spread of the {111} reflections in

the X-ray diffraction (XRD) pole figure shown in Figure 1b.

Indeed, thin films with the perfect <111> texture, in which all

grain boundaries are of the exact <111>Σ3 type, so-called

mazed bicrystalline films [18,19], exhibit a special type of

microstructure without triple junctions. The electron backscatter

diffraction data obtained on the as-deposited film (not shown

here) confirmed that only the near-<111>Σ3 tilt grain bound-

aries, and low-angle grain boundaries were present in the film.

The atomic force microscopy (AFM) image of the Au(Fe) film

surface (Figure 2) was taken four months after the film deposi-

tion. Hillocks with a height up to 25 nm were present on the

film surface, which could be the result of slow stress relaxation

Figure 2: AFM micrograph of the surface of the as-deposited Au(Fe)
film, four months after deposition.

in the as-deposited Au(Fe) bilayers at room temperature. After

the first annealing for 10 min, the hillocks disappeared.

AFM line profiles were used to determine the indent depth

before and after annealing. The average depths of the as-pro-

duced indents were 18 and 25 nm for the maximum indentation

loads of 0.1 and 0.2 mN, respectively, which is less than half

the film thickness. Since a three-sided pyramidal, Berkovich tip

was used for the indentation, the initial indent shape was trian-

gular (Figure 3a). Setting the level of the unperturbed film to

zero, we calculated the amount of piled-up (positive) and dis-

placed (negative) material by integrating all negative and posi-

tive pixels in the indented region. The volumes of piled-up and

displaced material were approximately balanced.
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Figure 3: AFM topography images of one and the same imprint produced at P = 0.2 mN (a) after indentation, after annealing for (b) 10 min,
(c) 20 min, (d) 290 min. Cumulative annealing times are given.

Thermally induced morphology evolution of the indents pro-

duced at the maximum load of P = 0.2 mN is shown in Figure 3

for one and the same indent, and in Figure 4 for random loca-

tions within the indented area. Upon heating, the healing

process of the indents was thermally initiated. After annealing

for 10 min, the piled-up material transformed into three-lobe

hillocks (Figure 3b and Figure 4b), which resulted in a decrease

of the maximum indent depth and in the lateral expansion

of the indent. After the next heat treatment, the three lobes tend

to merge into a single hillock (Figure 3c and Figure 4c).

Annealing for 30 min results in the formation of near-hillock

surface depressions accompanied by a slight reduction of the

hillock height (Figure 4d). The depressions were observed near

approximately 40% of all hillocks, which may have been caused

by a local variation of the kinetic parameters or microstructure

inhomogeneities. Interestingly, during subsequent annealing

treatments, the hillocks with and without a nearby depression

behaved differently. The height of the hillocks without a nearby

depression stabilized at a value of 6–8 nm after the hillocks had

been fully formed, and did not change upon subsequent anneals.

The hillock-depression couples did change their morphology,

with the depression becoming deeper consuming the nearby

hillock. The latter process resulted in a shallow cavity adjacent

to the disappearing hillock (Figure 4e and Figure 4f). Figure 5

shows the typical morphology of an indent transformed into a

hillock-depression couple after prolonged annealing (290 min).

The depth of the depression is about 5 nm, while the hillock

height is reduced to 3 nm. It is worth noting that the depression

has an elongated shape with gently sloping edges and a root ex-

hibiting an abrupt change of the surface slope (Figure 5c). This

fact testifies to a significant contribution of grain boundaries to

the depression formation. Indeed, an abrupt change of the sur-

face slope is an essential attribute of the grain boundary groove,

indicating a balance of surface and grain boundary energies at

the triple line [7,20]. Our EBSD observations have demon-

strated that significant grain growth and texture sharpening had

occurred in the film upon annealing, so that either a single grain

boundary or no grain boundary at all were present in the imme-

diate vicinity of the indents. We believe that the depressions

were formed only in the cases when a grain boundary was avail-

able near the hillock.

The indents produced at P = 0.1 mN behaved in a similar

manner. For these smaller indents, the formation of a single

hillock followed by the appearance of a depression occurred

slightly faster than in the case of indents produced at

P = 0.2 mN. After annealing for 10 min, most of the indents

were transformed into single hillocks, while some indents had a
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Figure 4: AFM topography images of nanoimprints produced at P = 0.2 mN (a) after indentation, after annealing for (b) 10 min, (c) 20 min, (d) 30 min,
(e) 110 min, (f) 290 min. Cumulative annealing times are given.

slightly distinguishable three-lobe shape. The depth of the

shallow depressions did not exceed 5 nm after the last heat

treatment.

We also examined the film morphology far from the indented

area. The onset of dewetting was observed right after the first

annealing. The holes were randomly distributed and exhibited

hexagonal symmetry. All holes nucleated at once, i.e., no new

nucleation events were observed during subsequent anneals, and

their density was about 5 × 108 m−2. A typical hole formed

during solid-state dewetting of the film is shown in Figure 6.

The hexagonal shape of the holes tends to transform into a

triangular one over time, as it was observed for a Au(Fe) film

with lower thickness [16]. This fact is attributed to the faster

surface diffusion along the disappearing facets. In contrast to

the holes observed in [16], the holes observed in this study did

not exhibit elevated rims. Yet, most of the holes were

surrounded by a ring of small bumps. The volume of the materi-

al in the bumps is much smaller compared to the material re-

moved from the hole. Hillocks as observed in the as-deposited

film were not observed. This raises a question about the reloca-

tion of material consumed by the hole. It is reasonable to

assume that the material is redistributed along the film–sub-

strate interface, similar to what has been observed in Ni thin

films with the mazed bicrystal microstructure [21]. This type of

dewetting greatly differs from the classical one, implying the

accumulation of the material in the rims of the holes [22]. The

central feature inside the hole indicates its nucleation site. Such

features were observed in many studies of the solid-state dewet-

ting, yet the mechanism of their formation is still unknown [22].
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Figure 5: A three-dimensional AFM image of the indent after
annealing for (a) 290 min and AFM profiles taken along the (b) blue
and (c) red lines.

Discussion
In this study, we found that thermal treatment results in

recovery of indents produced at the applied loads of 0.1 and

0.2 mN, with depths reaching up to half of the film thickness. It

is interesting that no holes nucleated in the indented regions,

whereas the dewetting process had started in the pristine, unper-

turbed regions of the film. This means that shallow indents,

which do not reach the substrate, do not promote dewetting. The

healing process does not lead to an entirely flat metal surface,

but results in a hillock-depression morphology instead. The

apparent stability of these hillock-depression couples can be ex-

plained by their low surface curvature, and, hence, low driving

force for surface diffusion, which controls the flattening process

[11]. Yet, the intermittent stage of relaxation, in which the

hillock is formed at the site of the indent, is very counterintu-

itive and apparently defies the condition of mass conservation.

In what follows, we will discuss the possible mechanisms of

indent→hillock→depression transformations. This chain of re-

laxation processes is a result of a complex, synergetic interplay

of different types of defects, including dislocation loops, grain

boundaries, and pores, and diffusion paths, such as the surface,

grain boundaries, and the film–substrate interface, which were

either present in the as-deposited film or produced during

indentation.

Let us first demonstrate that surface diffusion alone cannot

explain the transformation of a volume-conserving surface

indent into a hillock. Such a transformation could occur because

Mullins’ solution of the governing equation describing surface

diffusion-controlled morphology evolution of a surface with a

singular perturbation exhibits secondary and higher-order

extrema in the surface profile [7]. Thus, the indents of certain

morphologies can evolve into a central hillock surrounded by a

shallow, but wide depression. We considered a conical, axisym-

metrical indent with volume-conserving pileups and area func-

tion corresponding to a Berkovich indenter tip (see Appendix

for details). We employed a small-slope approximation [7] and

calculated the evolution of the topography of the indented

region by a surface diffusion mechanism (Figure 7). For short

annealing times, the bottom of the indent and the tops of the

pileups undergo fast smoothing, while the walls of the indent

remain almost straight. For long annealing times, the topogra-

phy evolves into a minor central depression surrounded by a

slightly elevated ring. At this stage, the evolution of the surface

slows down drastically because of the decrease in surface

curvature. Thus, these simulations demonstrate that surface

diffusion alone cannot lead to the transformation of an indent

into a hillock.

It is important to note that the pre-existing hillocks on the film

surface (Figure 2) do not play any significant role in annealing-

induced evolution of the film topography. We performed

several control indentation-annealing experiments with the

as-deposited Au(Fe) film free of surface hillocks. This film

exhibited the same phenomenon of indent recovery accompa-

nied by the formation of characteristic hillock-depression

couples.

We believe that prismatic dislocation loops produced during

indentation are responsible for the upward relaxation of the

indent. We will assume that intensive plastic flow of the materi-
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Figure 6: Three-dimensional AFM image of the hole in the Au(Fe) film far from the indented regions after annealing for 20 min.

Figure 7: The simulated surface topography of the indent evolving by
a surface diffusion mechanism, for different annealing times. B and t
are the Mullins coefficient and the annealing time, respectively (see
Appendix).

al around and underneath the indenter during indentation results

both in the formation of material pileups, and of dislocation

loops partly compensating for the displaced material in the

indent (see Figure 8a). Some hints about the geometry of the

plastic flow during a nanoindentation test consistent with the

schematic model presented in Figure 8 can be obtained from the

nanoindentation experiments on metallic multilayers [23]. Also,

the nature of prismatic dislocation loops in the indented region

has been recently discussed by Gagel et al. [24]. In Figure 8, we

present the schematic drawings of the film topography after dif-

ferent annealing times (based on experimentally measured to-

pography profiles averaged for several indents), together with

the schematic presentation of the corresponding changes of the

material microstructure. Upon annealing, the dislocation loops

will tend to annihilate, both under the action of their own line

tension and the residual stresses in the indented region. These

residual stresses arise due to strong adhesion between the film

and the substrate as well as the plastic strain associated with the

indentation. The annihilation of the dislocation loops, which

proceeds by a dislocation climb mechanism, leads to the eleva-

tion of the middle part of the indent and the formation of a

hillock, with the surface diffusion causing the edges to

smoothen and the affected surface region to widen (Figure 8b).

Since the annihilation of dislocation loops is non-conservative,

it generates a flux of excess vacancies. The vacancies can reach

the film-substrate interface and the nearby grain boundary,

which both can serve as vacancy sinks. The annihilation of

vacancies at the film-substrate interface leads to the slight de-

crease of the film thickness [21], whereas annihilation of vacan-

cies at the grain boundaries helps to relax compressive stresses

in the film formed during heating due to the mismatch of ther-

mal expansion coefficients between the film and the substrate.

The rim-less shape of the dewetting holes observed far from the

indented region (see Figure 6) confirms that the film-substrate

interface is indeed a potent sink and source of vacancies; the

vacancies that originated at the interface are consumed by the

expanding hole. Some fraction of the vacancy flux generated by

annihilating dislocation loops may lead to the nucleation of a

pore, with the triple line where the grain boundary emerges at

the film–substrate interface being a preferable site for this nu-

cleation (see Figure 8b). Such pores were observed in our

studies of the large indents, which reached to the substrate, in
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Figure 8: Schematic illustration of indent evolution with increasing annealing time: (a) before annealing, (b) 20 min, (c) 50 min, (d) 290 min. Various
topography features are shown in-scale (as indicated by the scale bars on the left hand side of the figure), and their dimensions were obtained by
averaging of AFM topography data for several indents. It should be noted that the arrangement of the dislocations shown does not represent the crys-
tallography of the sample, but rather symbolizes the high dislocation density accounting for mass conservation and that is typical of indentation. The
envisioned process should occur for all crystal orientations.

the same thin film, see Figure 9 [25], where the pores at the

film–substrate interface with a diameter of 10–20 nm can be

clearly seen. In the present case of low-load indents, the pores

were probably too small to be detected with the aid of the em-

ployed sample preparation method. Once the pore is formed, it

begins to drain the film material from the triple line at the film

surface, leading to the formation of a near-hillock surface

depression, see Figure 8c and Figure 8d. In the meantime, the

hillock continues to dissipate by surface diffusion. Part of the

material rejected by the shrinking hillock arrives at the grain

boundary and contributes to the dissipation of the pore. At the

end, the film should return to its original, planar state, slightly

disturbed by the grain boundary grooves. According to this

scenario, an apparent violation of mass conservation in

Figure 8b and Figure 8c is compensated for by the grain bound-

ary pore, by a slight decrease of the local film thickness, and by

the relaxation of the compressive stresses in the film. It should

be noted that a similar apparent violation of the mass conserva-

tion condition was observed during nanoindentation studies of

thin Ni films, and it was also attributed to the formation of sub-

surface interface and grain boundary pores or cracks [26]. A

simple, mass-conservation based estimate of the dislocation

density, ρ, which is required to produce the hillock with typical

dimensions shown in Figure 8b yielded ρ ≈ 1016 m−2, which is
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Figure 9: (a) Cross-sectional SEM image from the region indented at a high load (P = 1 mN), and (b) of the unperturbed region of the film. The
images were taken under the tilt angle of 35°. One can see the indent that reached to the substrate (on the right side of the image (a), where the Pt
coating covers the substrate directly) and the pores at the film–substrate interface (indicated by arrows). The annealing time was 10 min.

close to the maximum dislocation density in heavily deformed

metals [27].

According to the proposed qualitative model, the annealing-in-

duced evolution of indented metal is correlated to the following

changes of the material microstructure in the indented region:

(i) indentation-induced plastic flow and formation of prismatic

dislocation loops, (ii) annihilation of the loops, formation of the

hillock, and generation of excess vacancies and the grain

boundary pore, (iii) dissipation of the hillock and the grain

boundary pore by surface and grain boundary diffusion

mechanisms. This morphology transformation is controlled by

irreversible processes, such as dislocations climb, surface diffu-

sion, and grain boundary diffusion. It is interesting that revers-

ible formation/annihilation of hillocks at the indented sites

upon heating/cooling was demonstrated in bulk and thin

film samples of shape memory NiTi alloy [28]. This was

achieved by planarizing the as-produced indents by mechanical

polishing. The mechanism of the hillock formation upon

heating is in that case related to the martensite–austenite phase

transformation, which is affected by residual stress and very dif-

ferent from the irreversible mechanisms discussed in the present

study.

Conclusion
From the results of the present study, the following conclusions

can be drawn:

1. Thin polycrystalline Au(Fe) films on basal-plane

oriented sapphire substrates were produced by electron

beam deposition. The films exhibited a strong [111]

texture and all grain boundaries were either of the near-

Σ3<111> tilt, or of the low-angle type.

2. The shallow indents reaching up to one half of the film

thickness, produced by depth-sensing nanoindentation

did not affect the thermal stability of the film against the

solid-state dewetting.

3. Upon heat treatments at a temperature of 700 °C in a

forming gas atmosphere, the indents evolve into hillocks,

in some cases followed by the formation of a near-

hillock surface depression. For the long annealing times,

the depression becomes deeper, while the hillock is dissi-

pated.

4. We demonstrated quantitatively that the hillock forma-

tion at the indented site cannot be explained by surface

diffusion alone. We proposed a qualitative scenario in

which the hillock formation is related to the climb-con-

trolled annihilation of prismatic dislocation loops formed

during nanoindentation. The annihilation generates

excess vacancies, which condense in the pore at the triple

line between the grain boundary and the film-substrate

interface. Later, the pore absorbs the material from the

film surface by grain boundary diffusion, leading to the

development of the near-hillock depression.

The phenomenon observed in this work can be employed for the

design of surface topography of thin metal films. While pattern-

ing with the aid of nanoindentation imprints is quite obvious,

we demonstrated that a thermo-mechanical treatment of the

film, i.e., nanoindentation followed by annealing, can result in

the formation of ordered arrays of hillocks. While the parame-

ters of the naturally formed hillocks can hardly be controlled,

the size, spacing, and arrangement of the hillocks produced by

the suggested thermo-mechanical treatment can be fine-tuned

by nanoindentation parameters, such as load and indent spacing,

and annealing duration and temperature.

Experimental
Au(Fe) thin films (48 nm thick Au film on a 2 nm thick Fe

underlayer) were deposited on c-plane sapphire (α-Al2O3) sub-

strates at room temperature using electron beam deposition. The

deposition took place in a VST e-beam evaporator with a base

pressure of 5 × 10−7 Torr (6.7 × 10−7 mbar). Deposition rates

were 0.2–0.3 Å·s−1 for Fe and 0.7 Å·s−1 for Au.
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After the deposition, the films were patterned by square arrays

of nanoimprints using a G200 DCM II nanoindenter (Agilent/

Keysight Technologies) equipped with the Express Test and

NanoVision options. Five big indents were used as markers in

order to identify the locations of the different arrays with an

optical microscope. For load-controlled nanoindentation tests, a

three-sided diamond pyramidal Berkovich tip of approximately

20 nm radius of curvature at the apex was used. The arrays of

nanoimprints (array size 100 × 100 µm) were produced

on the film surface at applied loads of 0.1 and 0.2 mN,

and contained 100 × 100 nanoimprints, so that the distance

between the imprints was 1 µm. For both loading conditions,

the penetration depth was significantly lower than the film

thickness.

The indented samples were annealed in a quartz tube resistance

furnace under forming gas flow (Ar + 10% H2, 99.999% pure)

at a temperature of 700 °C for the consecutive time intervals of

10, 10, 10, 20, 60 and 180 min. The samples were placed in a

quartz boat and introduced to the hot zone of the furnace by a

mechanical manipulator. The heating time of the boat contain-

ing the sample from room temperature to 700 °C was 3 min,

followed by an isothermal annealing for the required time.

Quenching was achieved by rapid withdrawal of the boat with

the sample from the hot zone.

After each treatment, the samples were characterized by atomic

force microscopy (AFM; Park Systems XE-70) in intermittent-

contact mode, using NSG30 Si probes supplied by NT-MDT

with an average nominal value of resonant frequency of

270 kHz, and an average nominal radius of curvature at the

apex of <25 nm.

The microstructure of the films was characterized by high-reso-

lution scanning electron microscopy (HRSEM; Zeiss Ultra

Plus), and by X-ray diffraction (XRD; Rigaku SmartLab) using

Cu Kα radiation in a parallel beam configuration. HRSEM

micrographs were taken using a secondary electron detector, at

an acceleration voltage of 3 kV. Pole figures were measured

using slit collimation. Precise alignment of the samples was per-

formed using rocking curves (ω scans) on the Au (111) reflec-

tion. Cross-section samples were prepared in a dual-beam

focused ion beam microscope (FIB; FEI Strata 400-S).

Appendix
Topography evolution of an axisymmetrical
indent by surface diffusion (small slope
approximation)
To check whether surface diffusion alone can lead to indent

transformation into a hillock, we simulated topography evolu-

tion of an axisymmetrical conical indent in a small-slope

approximation.

The axial surface is described by the topography profile

Y = Y(r,t), where r is the distance from the central axis and t is

the annealing time. We assume that ∂Y/∂r << 1, so that the

small-slope approximation can be used. The chemical potential

of atoms on the surface, µ, is proportional to a local curvature

of the surface µ = Ωγκ, where the curvature, κ, is given by

(1)

and Ω, γ are the atomic volume and the surface energy, respec-

tively. The diffusion flux, j, is proportional to the gradient of the

chemical potential

(2)

The accumulation of atoms on the surface is proportional to the

divergence of the diffusion flux. Thus,

(3)

where

is the Mullins coefficient. Ds and νs are the surface self-diffu-

sion coefficient and the number of mobile atoms per unit area of

the surface, respectively, and kT has its usual thermodynamic

meaning. Equation 1–3 represent full analogs of Mullins equa-

tions for a cylindrical surface.

Numerical scheme
For the numerical solution of Equation 1–3, we introduce the

circles rn = nΔ and Yn = Y(rn), 0 ≤ n ≤ N. We will approximate

the shape of the surface between the circles rn by a cone. The

chemical potential of atoms on the surface for r = rn is deter-

mined as
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are the variations of the surface energy and the cone volume, re-

spectively, with the displacement of the y-coordinate of the nth

circle. Direct calculation yields the following expressions:

(4)

(5)

(6)

(7)

Combining the Equations 4–7 yields µn = Ωγκn, where

(8)

(9)

The total atomic flux between the circles n and n + 1 is

(10)

Final kinetic equations follow from the condition of mass

balance:

(11)

(12)

Substituting Equations 4, 5 and 10 in Equations 11, 12 yields:

(13)

(14)

The set of the ordinary differential equations (Equations 8, 9

and Equations 13, 14) was solved employing the standard Euler

method with the parameter Bdt/Δ4 < 0.05. The results of the

simulations are shown in Figure 7.
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Abstract
Carbon nanotubes (CNTs) have recently been integrated into optical waveguides and operated as electrically-driven light emitters

under constant electrical bias. Such devices are of interest for the conversion of fast electrical signals into optical ones within a

nanophotonic circuit. Here, we demonstrate that waveguide-integrated single-walled CNTs are promising high-speed transducers

for light-pulse generation in the gigahertz range. Using a scalable fabrication approach we realize hybrid CNT-based nanophotonic

devices, which generate optical pulse trains in the range from 200 kHz to 2 GHz with decay times below 80 ps. Our results illus-

trate the potential of CNTs for hybrid optoelectronic systems and nanoscale on-chip light sources.
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Introduction
Efficient transducers that allow converting electrical signals into

optical ones and vice versa are essential ingredients for

emerging applications in on-chip optoelectronic circuits. In par-

ticular, nanoscale transducers that can be seamlessly integrated

into optical waveguide structures are needed to enable on-chip

data communication in devices with small footprint. In this

context carbon nanotubes (CNTs) have been identified as prom-

ising active components [1,2]. As a first step towards CNT-

based optoelectronic photonic devices, light generation in wave-

guide-like electrodes [3] and optical waveguides [4-6] via elec-

trically driven CNTs has been demonstrated. Very recently

electroluminescent CNTs integrated into photonic circuits

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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emerged as sources of non-classical light [7]. Besides electrical

drive, optically stimulated light emission from CNTs coupled

into waveguides [8] and to cavities [9] has been achieved. It

was demonstrated, that the wavelength and the line shape of a

CNT emission can be tailored by the photonic environment

[6,10]. Beyond continuous wave generation of light, an impor-

tant aspect that needs to be addressed is the question of how fast

a waveguide-coupled CNT transducer can respond to an elec-

trical signal. Indeed, time-dependent incandescence from a

CNT film in free-space has been measured [11] and modulation

of CNT emission with decay times below 250 ps has been

shown [6]. The intrinsic characteristic timescale for CNT incan-

descence is expected to be of the order of 10 ps, estimated from

the heat capacitance of the CNTs and the thermal coupling to

the dielectric substrate and metallic leads [11]. Hence, CNT-

based transducers operating at 100 GHz seem to be possible.

In this work, we investigated the dynamic response and cou-

pling efficiency of waveguide-coupled CNT transducers to elec-

trical signals and analyze the optical pulses propagating in the

waveguide.

Results and Discussion
Fabrication of waveguide-integrated CNT
emitters
Our waveguide-coupled CNT (WG-CNT) transducers consist of

three components: a rib waveguide, metallic contacts next to the

waveguide, and metallic single-walled carbon nanotubes

(SWCNTs) placed on top of the waveguide, bridging the

contacts (Figure 1a). We use the design and fabrication ap-

proach for our samples that has been described in detail else-

where [4]. Both electrodes and waveguides were defined

using several steps of electron beam lithography on top of

Si3N4/SiO2/Si substrate. Au/Cr contacts were produced by

physical vapor deposition, and 600 nm wide, half-etched Si3N4-

waveguides were formed with reactive ion etching. A typical

sample contains tens of contact pairs and CNTs that were

placed in between using dielectrophoresis (DEP) [12,13]. DEP

allows for site-selective placement of CNTs onto electrodes

with their long axis aligned perpendicular to the waveguide [4].

We used gel-filtrated metallic CNTs obtained from HiPco mate-

rial [14]. The deposition density has been varied in the range of

1–100 CNTs per 1 µm waveguide length. After DEP the sam-

ples were baked for 1.5 h at 150 °C in ambient air in an oven to

improve the contact adhesion. Several waveguide coupled CNT

devices are shown in Figure 1a.

By connecting the driving electrodes of the CNT to a modu-

lated voltage source, the nanoscale emitter can be driven into

incandescence. We employ a pulse generator (Agilent 8131A

for long pulses and Agilent 8133A for short electrical pulses) in

Figure 1: (a) Waveguide-integrated CNT transducers. False-colored
scanning electron image of the waveguides (purple), horizontally
aligned between metallic contacts (yellow). The CNTs can be seen as
thin vertical lines between the electrodes crossing the waveguides.
The density of CNTs varies from ca. 100 µm−1 to ca. 10 µm−1 to
ca. 3 µm−1 (SEM images from the top to the bottom). (b) Emission
spectra from a waveguide-integrated CNT transducer, driven with
200 ns electrical pulses at 200 kHz repetition rate for
2.5 VDC + 2 Vpulse (blue circles) and 2.5 VDC + 3 Vpulse (red squares).
The full lines are fits to a black-body radiation curve modulated by a
substrate-induced interference. The thermal emitter temperature from
the fit is 1217 K (1390 K). Inset: spatially resolved light emission from a
CNT emitter driven with 100 ns electrical pulses at 200 kHz rate for
Vpulse = 2.0, 2.2, 2.4 V.

combination with a Keithley 6430 source-meter for additional

DC-biasing via a bias tee (ZFBT-6GHz, Mini-Circuits) to apply

a time-varying voltage to the driving electrodes. Light emission

from WG-CNT transducers was characterized with both a free-

space setup and a fiber-coupled system. The free-space setup

allows for the spatial and spectral analysis of light emitted from

a transducer along the surface normal. The fiber-coupled system

is dedicated to analyzing short light pulses, emitted by the trans-

ducer, and propagating within the waveguide.

Light emission from waveguide-coupled
CNTs under pulsed excitation
For analysis with the free-space setup, the transducers were

placed in a lighttight system comprising of a Zeiss AxioTech

Vario microscope, directly attached to an Acton SpectraPro

2360 spectrometer. The latter consists of a switchable mirror

and grating, and is equipped with a PIXIS 256E CCD camera

(Princeton Instruments) [15]. The spectrum of the light, emitted

at the position of the CNT, is shown in Figure 1b, while the

spatial distribution of the emission is presented in the inset. The

signal intensity increases towards longer wavelengths with a

superimposed intensity modulation. This behavior is character-

istic for an incandescent emitter on a layered substrate that leads

to interference fringes in the spectral profile, as observed for

light emitting CNTs [4] and graphene [16]. The emitter temper-

ature was extracted by fitting the data to a Planck spectrum
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Figure 2: (a) Normalized total intensity Inorm versus 1/V under variation of electrical pulse width, w, and duty cycle, D. The full line is a fit to the data.
Data acquired with an additional offset voltage VDC = 1.5 V is labeled with green and yellow symbols, data acquired without offset is shown as blue
symbols. The inset schematically illustrates two biasing schemes. All measurements refer to light propagating along the surface normal collected with
the free-space setup. (b) Simulation of the temperature-dependent total intensity of the incandescent light collected with a CCD camera
Iintegrated,mod(T) (red symbols), compared with exponential (red line) and power law (blue line) fits. Inset: Simulated spectra Ispectral,mod(λ,T) of incan-
descent light sources emitting at the indicated temperatures. The shape of the spectra deviates from the Planck curve Itherm(λ,T) because of the spec-
tral sensitivity of the detector S(λ).

modulated by the substrate-induced interference [3]. Depending

on the density of the CNTs as well as the biasing conditions,

the temperature of the emitter lies within the range of 1000 to

1500 K, and increases with the pulse amplitude. The tempera-

ture of the CNT in the pulsed regime is similar to temperatures

reached under DC-biasing [4,17].

For a comprehensive characterization of the emitter response to

a modulated electrical signal, we varied the pulse amplitude

Vpulse, the pulse width w, pulse period T, and thereby the duty

cycle D = w/T. We measured the total intensity of the incandes-

cent CNT emitters, IE, for each parameter set. Emission is ob-

served above a device-dependent threshold Vth of about 1.5 V,

which is independent of w and D over a broad frequency range,

as shown in Figure 2a for contacts with similar CNT-density.

The maximum RF amplitude of the pulse generator was not

always sufficiently high to record light emission. Therefore a

device-specific DC offset VDC ≤ Vth was applied to raise the

emission count rate slightly below the dark count rate of the

system without RF contribution (Figure 2a, green and yellow

symbols).

The emission was remarkably stable over hours. As expected,

the absolute intensity depends on the duty cycle. Therefore, to

consolidate all data sets into one graph, we have plotted in

Figure 2a the normalized intensity Inorm = IE/D for pulses with

10 to 1000 ns width and duty cycles ranging from 0.002 to 0.2.

As a general trend we observe that Inorm increases with

V = Vpulse + VDC by four orders of magnitude. Moreover, by

plotting Inorm on a logarithmic scale against the inverse voltage

V−1, the data collapses onto a straight line. This establishes the

dependence . For further understanding it is im-

portant to realize that the emission has been recorded in the

high-bias regime where the current through the CNT reaches

saturation, and the dissipated power and, hence, the tempera-

ture increases linearly with voltage [18-20]. As a result

 can be converted into , similar

to previous measurements with metallic CNTs [17]. To ratio-

nalize this dependence we have modeled the temperature-de-

pendent spectral distribution Ispectral,mod(λ,T) as the product of

the Planck spectrum Itherm(λ,T) and the spectral sensitivity of

the detector S(λ) and plotted the result in the inset of Figure 2b.

For simplicity, we have approximated the sensitivity of our

detector by a Gaussian spectral profile centered at 830 nm and a

FWHM of about 250 nm. From these spectra we calculated the

wavelength-integrated, temperature-dependent intensity of the

collected light Iintegrated,mod(T) presented in Figure 2b (red

symbols). Since the limited detection range of the CCD camera

allows for the detection of broadband CNT-emitted light only

for hc/λ >> kT, the temperature dependence of Iintegrated,mod(T)

can be described using Wien’s approximation of Planck’s law.
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Figure 3: (a) Spatially resolved light emission showing intensity at the position of the CNT emitter and the grating coupler. The device geometry is in-
dicated with white lines. The dashed lines mark the waveguide. (b) Integrated intensity recorded at the grating couplers 2IC over the sum of intensi-
ties measured at the CNT emitter and grating couplers IE + 2IC. The data were collected for three devices (blue, red and yellow symbols) in the free-
space setup. A linear fit to the data provides an average coupling efficiency η ≈ 0.48. (c) Coupling efficiency for pulsed emitters with duty cycles of 0.5
(blue symbols) and 0.025 (red symbols).

The best fit to the modelled data is the function 

with the energy E = 1.5 eV (830 nm) corresponding to the

maximum spectral sensitivity of our detector. Alternatively, the

often considered power-law fit was tested, which requires

assuming a temperature offset T0. However even the closest fit

with T0 = 850 K does not match the data well and can be used

only as an approximation for higher temperatures.

Before discussing the generation of short light pulses in wave-

guides we would like to comment on the efficiency of the cou-

pling of evanescent light from the CNT emitter into the wave-

guide. To determine the coupling efficiency we compare the

emission recorded above the emitter IE with the emission re-

corded above the Bragg grating coupler IC. The grating coupler

serves to couple out light from the waveguide into free space. A

spatially resolved emission measured on a device with a short

waveguide is shown in Figure 3a.

The coupling efficiency of pulsed CNT emitters can then be

calculated by η ≥ 2IC/(IE + 2IC). Since we cannot account for

loss of light due to interaction with the substrate or emission

under shallow angle, we are actually considering an apparent

coupling efficiency. The data measured with three devices in

the broad intensity range provide an average value of η ≈ 0.48

(Figure 3b). The value of η varies in the range between 45%

and 55% independent of the emission intensity and pulse width,

as shown in Figure 3c. It is also comparable to previous results

with DC-biased WG-CNTs [4] and exceeds the calculated

values for electroluminescent CNT emitters on a SOI-wave-

guide by a factor of 1.5 to 2 [21].

Optical pulses from waveguide-coupled
CNTs
Finally we discuss light-pulse propagation in the waveguide

studied with a fiber-coupled system. In contrast to the free-

space setup, the fiber-coupled setup provides no spectral resolu-

tion, but allows us to resolve pulses with sub-nanosecond reso-

lution in the time domain.

The operation principle is shown in Figure 4a. The CNTs were

driven with electrical pulses applied with a pulse generator to

the source and drain contacts via an RF-probe (Cascade

Microtech). Waveguided light pulses were partly coupled out

via Bragg grating couplers, designed with a central wavelength

750 ± 20 nm for guiding light into an optical fiber. Optical

pulses were measured with either a single-photon avalanche

detector (τ-SPAD-100, PicoQuant) or a superconducting nano-

wire single-photon detector [22] (SNSPD or SSPD,

SCONTEL). The photon arrival times were accumulated into a

histogram with 4 ps bin size using a time-correlated single-

photon counting (TCSPC) unit [23] (Picoharp 300, PicoQuant),

triggered by the time-synchronized pulse generator. This allows

for the measurement of time-resolved, low-intensity signals and

an estimation of the emission decay. The light collection effi-
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Figure 4: (a) WG-CNT transducer characterized by the fiber-coupled setup. (b) Comparison of electrical pulses with TCSPC-histograms of optical
pulses, measured at a grating coupler. (c) Sequence of electrical pulses (150 ps width, 2 GHz, 10 VDC and 3.3 Vpulse) as well as emission pulses.
(d) Normalized fast Fourier transform (FFT) spectra of modulated CNTs, emitting at frequencies of 0.2, 0.5, 1 and 2 GHz. (e) The decay of the CNT-
emission following the trailing edge of an electrical pulse (black line) was measured with the slow SPAD (blue symbols) and fast SNSPD (red
symbols) along with fitted exponential decay curve (decay time τ = 79 ps). The broadening of the electrical signal along with a small bump at 0.4 ns
occurs because of impedance mismatch.

ciency of the fiber-coupled system is several orders of magni-

tude lower than that of the free-space setup. This is due to the

limited bandwidth of the grating coupler (ca. 50 nm) and the

lower numerical aperture of the fiber (NA = 0.14) compared to

the microscope objective (NA = 0.42). To partially compensate

the lower detection efficiency, we operated the devices at higher

voltages under vacuum conditions (10−5 to 10−7 mbar). The in-

tegration time was typically set to 1–30 minutes for maxi-

mizing the signal to noise ratio. The acquired histogram was

averaged over many cycles. The count rate under RF pulses was

typically 1 kHz to 1 MHz.

Figure 4b shows the time-resolved optical emission versus the

electrical signal amplitude applied with the pulse generator. The

optical signal of the WG-CNT transducers follows the elec-

trical signal for a pulse width ranging from 5 to 200 ns, albeit

deviations are clearly visible. The dips at the relative times of

25 and 75 ns, after the electrical bias was switched on, might

originate from the impedance mismatch between the pulse

generator output and the RF probe along with on-chip electrical

wiring. Upon switching the electrical signal on and off, we

observe a fast initial response on a sub-nanosecond timescale,

followed by an additional slower response on the scale of

10–100 ns. A similar behavior has been observed with electri-

cally biased SWCNT films and was attributed to fast heating of

SWCNTs and slow heating of the substrate [11]. We believe

that this interpretation holds also for the response of our

WG-CNT transducers. However, for shorter pulses the slow

heating does not set in before the end of the pulse, as shown in

Figure 4c. The data demonstrates a sequence of 150 ps wide

pulses at 2 GHz repetition rate, which constitutes the fastest

modulation for CNT transducers so far. The Fourier transfor-
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mations of TSCPC histograms demonstrate the modulation of

photon emission measured with different devices at 200 MHz,

500 MHz, 1 GHz and 2 GHz (Figure 4d). Higher repetition

rates are limited by the setup.

In theory, the characteristic timescale of a thermal emitter τtherm

solely depends on the mass density ρCNT, the specific heat ca-

pacitance cCNT, and thermal conductance g between the

CNTs and the substrate, as pointed out previously [11,19]:

τtherm = ρCNT·cCNT/g. For our CNTs with a diameter of

0.8–1.2 nm at 1000–1500 K, ρCNT varies between 0.7·10−15 and

1.8·10−15 kg/m, g is in the range of 0.1–0.3 W/K·m [19] and

cCNT = 2500–3900 Ws/kg·K [24]. cCNT and consequently τtherm

increases with CNT diameter and with temperature. The calcu-

lated τtherm for the parameter range given above is 5–70 ps,

making CNTs an ultra-fast thermal light source.

Indeed by using an ultra-fast single-photon detector, we were

able to prove that our WG-CNT transducers have a character-

istic time scale for signal conversion of about 80 ps. Figure 4e

shows measurements using single-photon detectors with differ-

ent time resolutions given by the timing jitter of the detectors

(350 ps for τ-SPAD and 40 ps for SNSPD for a wavelength

range of 700–900 nm).

Upon switching off the electrical signal, the emission intensity

decays exponentially. Experimentally, τtherm extracted from a

time-domain histogram (Figure 4e, measured with SNSPD) is

somewhat larger than the theoretically expected value, which

could be due to the decay time of electrical pulses τpulse ≈ 80 ps,

as measured on chip (Figure 4e, black line). Moreover, the

cumulative timing jitter of detector, pulse generator and connec-

tors lead to additional broadening of the light pulse and thus

increase of the measured decay time. Due to these instrumental

restrictions, we are not able to determine the upper limit of the

switching rate for the presented waveguide-coupled CNT-based

light emitter. However, even the demonstrated rates are excep-

tionally high for an integrated thermal emitter on chip. Both

dense films as well as single CNTs emerge as reproducible,

stable light sources in the gigahertz range within our experi-

mental resolution.
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Abstract
Recent progress in synthetic chemistry and molecular quantum optics has enabled demonstrations of the quantum mechanical

wave–particle duality for complex particles, with masses exceeding 10 kDa. Future experiments with even larger objects will

require new optical preparation and manipulation methods that shall profit from the possibility to cleave a well-defined molecular

tag from a larger parent molecule. Here we present the design and synthesis of two model compounds as well as evidence for the

photoinduced beam depletion in high vacuum in one case.
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Introduction
Chemistry builds on the fact that the electronic structure, dy-

namics and properties of molecules are determined or influ-

enced by quantum effects. However, it has only recently been

experimentally verified that also the translational motion of an

entire complex molecule has to be described by a quantum

wave function under appropriate circumstances [1,2].

Since the de Broglie wave nature of atoms has already become

a central element in sensitive matter-wave interferometers with

applications in geodesy, navigation and fundamental science

[3], it is now natural to ask how complex an object may be

while still displaying quantum delocalization over macroscopic

times and length scales [4,5]. Matter-waves can then become

tools for chemistry too, for instance in novel measurements of

molecular properties [6-8].

First experiments with complex molecules realized the idea of

Young’s double slit experiment and demonstrated diffraction of

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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fullerenes [1] and functionalized phthalocyanines [9] at nano-

mechanical gratings. Later studies used variants of Talbot–Lau

interferometry to demonstrate the quantum wave nature of more

than a dozen of different molecules and clusters [10-16], up to

tailored porphyrin derivatives as massive as 10 kDa [17]. In

these experiments, every single molecule contained 810 atoms

and yet it still needed to be described by a quantum wave func-

tion with a de Broglie wavelength of 300–500 fm. The molecu-

lar coherence spanned several hundred nanometers for several

milliseconds [17].

We are now looking for new techniques which shall enable new

molecular matter-wave experiments. We are in particular inter-

ested in identifying an optical depletion mechanism for molecu-

lar beams, since this will enable the realization of absorptive

optical gratings. Standing waves of light can imprint a spatially

periodic structure onto molecular beams – very similar to nano-

mechanical material gratings – if they are capable of depleting

the molecular beam in the antinodes of the optical grating. In

previous studies, this goal has been achieved by exposing mole-

cules to a vacuum ultra-violet (VUV) light emitted by a laser of

157.6 nm wavelength [18,19]. The light field can ionize or dis-

sociate the incident clusters of molecules in the anti-nodes of

the optical gratings [13,18,20].

These previous attempts proved successful but were not yet

generally scalable to covalently bound organic molecules. In

particular, large biomolecules – which are interesting candi-

dates for quantum-interference experiments and gas-phase

metrology [7] – often neither ionize nor dissociate upon absorp-

tion of a single photon, not even at 7.9 eV photon energy [21].

Here we address this challenge and study tailored tags that are

optimized to respond to light of lower photon energy with

cleavage at a deterministic location. Click chemistry shall then

allow attaching them to a wide class of analyte molecules and

thus solve the problem.

Results
Design of the model compounds
A large number of photocleavable groups can be found in the

literature [22]. Here, we have chosen a 2-(phenoxymethyl)-1-

nitrobenzene motive as photocleavable linker, because of its

photoinduced cleavage sequence, sketched in Figure 1. It

requires only the intramolecular exchange of electrons and

atoms but no solvent molecule in this cleaving mechanism. Our

hypothesis is that this independence increases the cleavage

probability also for molecules in high vacuum – even though

the solvent may still support the process by stabilizing certain

intermediates. The photocleavable label was further decorated

with an ethynyl group in 5-position as a functional group that

enables various coupling procedures and which can link the

functional subunit to the structure of interest (e.g., R1 in

Figure 1). We also add CF3 groups to the phenol subunit which

shall be released upon photocleavage in order to increase the

molecular weight while keeping the molecular polarizability

low. Former experiments have shown that the perfluoroalkyl-

functionalization of complex molecules can reduce the intermo-

lecular adhesion, facilitate the volatilization and thus also facili-

tate the formation of a molecular beam [23,24]. It is also impor-

tant to tailor the mass of the ejected fragment because one may

later use the momentum transfer in this process to remove both

fragments from an initially tightly collimated molecular beam.

The photoresponse of the nitrobenzyl group has been studied in

great detail in solution [22,25] and the sequence resulting in the

separation of both subunits is summarized in Figure 1. After ex-

citation with UV-light from its equilibrium form to the singlet

state S1, the molecule decays to the triplet state T1 which can

undergo a hydrogen transfer to yield the E-aci-nitro form. The

latter decays over the cyclic isoxazol form to a 2-nitrosoben-

zaldehyde and a phenol subunit (red in Figure 1). Even though

the reaction sequence is well understood in solution, it remains

an open question if a similar cleavage occurs and which decay

channels are accessible when the photoactive molecule is isolat-

ed in high vacuum at 300 K or more. For that to happen, a num-

ber of complex reactions and atomic position changes need to

be allowed. They may change in the absence of solvent mole-

cules which provide both a polarizable environment, possibly

stabilizing dipole moments of transition states, and a thermal

bath for energy and momentum exchange.

For our proof-of-principle investigation we assembled the

model compound 1, which consists of a central benzene core

and three of the photocleavable subunits. The symmetric

arrangement of three subunits was meant to lower the resonant

absorption energy and to enhance the effective cross section for

photoabsorption and cleavage.

The synthesis of the target structure 1 is displayed in Scheme 1.

Reduction of the commercially available 4-bromo-2-nitrobenz-

aldehyde with sodium borohydride gave the benzyl alcohol 2,

which was obtained in quantitative yield after column chroma-

tography (CC) as colourless solid. Applying Mitsunobu reac-

tion conditions, the benzyl ether 3 was obtained from 2 and 3,5-

bis(trifluoromethyl)phenol. The reagents were dissolved in 0 °C

cold tetrahydrofuran (THF) while diisopropyl azodicarboxylate

(DIAD) was added dropwise. After stirring for 12 h in the dark,

work-up followed by CC provided 3 in 96% yield as colourless

solid. The bromine substituent of 3 was substituted by tri-

methylsilylacetylene using Sonogashira conditions. The aryl

bromide 3 and trimethylsilylacetylene were dissolved in tri-
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Figure 1: Sketch of the photocleavable 2-(phenoxymethyl)-1-nitrobenzene subunit and its intramolecular photon induced degradation sequence which
leads to the release of the phenol subunit (red).

ethylamine (TEA) and Pd(PPh3)4 and CuI were added as cata-

lysts, before the reaction mixture was refluxed for 12 h. Work-

up by CC provided the TMS-ethynyl functionalized benzyl

ether 4 in 99% yield as colourless solid. Treatment of 4 with

tetrabutylammonium fluoride (TBAF) in a dichloromethane/

THF mixture provided the free arylethynyl 5 in quantitative

yield. The trimeric target compound 1 was also synthesized

using Sonogashira coupling conditions. 1,3,5-Triiodobenzene

together with 4.5 equiv of the arylethynyl 5 were dissolved in a

THF/TEA (3:1) mixture, to which catalytic amounts (5 mol %)

of Pd(PPh3)4 and CuI were added before the reaction mixture

was warmed up to 50 °C for 12 h. Aqueous work-up and recrys-

tallization of the crude reaction product from chloroform provi-

ded the target compound 1 in 80% yield as colourless solid.

All new compounds were fully characterized by 1H, 19F and
13C NMR spectroscopy and high-resolution mass spectrometry

(HRMS). Detailed experimental protocols together with analyti-

cal data are provided in Supporting Information File 1.

Photocleavage in solution
The photoinduced degradation of the target compound was first

studied in solution. Initially, we planned to investigate the

photocleavage of the target trimer 1 by NMR spectroscopy to be

able to analyse the products of the photodegradation. Due to the

poor solubility of the trimer 1, these studies were made with the

monomeric building block 4, which allowed for suitable con-

centrations in dichloromethane-d2 for the NMR experiment. In

a qualitative degradation experiment, the NMR tube was
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Scheme 1: Synthesis of the trimeric target structure 1. Reagents and conditions: a) NaBH4, THF, 30 min, rt, quant.; b) 3,5-bis(trifluoromethyl)phenol,
DIAD, Ph3P, THF, 12 h, rt, 96%; c) TMS-CC-H, Pd(PPh3)4, CuI, TEA, 90 °C, 12 h, 99%; d) TBAF (1 M in THF), CH2Cl2, rt, 30 min, quant.; e) 1,3,5-
triiodobenzene, 5 (4.5 equiv), Pd(PPh3)4, CuI, THF/TEA (3:1), 12 h, 50 °C, 80%.

directly irradiated inside the NMR spectrometer with a glass

fibre exposing the sample to the 355 nm light from an 8 W UV

lamp, filtered by a monochromator with a spectral transmission

band of 2 nm. As expected, the formation of the nitrosoalde-

hyde 6 and the 3,5-bis(trifluoromethyl)phenol (7) were ob-

served during irradiation. Figure 2 displays the increase of the

aldehyde proton (HA) at 10.35 ppm with increasing duration of

the light exposure.

The limited solubility of the trimer 1 prevented the investiga-

tion of its photodegradation by the same set-up. We therefore

analysed its photoresponse using UV absorption spectroscopy.

Figure 3 displays the decay of the UV absorption of the trimer 1

in CH2Cl2 upon illumination by UV light at 254 nm and

365 nm respectively. The UV cuvette was exposed to a

UV-lamp (8 W, 230 V, 50 Hz) at a constant distance of 1.5 cm.

In order to avoid variations in concentrations, the solvent level

in the cuvette was kept constant during the illumination experi-

ment. An exponentially decaying molar extinction coefficient

measured at the absorption maximum of 289 nm shows the pho-

tochemical activity of the compound. The initial extinction

coefficient of εpc  1.4 × 105 L·mol−1·cm−1 corresponds to an

absorption cross section of σpc  5.7 × 10−16 cm2. The photo-

decay upon exposure to the more energetic 254 nm photons is

about twice as fast compared to the 365 nm illumination.

In summary, the NMR measurements as well as the solution

spectra display the expected photodegradation of these model

compounds in solution. Their optical properties and photoreac-

tion pathways may, however, vary in high vacuum, where the

stabilization of the intermediates by surrounding solvent mole-

cules is no longer possible and bathochromic line shifts and

broadenings are common.
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Figure 2: Qualitative photocleavage experiment of the monomer 4 irradiated at 355 nm inside the NMR spectrometer. The background displays the
increase of the aldehyde signal of the 2-nitrosoaldehyde 6 with increasing light exposure.

Figure 3: Continuous illumination of the trimer 1 in dichloromethane solution by UV light of 254 nm (a) and 365 nm (b). The exponential decay (red
line) of the molar extinction coefficient illustrates the phototriggered dissociation of the parent structure.

Photoresponse of neutral model compounds
in high vacuum
Experiments with neutral molecules were done in a molecular

beam machine as sketched in Figure 4. In order to generate a

pulsed beam of isolated neutral molecules we used nanosecond

pulsed laser desorption into a supersonic neon seed gas jet [26].

The solid material was dissolved and spread on a glassy carbon

wheel, from where it was desorbed by a 1064 nm laser pulse

(10 ns duration, 38 mJ pulse energy, 10 Hz repetition rate,

3 mm beam waist). The laser pulse was synchronized with the

opening of a pulsed Even–Lavie valve, 3 mm in front of the

laser plume. Starting from a 30 bar stagnation pressure at room

temperature, the neon gas cools down during the expansion and

entrains the analyte molecules.
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Figure 4: Molecular beam machine to study the photodepletion of the photoactive monomer in high vacuum. The pulsed infrared laser beam desorbs
the molecules which are entrained by the adiabatically expanding neon gas jet. The neutral beam propagates for 75 cm in high vacuum before it is
ionized by the pulsed radiation of a 157.6 nm F2 laser and analysed in a time-of-flight mass spectrometer. On the way to the detector the molecular
beam is exposed to a collinear UV laser beam at 266 nm.

The molecular beam propagates over 75 cm towards the extrac-

tion region of a time-of-flight mass spectrometer where it is

crossed and ionized by the beam of a pulsed vacuum-ultraviolet

fluorine (F2) laser. The laser pulse has an energy of up to 1.1 mJ

in 10 ns at a wavelength of 157.6 nm. The base pressure in the

chamber was 6 × 10−7 mbar. The post-ionized particles were

then extracted and the time-resolved ion signal was amplified

and recorded by a fast digitizing oscilloscope. We verified that

no ions were detected from the source in the absence of the

VUV light.

In order to test for photoinduced dissociation in high vacuum, a

266 nm UV laser beam was aligned parallel and counter-propa-

gating to the molecular beam. This UV beam was derived from

a frequency quadrupled Nd–YAG laser with up to 5 mJ pulse

energy, 7 ns pulse duration, and 10 Hz repetition rate

(3.3(1) mm beam diameter).

In solution, the UV light led to strong cleavage of both the

monomer 4 and the trimer 1 – with similar absorption cross

sections at 254 nm and 366 nm – but faster decay at higher

photon energy. Preliminary dissociation experiments at 355 nm

did not reveal any major cleavage of the trimer 1 at the laser

energies that were sufficient to cleave the monomer 4 at

266 nm. Because of this, the following experiments were per-

formed exclusively on the monomer.

Photoresponse of the monomer 4
When we shine 266 nm light onto the propagating beam of iso-

lated monomers, we observe a depletion of the parent signal, as

shown in Figure 5 (red line). Even in the absence of any UV

light, one can see fragments which we attribute to the IR laser

desorption (black line in Figure 5). The strongest beam deple-

tion was observed when the 266 nm laser pulse arrived about

600 µs before the VUV ionizing laser pulse, i.e., shortly behind

the beam source. Neutral fragments emerging from that process

will experience a dissociative recoil that kicks them beyond the

detector acceptance angle of 4 mrad.

In Figure 6, we plot the decay of the monomer ion signal as a

function of the UV depletion pulse energy, with all other

settings as for Figure 5. We deplete the beam by more than

50%. Using the exponential decay

we find the experimental beam overlap parameter α = 0.64(8)

and an in-vacuum beam depletion cross section σdep = 0.4(2) A2

= 4(2) × 10−17 cm2 where Φ is the laser fluence, i.e., the photon

number in a single pulse per laser beam area.

The depletion of the parent signal is attributed to photoactivat-

ed dissociation. To exclude the contribution of ionization, we
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Figure 5: Photodepletion of the photocleavable nitrobenzyl derivative. When the dissociation laser pulse with an energy of 3.7(1) mJ in a beam
diameter of 3.3(1) mm preceded the VUV ionization pulse by 600 µs, we observed beam depletion of the neutral parent molecule by a factor of four
(red curve). The black spectrum represents the calibration curve without cleavage laser beam.

Figure 6: Depletion ratio, i.e., fraction of remaining parent molecules,
versus laser fluence (photons per pulse and area). The continuous line
is a fit to the data to derive the depletion cross section of the photoac-
tive monomer.

have verified that the 266 nm light does not lead to any addi-

tional photoions when the UV laser pulse coincides with the

ionizing VUV pulse. In this configuration it only enhances the

parent signal, indicating absorption and heating of the mono-

mer. We cannot exclude that the same thermal process leads to

delayed fragmentation and subsequent beam depletion. How-

ever, the strong decay of the parent peak compared to its frag-

ment is consistent with the picture that the fragment has no

second remaining ‘weak link’.

Discussion and Conclusion
A novel concept for the realization of optical gratings based on

photocleavable subunits is presented. For that purpose, we have

designed, synthesized and characterized a molecular tag based

on a 2-(phenoxymethyl)-1-nitrobenzene motive comprising an

ethynyl group enabling its modular attachment by covalent cou-

pling chemistry. The covalent attachment has been demon-

strated with the trimeric model compound 1 while the here

presented preliminary gas-phase photocleavage experiments

have been performed with the monomeric building block 4,

which displayed favourable photodissociation features com-

pared to 1. Interestingly we find that photoactivated molecular

beam depletion is even possible in high vacuum and with a

cross section high enough for accessible laser sources.

When isolated in high vacuum many details of the photochem-

istry are expected to change, opening interesting questions for

future research with regard to the time-dependent reaction path-

ways in the gas-phase.

For future applications in molecule interferometry with com-

plex biomolecules, it will be important that beam depletion is

possible at a wavelength which is not absorbed by the untagged

molecule. Otherwise the photon would be dissipated without

triggering any action. Our labels are chosen such that they

respond at 250–270 nm and 350–370 nm, i.e., at wavelengths

longer than typical resonance lines in non-aromatic biomole-

cules. We expect photocleavage to become important for the re-

alization of optical gratings and for the photoactivated change
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Figure 7: Bond-selective dissociation and photoinduced beam depletion shall enable novel absorptive optical gratings for complex nanobiological ma-
terials, which cannot be handled by established optical manipulation techniques based on photoionization. The idea is here illustrated for a nitrobenzyl
tagged virus (artist’s view).

of the charge state in mesoscopic objects. Both will be crucial

for molecular quantum optics and future matter-wave experi-

ments. An open future challenge will be to explore how well

this method scales with the size of particles from individual

monomer to trimers, chromophore-labelled biomolecules up to

decorated viruses, as displayed as visionary sketch in Figure 7.

Currently we are investigating the potential of the concept for

biomolecules with tagged oligo- and poly-peptides.

Supporting Information
Here we describe the synthesis and characterisation of the

chemical compounds and the photocleavable molecules

used for this study.

Supporting Information File 1
Synthetic protocols.

[http://www.beilstein-journals.org/bjnano/content/

supplementary/2190-4286-8-35-S1.pdf]
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Abstract
We investigated copper as a working material for metallic atomic-scale transistors and confirmed that copper atomic-scale transis-

tors can be fabricated and operated electrochemically in a copper electrolyte (CuSO4 + H2SO4) in bi-distilled water under ambient

conditions with three microelectrodes (source, drain and gate). The electrochemical switching-on potential of the atomic-scale tran-

sistor is below 350 mV, and the switching-off potential is between 0 and −170 mV. The switching-on current is above 1 μA, which

is compatible with semiconductor transistor devices. Both sign and amplitude of the voltage applied across the source and drain

electrodes (Ubias) influence the switching rate of the transistor and the copper deposition on the electrodes, and correspondingly

shift the electrochemical operation potential. The copper atomic-scale transistors can be switched using a function generator with-

out a computer-controlled feedback switching mechanism. The copper atomic-scale transistors, with only one or two atoms at the

narrowest constriction, were realized to switch between 0 and 1G0 (G0 = 2e2/h; with e being the electron charge, and h being

Planck’s constant) or 2G0 by the function generator. The switching rate can reach up to 10 Hz. The copper atomic-scale transistor

demonstrates volatile/non-volatile dual functionalities. Such an optimal merging of the logic with memory may open a perspective

for processor-in-memory and logic-in-memory architectures, using copper as an alternative working material besides silver for fully

metallic atomic-scale transistors.

530

Introduction
Enormous research efforts worldwide are aimed at finding new

solutions and technologies to manufacturing electronic compo-

nents "beyond the silicon age". Resistive switching is one of the

most promising alternative concepts. Resistive nanoelectronic

devices are operated under one of the following switching

mechanisms: electrostatic/electronic, electrochemical metalliza-

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
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Figure 1: Copper atomic-scale transistor. (a) Confocal optical microscopy image of the microelectrodes, electrolyte channel and the copper point con-
tact (indicated with a dotted circle), which was deposited between the source and the drain. (b) Schematic diagram of an atomic-scale transistor.

tion, valence-change memory, thermochemical memory or

phase change [1-5]. Resistive devices are a non-volatile and

have been systematically investigated as two-terminal memris-

tive devices with fast switching rate, high endurance, and long

retention [6-8]. While two-terminal devices are able to consti-

tute a completely new type of logic circuits as demonstrated by

crossbar circuits [9], three-terminal devices can potentially be

applied as logic operation devices that can fully utilize semicon-

ductor circuit technology. Switching mechanisms such as

valence-change memory effect, thermochemical memory effect,

and electrochemical metallization effect have been previously

exploited for three-terminal devices in solids [10-17]. But the

performance of the solid resistive-switching three-terminal

devices has to be improved in terms of switching rate, endur-

ance and retention.

This work focuses on developing a three-terminal resistive

device that utilizes the electrochemical metallization effect in an

aqueous electrolyte to reduce mechanical stress during cycling.

Silver atomic-scale transistors that operate in an aqueous nitric

electrolyte at voltages in the millivolt range were previously

demonstrated [18-22]. Here, we report our progress in the de-

velopment of an atomic-scale transistor with a copper quantum

point contact as switching block. The fabrication and electron-

transport properties of metallic point contacts have been investi-

gated both experimentally and theoretically [23-41]. The copper

atomic-scale point contacts have been fabricated as mechanical-

ly controllable break junctions (MCBJ) [42-45], by using scan-

ning probe microscopy (SPM) with a conductive tip [46,47], or

electrochemical techniques [24-26,48,49]. Copper is an inter-

connection material in ultra-large scale integrated (ULSI)

circuits, and its use as a working material for fully metallic

atomic-scale transistors makes these devices adaptable for inte-

gration into advanced integrated circuits. The copper atomic-

scale transistor is fabricated using standard photolithography

and subsequent electrochemical deposition of the copper point-

contact between two microfabricated gold electrodes (source

and drain), and a thin copper film on a gate electrode. Its elec-

trochemical operation parameters are explored systematically.

Results and Discussion
The fabrication of copper atomic-scale transistor consists of

three steps. First, a silicon chip with three microfabricated elec-

trodes – source, drain and gate – and a microchannel for on-chip

electrolyte delivery are fabricated using standard photolithog-

raphy (Figure 1a, Method 1 described in the Experimental

section). The electrodes consist of Cr/Au films with a thickness

of 3 nm/40 nm deposited on a silicon wafer covered with a ther-

mal oxide layer (300 nm) using e-beam evaporation. The gap

between the source and the drain is 2 μm, and the distance from

the gate to the source is approximately 147 μm. The electrolyte

channel developed in an SU-8 photoresist film is 8 µm wide and

2 μm high, as shown in Figure 1a.

In the second step, a copper film is electrochemically deposited

on source and drain with a copper wire (99.9%, metal basis, di-

ameter of 0.5 mm) as a counter electrode. During the deposi-

tion of the copper film source and drain become thicker and

wider. Consequently, the gap between the two electrodes

becomes narrower until, finally, a copper point contact is

formed in the gap. The deposition continues for additional

20 min to stabilize the point contact. Simultaneously, a copper

film is deposited on the gate electrode by grounding the gate

electrode. After the stabilizing procedure, the gate electrode is

disconnected from the ground and electrically suspended in the

electrolyte in order to prevent copper dissolution from the gate

during the following training procedure.

The third step is the training and switching procedure, which is

similar to the one previously described for the silver atomic-
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Figure 2: The performance of copper atomic-scale transistors. (a) 0–1G0 quantum conductance switching at 0.5 Hz. (b) 0–5G0 quantum conduc-
tance switching at 1.5 Hz.

scale transistors [21]. When the copper atomic-scale transistor

can switch reproducibly, the copper wire as the counter elec-

trode is disconnected electrically and taken out of the copper

electrolyte. The gate electrode is reconnected as an electro-

chemical counter electrode. By changing the potential on the

gate in a bipolar manner, the as-fabricated copper atomic-scale

point contact is alternately dissolved and formed, resulting in

resistive switching between the source and the drain. The sign

and the magnitude of the voltage (Ubias) applied across these

two electrodes directly influence the growth of the quantum

point contact. Because the electrochemical current is less than

1 nA in our experiment, the use of a reference electrode is not

necessary. The conductance between the source and drain elec-

trodes is measured with a current-to-voltage converter, in which

the drain is virtually grounded via an operation amplifier. A

bias voltage (Ubias) is applied on the source electrode. Electro-

chemical deposition/dissolution is realized by changing the

potential on the counter electrode. At the beginning of the ex-

periment the electrochemical potential is set to 350 mV. A

confocal optical microscopy image of the copper transistor is

shown in Figure 1a. A schematic diagram of an atomic-scale

transistor is illustrated in Figure 1b.

To achieve conductance switching of copper atomic-scale tran-

sistors, the potential applied to the gate was controlled by a

program developed in “NI LabVIEW” and the conductance was

recorded simultaneously with the same program. The electro-

chemical potential was set using a feedback mechanism, in

which the measured conductance was compared with a preset

value of quantum conductance of the copper atomic-scale tran-

sistor. A transistor conductance switching between 0 and 1G0

(quantum conductance G0 = 2e2/h; with e being the electron

charge, and h being Planck’s constant), and 0 and 5G0 results

from the change of potential applied to the gate electrode

(Figure 2). To operate the transistor, the chip is covered with a

glass slide and sealed in the electrochemical cell. The elec-

trolyte channel delivers the electrolyte from a reservoir to gate,

source and drain. The electrolyte consists of copper sulfate,

CuSO4 (5 mM), and sulfuric acid, H2SO4 (0.1 M), in

bi-distilled water. The voltage applied between the source and

drain electrodes is −12.9 mV in this case. With such a low

applied voltage resistive switching is realized. The electrochem-

ical potentials during operation are 220 mV (on) and −40 mV

(off) for the switching between 0 and 1G0, and 72 mV (on) and

−48 mV (off) for the switching between 0 and 5G0. The

conductance switching between 0 and 1G0 demonstrates that

only single copper atom is connecting source and drain.

To further investigate the performance of copper as a material

for metallic atomic-scale transistors, copper atomic-scale tran-

sistors switching between 0 and arbitrary integer multiples of

G0 were fabricated in which well-controlled, stable and long

switching sequences could be achieved. Examples of the

switching of copper atomic-scale transistors (0–10G0, 0–11G0,

0–12G0, and 0–13G0) are shown in Figure 3 with eight

switching cycles presented for each case for better comparison.

In order to observe fabrication and operation of the transistor in

situ, and to test the operation of copper atomic-scale transistors

in small volumes of electrolyte necessary for on-chip integra-

tion, chips with a circular window for containing the electrolyte

were designed and fabricated with another standard lithography

method using direct laser writing and reactive ion etching tech-

niques (Method 2 described in the Experimental section). The

window with a diameter of 3 mm and height of 0.05 mm was

fabricated in the SU-8 photoresist. In order to observe fabrica-

tion and operation of the copper transistor in situ, a ceramic

microscope objective was contacted with a drop of copper elec-
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Figure 3: Controlled bistable quantum conductance switching of copper atomic-scale transistors. (a) 0–10G0 switching at 0.57 Hz,
UG: −40 mV/210 mV (off/on). (b) 0–11G0 switching at 0.73 Hz, UG: −60 mV/120 mV. (c) 0–12G0 switching at 0.89 Hz, UG: −80 mV/140 mV.
(d) 0–13G0 switching at 0.33 Hz, UG: −80 mV/240 mV.

Figure 4: Observation of fabrication and operation of the copper atomic-scale transistor. Confocal microscopy images taken before electrochemical
copper deposition, after deposition, and during transistor operation are shown (from left to right).

trolyte (CuSO4 (4 mM) + H2SO4 (0.1 M)), and a copper wire

serving as a counter electrode was partially immersed in the

electrolyte. Electrochemical deposition/dissolution processes on

the microelectrodes were observed in situ with a confocal

microscope (Leica DMRXE, Germany). Images taken before

the electrochemical deposition of copper, after the deposition,

and during the operation of the copper atomic-scale transistor

are shown in Figure 4. After initial copper deposition, the elec-

trolyte on the chip was replaced with CuSO4 (10 mM) + H2SO4

(0.1 M), and a glass slide was placed on the top of the chip to

encapsulate the electrolyte in the circular window. A higher

concentration of CuSO4 was used for fabricating the point con-

tact in the encapsulation. The insulating SU-8 layer is stable in

the strong acidic electrolyte in which the devices are operated.

With the feedback mechanism the conductance switching is

well controlled between “open” and “quantum conductance” (as

displayed in Figure 2 and Figure 3), but the duration of each

switching cycle varies. Moreover, the maximum/minimum

potential values applied on the gate change from one cycle to

another with a limit ramping rate of 300 mV/s. In order to get

closer to real applications, the control of the device via a feed-

back mechanism was replaced with an external signal control.

We demonstrate that the copper atomic-scale transistor can be

operated with a signal from a function generator. The operation

of the transistor driven with a function generator instead of the

custom-developed software is demonstrated in Figure 5. The

driving signal (rectangular wave) was applied by the function

generator to the gate and switched the current between source

and drain. Next, the current was converted to a voltage (Uout)

using the current–voltage converter circuit consisting of the

copper point-contact, a resistor (R) and an operational amplifier

(Analog Devices, OP07) (Figure 5a). The wide supply and input

voltage ranges of the operational amplifier are ±15 V and

±14 V, respectively. The output signal Uout and the rectangular

waveform generated with the function generator were simulta-
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Figure 5: The operation of a copper atomic-scale transistor driven by a
function generator. (a) Schematic diagram of the function-generator-
driven copper atomic-scale transistor connected to a current-to-voltage
converter circuit. (b) Rectangular wave signal from the function gener-
ator (blue) switched between 0 and 300 mV with frequencies from
0.5 Hz to 4 Hz. The output Uout (red), following the signal from the
function generator, is driven between 0 and −10.6 V. (c) Zoom-in on
the switching sequence from 95 to 100 s.

neously recorded using an A/D card (NI PCI-6221) with a

custom-developed program. The maximum output of the

A/D card is −10.6/10.6 V and the absolute read signal Uout is

truncated by the A/D card when it exceeds 10.6 V. With

Ubias = 120 mV), R = 100 kΩ, and Uout = −10.6 V, the quan-

tum conductance of the copper point contact is calculated to be

11.4G0. Therefore, any quantum conductance higher than

11.4G0 is converted to −10.6 V with the setup illustrated in

Figure 5a. The rectangular wave signal of the function gener-

ator switched between 0 and 300 mV with the frequency

changing consecutively from 0.5 Hz to 4 Hz is shown in

Figure 5b. The output signal Uout was driven between 0 and

−10.6 V in the same manner. A zoom-in graph of the switching

sequence between 95 and 100 s is shown in Figure 5c. The

slope of the graph is an artifact due to the software sample rate

(50 samples/s). All waveforms from the function generator as

well as Uout are rectangular, as observed with an oscilloscope.

The magnitude of the bias voltage applied across source and has

an important influence on the transistor switching rate. The

switching rate obtained by setting Ubias at −12.9 mV is approxi-

mately 1 Hz. The sign and magnitude of Ubias change the elec-

trochemical deposition behavior and shift the operation parame-

ters of the electrochemical potential applied to the gate corre-

spondingly. By setting Ubias at ca. 120 mV the switching rate

can reach up to 10 Hz. With higher Ubias the copper atomic-

scale transistor can be driven independently with the function

generator instead of a computer.

Using the electronic circuit described in Figure 5a, the quantum

conductance of the atomic-scale transistor is measured with

Ubias is set at 129 mV. Two switching sequences of quantum

conductance between 0–1G0 and 0–2G0 are shown in Figure 6.

Figure 6: Demonstration of bistable quantum conductance switching
of the copper atomic-scale transistor driven with a function generator.
The bistable quantum conductance switching (red) between 0–1G0 (a)
and 0–2G0 (b) follow the controlling rectangular wave (blue) at 4 Hz
between −105 mV (off) and 275 mV (on) given by the function gener-
ator.
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Figure 7: Influence of the copper electrolyte additives on the morphol-
ogy of deposited copper film. (a) Confocal optical microscopy image of
the copper atomic-scale transistor taken in situ. (b) The switching per-
formance of the transistor implemented with a rectangular wave signal
from a function generator applied to the gate at 10 Hz is plotted in the
upper graph (blue). The output signal Uout is in the lower graph (red).
The sampling rate of the recording software is 50 samples/s. The solid
circles are the measured data and the lines are guides to the eye.

Copper electrolyte additives influence the morphology of the

deposited copper film and, therefore, the switching behavior of

the copper atomic-scale transistor. The copper electrolyte was

prepared according to the recipe recommended by the supplier

(Rohm and Haas, USA). The prepared electrolyte was diluted

with bi-distilled water to 1:10 for better control over the electro-

chemical deposition/dissolution process during the fabrication

of the copper atomic-scale transistor. The confocal microscopy

image shown in Figure 7a was taken during the initial point-

contact formation between source and drain. By comparing

Figure 7a with Figure 4a we conclude, that the additives

strongly influence the morphology of the deposited copper film

and result in lower roughness. The sample used in this experi-

ment was manually insulated with a polymer film. The

switching sequence of the copper atomic-scale transistor driven

by the function generator is displayed in Figure 7b with

Ubias = 65 mV. As shown in Figure 7b, the rectangular wave

signal switching between −170 and 350 mV at 10 Hz resulted in

a rectangular Uout switching between 0 and −10.6 V.

In this work, the switching block of the copper atomic-scale

transistor is a copper point contact. The dimension of its func-

tional unit is comparable with a molecular electronic device.

Within the molecular electronic functional building blocks, it is

generally found that the electronic coupling between molecules

and electrodes has a profound influence on the properties of the

molecular devices [50-57]. Therefore, it is difficult to achieve

the mass production of molecular electronic devices with iden-

tical configurations of their building blocks. Because of the

difficult interface coupling between the molecular functional

block and the two metallic electrodes, the whole resistance in

the device is in the range of megaohms. The operation current

of molecular electronics is in the range of nanoamperes, and the

low operation current leads to a low signal-to-noise ratio. The

interface-coupling problem between the functional block and

the electrodes does not exist in the copper atomic-scale tran-

sistor, because the material of the electrodes and the building

blocks is the same. The “switching on” current of a copper

atomic-scale transistors is in the range of microamperes, which

is compatible with modern semiconductor devices [58]. More-

over, the operational potentials of the copper atomic-scale tran-

sistor are in the range between −170 mV and 350 mV, which is

in the magnitude range of the operation voltages (ca. 0.5 V) of

the three most promising approaches, namely multigate transis-

tors, tunnel field-effect transistors, and germanium nanodevices

[59-62]. The dynamic power dissipation of the CMOS devices

is proportional to the square of drain supply voltage (VDD) [58].

The copper atomic-scale transistors can be operated electro-

chemically with gate voltages less than 350 mV. This makes

copper atomic-scale transistor a good alternative candidate

for the development of electronic circuits with low power

consumption.

Conclusion
A copper atomic-scale transistor was fabricated on microelec-

trode chips in an electrolyte of copper sulfate and sulfuric acid

in bi-distilled water. The operational potentials of the copper

atomic-scale transistor are compatible with the operation volt-

ages (ca. 0.5 V) of multigate transistors, tunnel field-effect tran-

sistors, and germanium nanodevices [59-62]. There is no inter-

face coupling problem, which is common of molecular elec-
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tronic devices, in the copper atomic-scale transistor, because the

material of the electrodes and the functional building block

based on a copper point-contact is metallic. The switching-on

current of copper atomic-scale transistors is in the range of

microamperes, which is compatible with modern semiconduc-

tor devices. The copper atomic-scale transistor can be encapsu-

lated and operated in small electrolyte volume (3.5 µL). We

demonstrate that the copper atomic-scale transistors operate as

an independent electronic device controlled by a function gener-

ator, including also atomic-scale transistors with only one or

two atoms in the narrowest constrictions. The switching rate

reaches up to 10 Hz. All metallic atomic-scale transistors

demonstrate volatile/nonvolatile dual functionalities and could

be configured to perform both logic and memory operations.

This merging of logic with memory opens perspectives for

processor-in-memory and logic-in-memory architectures based

on metallic atomic-scale transistors.

Experimental
Fabrication of microelectrodes
Method 1: Two masks with patterns for microelectrodes and

windows in the insulating layer were prepared with a direct

laser writer (Heidelberg Instruments DWL 66). The microelec-

trodes covered with an SU-8 film on a silicon wafer with a thin

thermally oxidized SiO2 film (300 nm) were fabricated step by

step as follows. A photoresist (AZ 5214E) was spin-coated on

the wafer. With a mask aligner, the microelectrode pattern was

transferred to the spin-coated photoresist. The photoresist film

was developed in a developer (MIF 726). Cr/Au (3 nm/40 nm)

films were evaporated with an e-beam evaporator (Lesker

PVD75). The as-evaporated wafer was lifted in a photoresist

remover in an ultrasonic bath. The wafer with the microelec-

trodes was spin-coated again with SU-8 to a thickness of 2 µm.

The pattern with insulating windows was transferred to the

spin-coated SU-8 film using the mask aligner. The wafer with

the SU-8 film was developed in a developer (MicropositTM EC

Solvent) and then baked at 210 °C for 1 h to solidify the SU-8

film.

Method 2: A photoresist (AZ 1505, 500 nm) was spin-coated

on a thermally oxidized silicon wafer completely covered with

evaporated Cr/Au (5 nm/60 nm) layer, and soft baked (95 °C,

2 min). The microelectrodes outline pattern was transferred into

the photoresist film using direct laser writing (DWL 66, Heidel-

berg Instruments, Germany), and then developed. Reactive ion

etching (RIE, Plasmalab100, Oxford Instruments, UK) was used

to etch the Cr/Au film in the developed areas (120 W,

30 sccm Ar, 10 mTorr, 30 min) in order to isolate the micro-

electrodes from the surrounding Cr/Au film, and then the

photoresist was stripped. To insulate the microelectrodes, an

adhesion promoter (TI-Prime, MicroChemicals GmbH, Ulm,

Germany) and SU-8 photoresist (3 µm) were spin-coated and

soft baked (TI Prime: 120 °C, 2 min; SU-8: 95 °C, 5 min). The

openings in the insulation layer were patterned using direct

laser writing, and then developed after the post-exposure bake

(PEB, 65 °C, 15 min). Next, the second SU-8 layer (50 µm) was

spin-coated on the wafer, soft baked (95 °C, 20 min), exposed

with direct laser writing, PEB (75 °C, 140 min) and developed.

A circular window (d = 50 μm) above three microelectrodes and

contact pad openings were patterned in the first insulating SU-8

layer (Figure 3). A larger circular window (d = 3 mm) (not

shown in Figure 3) in the second SU-8 layer was used to

contain the electrolyte for deposition and dissolution of the

point contact.

Fabrication of copper atomic-scale transistors
The copper atomic-scale transistor fabrication and operation ex-

periments were performed in a Nylon electrochemical cell and

observed in situ under a Leica confocal microscope. At the

initial stage, a copper wire was employed as a counter electrode

for copper deposition on the three microelectrodes source, drain

and gate. After the gap between the source and drain electrodes

was closed with the deposited copper the deposition process

continued for about 20 min to stabilize the contact. The copper

point contacts were trained as atomic-scale switching

units. After these stabilization and training processes, the

gate electrode was utilized as the counter electrode in the

electrochemical deposition/dissolution cycling. Main compo-

nents in the copper electrolyte were copper sulfate and

sulfuric acid in bi-distilled water. Copper Gleam HS-200A,

Copper Gleam HS-200 B (Rohm Hass, USA) and hydrochloric

acid were added as additives to deposit uniform flat copper

films. The copper electrolyte was prepared according to the

recipe recommended by the supplier (Rohm Hass, USA):

copper sulfate (CuSO4·5H2O), 100 g/L; sulfuric acid (96%),

200 g/L; chloride, 70 ppm (by adding hydrochloric acid);

Copper Gleam HS-200A, 0.5 mL/L; Copper Gleam HS-200B,

10 mL/L.
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Abstract
Gradient nanostructures (GNSs) have been optimized in recent years for desired performance. The diffusion behavior in GNS

metals is crucial for understanding the diffusion mechanism and relative characteristics of different interfaces that provide funda-

mental understanding for advancing the traditional surface alloying processes. In this paper, atomic diffusion, reactive diffusion,

and surface alloying processes are reviewed for various metals with a preformed GNS surface layer. We emphasize the promoted

atomic diffusion and reactive diffusion in the GNS surface layer that are related to a higher interfacial energy state with respect to

those in relaxed coarse-grained samples. Accordingly, different surface alloying processes, such as nitriding and chromizing, have

been modified significantly, and some diffusion-related properties have been enhanced. Finally, the perspectives on current research

in this field are discussed.

547

Introduction
A gradient nanostructure is a unique architecture in which a

layer of nanoscale-grained structure adheres to a ductile coarse-

grained (CG) substrate of the same material; a transition layer

with graded grain sizes is positioned between them. This archi-

tecture with a graded spatial variation of grain sizes offers a

number of unique opportunities to enhance the properties of

materials. It enables the delocalization of strains in the nano-

grained structures, resulting in plastic deformation behavior

fundamentally different from that of the free-standing homoge-

neous nano-grained and CG samples. For example, a consider-

able tensile ductility was achieved with the significantly en-

hanced strength in different metals with a gradient nanostruc-

tured (GNS) layer [1-3], distinct from the traditional trade-offs

between strength and ductility in conventional metals and

alloys. In addition, GNS materials exhibit significantly en-

hanced wear resistance and fatigue resistance compared with

their nano-grained and CG counterparts [4-7].

Investigating the diffusion behavior of GNS materials is an im-

portant topic mostly due to the following reasons:

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
mailto:zbwang@imr.ac.cn
https://doi.org/10.3762%2Fbjnano.8.59
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1. Numerous interfaces in the nanostructured layer make it

possible to study interfacial diffusion and relative char-

acteristics, such as interfacial structure, precipitation,

phase transformation, plastic deformation, and chemical

reaction, at lower temperatures. In comparison, it is

difficult to obtain enough information on these aspects –

particularly on the C-type diffusion regime as laid out in

[8] – because of an insufficient number of interfaces in

CG materials.

2. A graded variation of interface types may accompany the

graded distribution of grain sizes in a GNS layer. Such a

microstructure provides a unique sample to study the

effects of grain size and interface type on diffusion prop-

erties.

3. Atomic diffusion is the essential factor in surface

alloying processes (such as nitriding and chromizing),

and diffusion studies in GNS materials provide insights

for modifying traditional surface alloying processes of

engineering metallic materials.

GNSs have been generated on various metals by methods with

controlled surface plastic deformation [9-11]. In this paper,

recent progress in the diffusion studies in GNS metals will be

clarified to understand diffusion fundamentals and relation-

ships between microstructure and diffusion in nanostructured

materials, followed by some typical applications of GNS on

advancing traditional surface alloying processes.

Review
Interfacial diffusion in GNS materials
In the 1980s, Gleiter et al. [12,13] successfully synthesized the

first nanostructured metallic sample by means of inert gas con-

densation and consolidation (IGC). Since then, studies have

been performed to reveal the diffusion behavior of nanostruc-

tured metals worldwide. However, the measured results were

rather scattered and even controversial. For instance, markedly

promoted diffusion coefficients with a lower activation enthalpy

were measured in the nanostructured Cu synthesized by IGC

[14-16]. And a comparable diffusivity with that of conventional

grain boundaries (GBs) was revealed in a nanostructured

γ-Fe–Ni alloy prepared by ball milling with subsequent

sintering (BMS), while inter-agglomerate boundaries showed

much faster diffusion rates (≈4 orders of magnitude higher)

with a lower activation enthalpy than the GB diffusion [17].

Moreover, interfacial diffusion coefficients in an Fe3Si nano-

composite produced by crystallization (CRY) from a melt-spun

amorphous sample were revealed to be even lower in compari-

son with those in the CG sample [18].

Particular attention has been paid to the diffusion behavior in

nanostructured or ultrafine grained (UFG) materials produced

by using severe plastic deformation (SPD), mostly because of

the bulk forms of nanostructures. Inconsistences also exist in

the experimental results. For example, Würschum et al. [19]

found that diffusivities in a SPD Pd sample are similar to those

in conventional GBs. However, Kolobov et al. [20] detected an

increment of 104–105 in GB diffusivities (with lower activation

enthalpy) of Cu in a SPD Ni sample in comparison with those in

a CG sample. The diffusion coefficients along some ultra-fast

channels (together with some conventional GBs) in an UFG

Cu–Zr alloy sample prepared via SPD were found to be

≈103 times higher than those along GBs in a high-purity CG Cu

sample [21]. In order to differentiate these ultra-fast diffusion

channels from conventional GBs, the term “nonequilibrium”

GBs was used. In this case, GBs might gather a large number of

irregular (extrinsic) dislocation structures, so that extra free

energy might be introduced in the interfaces, while misorienta-

tions across them remain stable [22,23]. The existence of

nonequilibrium GBs after SPD processing has been supported

by strain mapping results in a SPD Pd–Ag alloy, in which the

GB thickness (with evident strain) is determined to be ≈1.5 nm

and is markedly larger than the thickness of relaxed GBs

(≈0.5 nm) [24]. In addition, the higher energy of nonequilib-

rium GBs as compared to conventional GBs has been demon-

strated by the transformation of partial to complete GB wetting

in Sn–Pb alloys during continuous strain by Straumal et al. [25].

However, this notion was confused by two works in the SPD Cu

and Cu–Pb alloy [26,27], in which various defects such as

vacancy agglomerations, nanometer- and micrometer-sized

voids were observed. These defects might be linked and signifi-

cantly accelerate atomic penetration in the materials. In addi-

tion, the concurrent influence from lattice diffusion might

not be completely excluded from the mean diffusion flux in

SPD metals, in which the grain sizes are usually in the sub-

micrometer scale (>200 nm) and numerous dislocations exist in

grains [28].

The microstructural observations revealed that the GNS layers

on metals processed by surface mechanical attrition treatments

(SMAT) are porosity-free, and the mean grain sizes are on the

nanoscale (<100 nm) in the surface layers with a thickness of

tens of micrometers, for example on pure Fe [29] and Cu [30].

In addition, a graded distribution of interfacial structure was ob-

tained in the GNS surface layer of Cu [30], with interfaces

sequentially dominated by twin boundaries (TBs), high-angle

GBs (HAGBs), low-angle GBs (LAGBs) and dislocation walls

with an increasing depth. These microstructures characteristics

provided unique opportunities to study the relationship between

the diffusion property and microstructure into the nanometer

scale. The diffusion studies in these materials will be reviewed

and compared with results from other nanostructured metals in

this section.
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Diffusion behavior in nanostructured surface
layers
The diffusion properties of Cr in GNS Fe were measured within

the temperature range of 300–380 °C on a SMAT Fe sample

with a mean grain size of ≈10 nm in the top surface layer elec-

troplated with a thin layer of Cr [31]. The apparent diffusivity

of Cr in the GNS Fe is 7–9 orders of magnitude higher than that

in the Fe lattice and 4–5 orders of magnitude higher than that

along GBs of ferrite, as shown in Figure 1. In terms of the diffu-

sion kinetics with Arrhenius dependence in the concerned tem-

perature range, the pre-exponential factor and the activation

enthalpy of Cr diffusion in the nanostructured Fe were calcu-

lated. It is seen that the pre-exponential factor of Cr diffusion in

nanostructured Fe is much higher than that for conventional GB

diffusion in α-Fe, and the diffusion activation enthalpy is

slightly lower than that that of GB diffusion.

Figure 1: Temperature dependence of the diffusion coefficients of Cr
in the GNS Fe produced by SMAT and in the CG Fe, in comparison
with those for the α-Fe lattice diffusion, the α-Fe GB diffusion and the
diffusion in Fe–Cr alloy. Figure reproduced with permission from [31],
copyright 2003 Elsevier.

In addition, the Cr-diffusion depth values were determined in

GNS low carbon steel samples chromized in a packed powder

mixture of Cr–NH4Cl–Al2O3, as shown in Figure 2 [32]. One

can see that the diffusion depth into the as-SMAT sample was

larger than that into the CG sample after the same chromizing

treatment within the temperature range of 400–860 °C. The

ratio of the value into the as-SMAT sample relative to the value

into the CG sample decreased with elevating temperatures. A

similar trend has also been observed in a GNS H13 steel sam-

ple, in which a significantly increased Cr-diffusion depth with

respect to that in the CG sample was achieved at chromizing

temperatures below 600 °C, and the depth even decreased with

increasing temperatures above 600 °C [33]. Meanwhile, it was

noticed that an isothermal preannealing might decrease the

Cr-diffusion depth. For example, the pre-annealing at 400 °C

decreased the Cr-diffusion depth values to ≈60% of the as-pre-

pared GNS low carbon steel (also see Figure 2).

Figure 2: Variations of Cr-diffusion depth with temperature in different
low carbon steel samples: as-SMAT (▲), CG (▼), SMAT with subse-
quent annealing at 300 °C (○) and 400 °C (●) for 180 min. In compari-
son, the calculation results in terms of the lattice diffusion [34], the
conventional GB diffusion (GB) [35], and the diffusion in GNS Fe (NE-
GB) [31] were also included. Figure reproduced with permission from
[32], copyright 2005 Elsevier.

Since the surface Cr concentration is approximately constant

during chromizing, the apparent diffusivity in the GNS surface

layer (DGNS) can be calculated from the measured Cr-diffusion

depth (x) from

(1)

where α is a constant and t is the chromizing duration [36]. The

results show that DGNS is about 8.5 × 103 times higher than the

diffusivity along GBs in the CG low carbon steel sample

(DRGB) at 400 °C, and the ratio of DGNS to DRGB decreases

gradually with increasing temperature. While evident grain

growth occurred in the nanostructured surface layer, the ratio of

DGNS to DRGB is even less than 1. After the preannealing treat-

ment at 400 °C, DGNS decreases to ≈1/4 of that in the as-pre-

pared sample.
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Table 1: Diffusion studies in nanostructured metals prepared by different techniques.

Material
(diffusant)

Grain size
(nm)

Preparation
methoda

Diffusion
temperature (°C)

DNS/DRGB
b Arrhenius parametersc Ref.

QNS/QRGB

Fe (Cr) 10–25 SMAT 300
340
380

2.0 × 104

9.4 × 103

1.2 × 104

7 × 102 0.9 [31]

Low-C-steel (Cr) 10–30 SMAT 400
500
600
700

8.5 × 103

2.1 × 102

7.9*

0.49*

NA NA [32]

Low-C-steel (Cr) 10–30 SMAT+PA 500
600

53
1.6*

NA NA [32]

H13-steel (Cr) 10−30 SMAT 550
600
650

17
11*

0.28*

NA NA [33]

Cu (Ni) 100 SMAT 130 1.1 × 104 NA NA [38]
Ni (Cu) 300 ECAP 125

175
1.1 × 105

1.0 × 104
4.4 × 10−11 0.34 [20]

Pd (Fe) 80–150 SPD 98
200
300

3.0 × 103

11*

0.12*

NA NA [19]

Cu–Zr (Ni) 300 ECAP 151–280 0.7–1.4*

(0.2–1.3) × 103
0.2
2.3 × 103

0.93 s-GB

1.06 f-GB
[21]

Cu (Ni) 300 ECAP 151–201 0.5–1.5* 0.24 0.94 [39]
Ni (Ni) 300 ECAP 58–127

167–227
(0.7–28) × 105

(0.2–4.5) × 103
6.8 × 10−4 0.52 [40]

Cu (Cu) 8 IGC 120 1.1 × 102 3 × 10−4 0.59 [14,41]
Cu (Ag) 8 IGC 30–70

80–100
≈2.3 × 103

≈4.9 × 102
5.9 × 10−3

1.8 × 102
0.53
0.86

[15]

Cu (Au) 10 IGC 100 1.85 × 104 NA NA [16]
Pd (Fe) 20 IGC 200

250
7*

0.7*
NA NA [19]

Cu (Zn) 120 DPD 85–100
115–190

11
0.05–3.5*

NA NA [42]

γ-FeNi (Ag) 100 BMS 411–547 ≈1
(0.34–3.7) × 104

≈1
2 × 10−3

≈1
0.53 AI

[17]

Fe3Si (Fe) 12 CRY 380–420 ≈4 × 10−5 NA 1.12 a-IF [18]
aVarious preparation methods: SMAT+PA denotes SMAT with subsequent preannealing at 400 °C, when no evident grain growth occurs but micro-
strain decreases markedly [32]. Equal channel angular pressing (ECAP) is a representative SPD method. DPD denotes the dynamic plastic deforma-
tion technique. Other abbreviations are referred to in the main text. bAsterisked values indicate samples with remarkable grain growth during the
concerned diffusion annealing. The thickness of GB (δ) was taken as 0.5 nm to calculate DRGB when a triple product sδDRGB was reported.
cArrhenius parameters:  and  denote the apparent pre-exponential factors for diffusion along interfaces in a nanostructured metal and the
relaxed CG sample, respectively; QNS and QRGB denote the diffusion activation enthalpies along interfaces in the nanostructured metal and the
relaxed CG sample, respectively; The superscripts s-GB and f-GB denote “slow GB” and “fast GB”, respectively, in [21]; AI denotes agglomerate inter-
faces, along which the diffusivity (Da) was derived from a relationship with the product (Pa) as Pa = sa·δa·Da/λ (referring to [17]); a-IF denotes amor-
phous interfaces in the nanocrystalline Fe3Si prepared by CRY [18].

Comparing the diffusion studies in GNS surface layers pre-

pared by SMAT with the results in other nanostructured or UFG

metals, as in Table 1, we may conclude:

1) The measured interfacial diffusivity is sensitive to the sam-

ple preparation method. Diffusivities in nanostructured samples

produced by using SMAT or SPD reach a value of 103–105

times higher than those for GBs in CG samples. The diffusivity

increment is typically within 102–104 in nanostructured metals

produced via the IGC or BMS techniques. Additionally, the

interfacial diffusivity in nanostructured samples produced via

CRY is much lower than that along GBs in the CG form. Mean-

while, the interfacial diffusivities in nanostructured metals in

the as-prepared states decrease significantly after preannealing

treatments during which GBs may be relaxed, especially when

evident grain growth has occurred.

2) The diffusion activation enthalpies in nanostructured metals

are typically 0.5–0.9 of those along GBs in CG samples

when no distinct relaxation or grain growth occurs. Additional-
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ly, no dependence on the preparation method or grain size is

indicated.

3) The effect of grain size on diffusivity seems to be rather

weak within the scale regime from 10 to 300 nm. Therefore, the

contribution from triple junctions, of which the amount in-

creases with decreased grain size and the diffusivity should be

further enhanced due to the larger excess volume [31,37], might

be insignificant within the present grain size scale.

This evidence suggests that GBs in the GNS layers are associat-

ed with a higher stored energy and/or with a higher density of

defects compared to the GBs in conventional CG counterparts.

According to the vacancy mechanism of GB diffusion [43,44],

they may facilitate diffusion by decreasing the vacancy forma-

tion energy. For example, the existence of a large fraction of

free volume in the GNS layer has been demonstrated by the

high intensities of the short- and middle-lifetime components in

the results of positron annihilation spectroscopy measurements

of the surface layer of the SMAT Fe [45].

While GB defects (i.e., extrinsic GB dislocations) are difficult

to be identified in GNS or SPD metals, it is argued that the GB

diffusion might also be accelerated by GB thickening, resulting

from either the GB prewetting (premelting) or the pseudo-

partial GB wetting during sample preparation [46-49]. For ex-

ample, a Zn-rich wetting layer of 2–10 nm in thickness has been

formed along Al/Al GBs in UFG Al–Zn alloys after high pres-

sure torsion at room temperature [47]. Dramatically enhanced

GB diffusivities were observed in Cu–Bi and Fe–Si–Zn alloys

with prewetted GBs [48,49]. Nevertheless, this notion might

safely be excluded from the issues accelerating diffusion in the

GNS layers, because no system (see Table 1) contains compo-

nents which are inclined to form GB complexions connected

with GB prewetting or pseudo-partial wetting [46,50].

Diffusion kinetics and free energy of different
interfaces
As illustrated in Figure 3a, the grain size increases and inter-

face structure is sequentially dominated by TBs (or TB-like

interfaces), HAGBs, LAGBs and dislocation walls with increas-

ing depth in the GNS surface layer on a SMAT pure Cu sample

[30,38]. Similar to the accelerated diffusion of Cr observed in

GNS Fe and steels, a remarkable penetration of Ni into the GNS

surface layer of the SMAT Cu has been detected at tempera-

tures below 150 °C [38,51,52]. The effective diffusivity in the

top surface layer is ≈3 orders of magnitude higher than that

along relaxed HAGBs in the annealed CG sample at 130 °C.

Furthermore, it is noticed that the effective diffusivity in the

subsurface layer is higher than that in the top surface layer, and

increases with increasing depth up to 30–50 µm, as shown in

Figure 3b. After the diffusivity reaches a maximum value of

≈4 orders of magnitude higher than that along the conventional

HAGBs, it decreases with further increasing depth.

Figure 3: (a) A schematic illustration of the gradient microstructure of
grain size and interface in the GNS surface layer of a SMAT Cu sam-
ple, and (b) variation in the effective diffusivity of 63Ni in different
regions at 130 °C. Figure adapted with permission from [38], copyright
2010 Elsevier.

Since the lattice diffusion distance is negligible at the concerned

temperatures, diffusion in the GNS Cu proceeds in accordance

to Harrison’s C–type diffusion regime [8]. Therefore, the effec-

tive diffusivities are directly related to diffusion kinetics along

interfaces. As shown in Figure 3b, diffusivities along different

interfaces in the GNS surface layer are compared with the diffu-

sivity along HAGBs in a high-purity CG Cu at 130 °C. It is

noted that the diffusivities along HAGBs and TBs in the first

25 µm in thickness (i.e., regions I and II) were derived by using

the so-called C–B diffusion mode developed by Divinski et al.

[17] in hierarchic microstructures. In this case, the leakage of Ni

tracer atoms from HAGBs into TBs (i.e., B-regime in the mode)
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Table 2: Diffusion data along TBs in different Cu samples.

Base material Diffusant Temperature (°C) DTB, PTB
a (m2·s−1, m3·s−1) DRGB, PRGB

a (m2·s−1, m3·s−1) Ref.

SMAT Cu Ni 130 3.65 × 10−18 1.34 × 10−18 [38]
DPD Cu Zn 85

130
6.21 × 10−20

8.61 × 10−19
5.82 × 10−19

2.19 × 10−17
[42]

Σ3  bicrystal Cu Au 400
500

(0.7–11) × 10−23

(0.4–5.8) × 10−21
1.18 × 10−20

9.6 × 10−19
[53]

aDiffusivities were determined in the C-type regime in the SMAT and DPD samples. While the values were determined in the B-type regime in the
bicrystal sample, a triple product P was given.

reduces the effective diffusivities in both regions. The diffusivi-

ties of HAGBs and TBs in the GNS Cu are about 1.41 × 10−14

and 3.65 × 10−18 m2·s−1, respectively.

Table 2 summarizes several works on diffusion along TBs in

pure Cu. No comparison with diffusivity along coherent TBs

can be made because no diffusion data was provided to the

authors’ knowledge. It is shown that the diffusivity along TBs

in the SMAT Cu is even slightly higher than the extrapolated

diffusivity along GBs in the relaxed CG sample, while those in

the DPD and bicrystal samples [42,53] are much lower than the

latter. This suggests a much higher diffusivity along TBs in the

GNS sample than in other samples. Similar with the situations

of GBs (referring to the section “Diffusion behavior in nano-

structured surface layers”), the significantly enhanced diffu-

sivity along TBs in the GNS Cu is also expected be induced by

a higher stored energy and/or with a higher density of defects.

The free energy of GBs varies with the misorientation angle and

forms a sharp cusp only several degrees in deviation around the

corresponding angle of the coherent TBs, i.e., 70.5° of twin/

matrix with [110] symmetric tilt boundary in Cu [54]. In the

GNS layer, various dislocations are accumulated at TBs, result-

ing in a significant increment of interface free energy with only

a slight deviation from the ideal TB misorientations [42,54].

According to a semi-empirical approach developed by Borisov

et al. [55], the interface excess free energy difference (ΔγB), i.e.,

the difference between the excess free energy of interfaces in

the GNS Cu and that of conventional GBs in a relaxed CG sam-

ple at a temperature (T), may be estimated from

(2)

where a is the mean distance between atoms at the interface. NA

and R are the Avogadro’s number and gas constant, respective-

ly. DB and DRGB are the diffusivities of Ni along interfaces in

the GNS Cu and along conventional GBs, respectively. By

using the diffusion data for different interfaces in the GNS Cu,

and DRGB from [56], ΔγB values of different interfaces are

derived. In comparison with γRGB (≈0.63 J·m−2 [57]), SMAT

results in an increment up to 30% in the GB excess free energy

in region III, and it decreases with an increasing depth (in

regions IV and V). The TB excess free energy in the first 25 µm

is comparable with γRGB.

Reactive diffusion behavior
Reactive diffusion is of great technological importance in the

metallurgical industry and in electronic materials. While a reac-

tion process at the interface between two (or more) primary

phases usually involves the nucleation and the coarsening stages

of the formed phase(s), the nucleation conditions at the inter-

face play decisive roles on the subsequent reactive diffusion

process [58].

In comparison with the reactive diffusion processes in CG sam-

ples, some previous studies demonstrated different characteris-

tics in nanostructured materials. For instance, Charlot et al. [59]

showed that the mechanical milling process applied before the

self-propagating high-temperature syntheses (SHS) process

markedly decreased the ignition temperature (≈100 °C) of the

reaction in Fe and Al powder mixtures, and a nanostructured

Fe–Al intermetallic compound was synthesized after the reac-

tion. Meanwhile, more phases from a Ti–Al system were ob-

served on a nanocrystalline Ti substrate with Al layer with

respect to a microcrystalline substrate by Wiecinski et al. [60].

The intermetallic layer synthesized on the nanocrystalline Ti

substrate was thicker and more homogeneous at 600 °C. Never-

theless, it was noted that grain size effects on reactive diffusion

characteristics were still difficult to be understood in these

works, mostly because the results were obtained in binary

systems with a high heat release by intermetallic formation.

SHS occurred at a high temperature and significantly elevated

sample temperature after the reaction ignition in such systems

[61,62].

In comparison, the enthalpy change and reaction temperature

between Fe and Zn (or N) are relatively low, thus SHS will not

occur and the nanostructures remain relatively stable during
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Figure 4: (a) The dependence of the growth constant k2 on the reciprocal annealing temperature during reactive diffusion of Zn on the GNS and CG
Fe samples, and (b) thermal analyses of the Zn/GNS-Fe and the Zn/CG-Fe couples at a heating rate of 20 °C·min−1. Figure adapted with permission
from [61], copyright 2012 Elsevier.

reactive diffusion. In this section, the reactive diffusion behav-

ior of Zn and N into the GNS Fe prepared by SMAT [61,62]

will be reviewed from both kinetic and thermodynamic aspects.

Promoted growth kinetics
The growth kinetics of the Fe–Zn compound layer (mostly

ξ-FeZn13 phase) was studied in the GNS Fe sample electro-

plated with a Zn layer at different temperatures from 280 to

340 °C [61]. It was found that the Fe–Zn compound layer

formed on the GNS sample is much thicker than that on the CG

sample under the same isothermal annealing treatment. Accord-

ing to the relationship between the measured thickness (l) of

compound layers, diffusion temperature (T) and duration (t), the

growth kinetics was determined from

(3)

where k is the growth constant derived from

(4)

The pre-exponential factor k0 is a constant related to atomic

diffusion, and Q is the activation enthalpy for the growth of

compound layer. As derived from Figure 4a, the activation

enthalpy for the growth of the compound layer in the GNS sam-

ple is 108.0 ± 20.7 kJ·mol−1, which is much lower than that in

the CG sample (167.1 ± 10.1 kJ·mol−1).

Significantly promoted growth kinetics has also been observed

in the GNS Fe during gas nitriding at lower temperatures

[62,63]. A continuous nitride surface layer (mostly ε-Fe2–3N

and γ’-Fe4N) of ≈10 µm in thickness was formed on the GNS

sample after nitriding at 300 °C for 9 h. In comparison, there

was no such nitride layer formed on the original CG sample

after the same nitriding treatment.

The growth kinetics of the formed compound layer should be

controlled by diffusion processes in both the substrates and the

compound layer [61]. While the grain size of Fe in the nano-

structured surface layer is much smaller than that in the CG

matrix, grain sizes of the formed compounds in the GNS sam-

ple are still much smaller than those formed in the CG sample

[61,62]. Therefore, diffusion of alloying elements in the GNS

sample and in the compounds layer is evidently accelerated, and

a smaller activation enthalpy is obtained than in the CG sample.

The promoted growth kinetics in GNS samples may also be

understood in terms of the reaction kinetics of nucleation and

growth. Because GBs usually act as preferable nucleation sites,

the existence of a large number of GBs in the nanostructured

substrate may result in a significant improvement in the reac-

tion between alloying elements and substrate atoms. The nucle-

ation rate, , can be written as [64]:

(5)

where ΔG* is the critical Gibbs energy for nucleation, ω is a fre-

quency factor, and C0 is the number of atoms at contacting

interfaces. While the value of the critical Gibbs energy for nu-
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cleation at GBs is smaller than the value at other regions along

the surface, the nucleation rate increases significantly with de-

creasing grain size in the nanostructured surface layer. The

growth kinetics of the nuclei of formed compounds is expected

to be significantly promoted by abundant GBs in the GNS layer

at the earlier stage of reaction, mostly due to the accelerated

diffusion rates of alloying elements along them [32,61].

It is also noted that homogenous reaction layers of FePt and

FePt with ≈10 atom % Ag have been synthesized in Pt/Fe and

Pt/Ag/Fe thin films, respectively, after annealing at tempera-

tures when the bulk diffusion processes are still frozen [65].

The formation processes have been interpreted as a GB-diffu-

sion-induced solid-state reaction in which the reaction inter-

faces migrate perpendicularly to the original GB plane, based

on corresponding depth profiles of the element concentrations

in both systems. This mechanism might also contribute to the

promoted growth kinetics of a compound layer in GNS samples.

Stored energy and reaction thermodynamics
Thermal analysis (see Figure 4b) of the reaction between Zn

and GNS Fe showed that an exothermic peak appears at about

309 °C, which is ≈21 °C lower than that in the Zn/CG–Fe

couple. Mostly, the ξ-FeZn13 phase formed after the exother-

mic peaks in both samples. In addition, the reaction enthalpy

change is ≈58.6 mJ·cm−2 in the Zn/GNS–Fe couple, almost

double that in the Zn/CG–Fe couple [61].

In addition to the promoted nucleation and growth kinetics

related with numerous GBs, as discussed in the last section, the

higher stored free energy might also contribute to the lower

onset temperature and higher reaction enthalpy change of

Fe–Zn reaction in the GNS sample. As we know, stored energy

values in metallic systems processed by conventional cold

working are typically within 0.01–0.2 kJ·mol−1, and they may

change either the kinetics or the path of a phase transition in

solid-state with a typical free energy change of 0.5–3 kJ·mol−1

[66]. While the stored energy may be much higher because GBs

are associated with a higher stored free energy in the GNS sub-

strates produced by SMAT [38], an additional driving force will

be provided for the formation of intermetallic compounds. For

example, the stored energy value in the GNS Fe is estimated to

be ≈2.07 kJ·mol−1 according to the value in a nanostructured Fe

synthesized by ball milling [61,67]. In comparison, the stan-

dard Gibbs free energy change for the formation of FeZn13

from elemental Fe and Zn atoms is about −2.50 kJ·mol−1 at

330 °C [68]. With the stored excess energy in the GNS layer,

the Gibbs free energy change for this reaction becomes

−4.57 kJ·mol−1, so that the nucleation rate will be raised and the

onset temperature may be decreased for the Fe–Zn reaction in

the Zn/GNS–Fe couple [61].

The stored energy in the nanostructured surface layer also con-

tributed to the promoted formation process of nitrides during

nitriding GNS Fe at low temperatures [62]. The Gibbs free

energy change for nitrides formation in the CG Fe at 500 °C is

about −8.22 kJ·mol−1 for the γ’ phase and −1.69 kJ·mol−1 for

the ε phase. Both values might become positive and nitrides

could not form at 300 °C. However, the free energy changes for

the nitrides formation became negative with the stored excess

energy in the nanostructured Fe phase, so that their formation

became possible at the same temperature. The contributions of

stored excess energy to the promoted nitriding kinetics have

been confirmed by measurements on critical nitrogen potentials

for the formation of ε phase. As shown in Figure 5, the

ε-Fe2–3N phase formed at a lower temperature or with a smaller

nitrogen potential in the GNS Fe sample in comparison with

those in the CG sample [63,69].

Surface alloying of GNS materials
Inspired by the significantly promoted diffusion and chemical

reaction kinetics in GNS layers, many works have been carried

out on advancing surface alloying techniques of metals with a

preformed nanostructured surface layer. The advantages are

distinct, for example, improving surface properties such as wear

and corrosion resistance with higher energy/time efficiency,

reducing work-piece distortion and/or grain coarsening. In addi-

tion, GNS surface layers with promoted diffusion and chemical

reaction were also produced to enhance formation of surface

layers with modified microstructure and phase constitutions, in

order to be made more protective and functional.

Surface alloying processes
Lower-temperature processes: Surface alloying processes,

such as nitriding and aluminizing, have been achieved on

various engineering metals with a GNS surface layer at temper-

atures much lower than the conventional processing tempera-

tures, and properties such as resistance to wear and corrosion

were significantly improved.

Gas nitriding of steel is conventionally carried out at tempera-

tures above 500 °C over a long duration (60–80 h). A represen-

tative nitriding steel 38CrMoAl was submitted to SMAT fol-

lowed by gas nitriding at 400 °C for 30 h [70]. As shown in

Figure 6, a continuous compound layer containing mostly nano-

sized ε-Fe2-3N and γ’-Fe4N phases followed by a diffusion zone

was formed on the GNS sample, and the total thickness of the

compound layer and the diffusion layer is more than 200 μm. In

comparison, no continuous compound layer was formed on the

CG sample after the same nitriding process, and only a diffu-

sion zone with the thickness of ≈50 μm was observed. Thus, a

much higher wear resistance was obtained due to the thicker

nitride layer with increased hardness on the GNS sample.
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Figure 5: Correlation of temperature and nitrogen potential for the formation of ε-Fe2–3N phase in the GNS Fe (nc), in comparison with that for the CG
Fe reported by Lehrer [69]. Figure reproduced with permission from [56], copyright 2007 Elsevier.

Figure 6: Cross-sectional observations of (a) the CG and (b) the GNS 38CrMoAl samples after gas nitriding at 400 °C for 30 h. Figure reproduced
with permission from [70], copyright 2008 Elsevier.

Similarly, preformed GNS surface layers have also been used to

successfully lower the boronizing temperature of tool steel [71-

75], aluminizing temperature of Mg alloys [76] and ferritic steel

[77,78], and nitriding temperature of plain carbon steel [79],

stainless steel [80-82], Ti and Ti alloys [83-85], etc.

In addition, the simultaneous surface mechanical and alloying

treatment has also been developed to promote the formation of

alloyed or compound layers. By loading specimens, pack-

aluminizing powder and alloy balls in a chamber, and then me-

chanically vibrating the chamber at an elevated temperature

(≈600 °C), an aluminized coating consisting mostly of Fe2Al5

phase with some FeAl3 and FeAl phases has been produced on

low-carbon steel [86] and Fe-13Cr steel [87] by Zhan et al.

While grain growth is effectively hindered in the simultaneous

treatment, the alloyed/compound coating should be thicker than
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Figure 7: Effects of (a) T1 (with T2 = 950 °C for 120 min) and (b) T2 (with T1 = 600 °C for 120 min) on the compound layer thickness in the GNS and
the CG H13 steel samples after duplex chromizing processes. Figure reproduced with permission from [33], copyright 2010 Elsevier.

that formed by SMAT with subsequent alloying treatment.

Furthermore, the diffusive transport of species and phase transi-

tions might be significantly promoted during SPD, which

usually triggers the states equivalent to higher temperatures

[88]. For example, Straumal et al. [89] demonstrated that high

pressure torsion at room temperature produced a solid solution

with a certain steady-state concentration equal to the solubility

limit at an effective temperature of 680 °C in Cu–Ag alloys

with different initial states. This will also contribute to the

promoted surface alloying kinetics during simultaneous treat-

ment, and might even result in the formation of metastable

phases. However, deficiencies of such a treatment mainly come

from technical difficulties in achieving simultaneous mechani-

cal and alloying processes at elevated temperatures.

Duplex surface alloying processes: For surface alloying pro-

cesses such as chromizing and aluminizing, temperatures as

high as ≈1000 °C are conventionally required to achieved a

satisfying (in terms of thickness and phase constitutions)

alloyed/compound surface layer on steels. The formation

kinetics of an alloyed layer might be significantly promoted by

introducing a GNS surface layer. However, the formed alloyed

layer was typically only on the micrometer scale in thickness at

lower temperatures, even though a higher ratio was achieved by

comparing the thickness of the alloyed layer on the GNS sam-

ple with that on the CG counterpart sample. A further increased

processing temperature decreased the ratio or even reduce the

thickness value due to the instability of nanostructures at higher

temperatures, as mentioned previously. In addition, phase

constitutions in compound layers formed at lower temperatures

were sometimes different (sometimes not as satisfying) from

conventional ones formed at higher temperatures. A duplex sur-

face alloying processes, that is, a lower temperature (T1)

process followed by a higher temperature (T2) process, have

been developed to overcome these limitations [32,33,90]. The

process at T1 allowed an effective diffusion of alloying ele-

ments and compound formation along GBs, while the nano-

structures were relatively stable. The following process at T2

enhanced the growth (or phase transformation) kinetics of

alloyed layers because the thermal stability in the surface layers

was improved by the introduced alloying elements and/or com-

pounds during the previous process.

The effects of both processes at T1 and at T2 on the formation of

a chromized layer have been studied on a GNS H13 steel sam-

ple prepared by SMAT [33]. As shown in Figure 7, the thick-

ness of the compound layer ((Cr,Fe)2N1–x and (Cr,Fe)23C6

phases) increased gradually with increasing T1 before reaching

a maximum at ≈600 °C and then decreased with a further

increase in T1, when T2 was fixed at 950 °C for 120 min. In

comparison, the compound layer formed on the CG sample

remained approximately a constant thickness with increasing

T1. When T1 was fixed at 600 °C for 120 min, a much thicker

compound surface layer was formed on the GNS sample than

on the CG sample after the chromizing process at T2 from 950

to 1050 °C. Subsequently, a duplex chromizing process at

600 °C followed by another at 1050 °C was employed to

chromize the GNS sample. A chromized surface layer of

≈30 μm in thickness was formed, much thicker than that on the

CG sample (≈10 μm) after the same chromizing process. And
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Figure 8: Typical cross-sectional morphologies of (a) the CG and (b) the GNS 9Cr2WVTa F-M steel samples oxidized at 600 °C for 510 h in air. Insert
in (b) shows a magnified image of the boxed region. Figure reproduced with permission from [96], copyright 2016 Elsevier.

the wear resistance of the GNS sample after the duplex

chromizing was significantly enhanced due to the higher surface

hardness, as well as the graded distribution of composition,

structure, and hardness.

In addition, a duplex aluminizing process including a packed

aluminization process at 560 °C and a subsequent diffusion

annealing treatment at 720 °C was developed for the P92

ferritic–martensitic (F-M) steel with a preformed GNS surface

layer [90]. A lower aluminum content aluminide (AlFe and

α-(FeAl)) surface layer of ≈17 μm in thickness was produced on

the F-M steel. Experiments showed that the oxidation resis-

tance of the F-M steel in steam was significantly promoted at

higher temperatures. In comparison with the brittle Al-rich

aluminide (mostly Al5Fe2) surface layer formed on the CG sam-

ple after the same duplex process, the lower content Al

aluminide layer formed on the GNS sample is more resistant to

cracking and has better adhesion to the substrate [91].

Other diffusion-related processes
The coating/substrate interface is usually the most vulnerable

part in a coated component due to the lower bonding strength

between them. Some experiments showed that the bonding

property of a coating on a substrate might be improved by

preforming a GNS surface layer on the substrate. This was

mostly due to the promoted atomic diffusion kinetics in the

GNS layer, which strengthened the metallurgical bonding

across the interface. For example, the interdiffusion distance be-

tween the elements of a cold-sprayed Zn–Al coating and a GNS

interstitial-free steel substrate was significantly increased in the

as-sprayed state, resulting in an increment of ≈30% in the bond-

ing strength of the coating on the substrate [92]. In addition, a

higher film cohesion strength and better wear resistance have

been achieved on the 304 stainless steel with a preformed GNS

surface layer after being sputter-deposited a DLC coating, in

comparison with that of the DLC-coated CG sample [93].

A GNS surface layer has also been employed to facilitate the

formation of nanoporous titania on the commercial pure Ti

[94,95], which is used as an important material in human body

implantation. After immersion in the H2O2 solution for 24 h at

room temperature, crystallized titania with the nanoporous

structure was synthesized on the GNS Ti plate, while only inter-

facial corrosion was observed on the CG sample. By studying

the structure and surface morphology evolution of the GNS

sample in the H2O2 solution, Wen et al. [95] revealed that the

accelerated formation of nanoporous structure was mostly due

to the higher chemical reactivity of the GNS Ti, which

promoted the decomposition of H2O2 and the formation of

amorphous titania. Furthermore, the formed titania showed an

increased crystallinity and retained the nanoporous structure

even after calcination at 600 °C [94]. These works indicated the

possibility to improve the bioactivity of titanium bone implants

and to accelerate osseointegration by introducing a preformed

GNS surface layer [95].

Different from the phenomena that thicker alloyed layers com-

monly form on GNS materials, a much thinner oxide layer was

observed on a GNS 9Cr2WVTa F-M steel, i.e., the oxidation

resistance of the steel was improved by the preformed GNS sur-

face layer [96]. As shown in Figure 8, a compact oxide layer

with the thickness of ≈0.5 μm was formed on the GNS sample

after oxidation at 600 °C for 510 h in air. In comparison, it was

within 8–50 μm in thickness and with various cracks on the

oxidized CG sample. Further comparisons of composition and

phase distributions indicated that the oxide scale was enriched
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with Mn and contained a large amount of Mn2O3 phase on the

GNS sample, while no Mn enrichment was observed and the

oxide scale was mainly composed of (Fe0.6Cr0.4)2O3 phase on

the CG sample. Analysis confirmed that the markedly im-

proved oxidation resistance of the GNS sample mostly resulted

from the quicker formation of the Mn-enriched oxide scale.

While the Mn oxide (i.e., Mn2O3) possessed the most negative

free-energy among all possible oxides from 9Cr2WVTa steel,

its formation was accelerated by the higher diffusivities in the

GNS surface layer. In addition, the higher binding energy be-

tween Mn and vacancies, of which the concentration was much

larger in the GNS sample than in the CG sample, also contribut-

ed to the quicker formation of Mn-enriched oxide scale

[45,96,97].

Conclusion
Due to the importance of understanding the diffusion and sur-

face alloying behavior of GNS metals, interfacial diffusion and

reactive diffusion have been systematically studied on this kind

of material and summarized in this review. It was confirmed

that interfacial diffusivities in GNS layers are typically

3–5 orders of magnitude higher than those along GBs in CG

counterparts. This was mainly associated with a higher energy

state of GBs induced by the plastic deformation with high strain

and strain rates. Meanwhile, the chemical diffusion and reac-

tion kinetics have been promoted in GNS surface layers, in

which numerous GBs accelerate atomic diffusion and increase

the nucleation and growth rates of formed compounds. The

extra stored free energy at GBs also thermodynamically facili-

tate the formation of compounds in GNS surface layers.

Benefitting from the promoted diffusion and reaction kinetics,

different surface alloying treatments have been achieved at

much lower temperatures on materials with a preformed GNS

surface layer than those of the conventional treatments on CG

samples, such as nitriding, boronizing, and aluminizing. In addi-

tion, some other diffusion-related properties, such as bonding

strength of coating on substrate, bioactivity of Ti and Ti alloys,

and oxidation resistance of F-M steels, have also been en-

hanced by GNS surface layers. By applying a duplex approach

including a lower temperature step and a subsequent higher

temperature step, chromizing and aluminizing treatments were

further modified to obtain an alloyed (or compound) surface

layer with larger thickness and better properties.

Studies of diffusion behavior might shed light on the structural

characteristics and properties of internal interfaces in nanostruc-

tured materials. Novel microstructures such as LAGB-domi-

nant interfaces and nanolaminates have been synthesized in

GNS metals recently [98,99]. They showed unique perfor-

mance, for example, ultrahigh hardness accompanied by superi-

or thermal stability. Studying the diffusion kinetics and relative

behavior in GNS layers with such novel microstructures is ex-

pected to help understand their unique features and provide

insights on tailoring the microstructure for better performance.

Combined with surface alloying, a graded transition in compo-

sition and/or phase constitution is formed in a GNS surface

layer. Besides the enhanced properties, novel and unique prop-

erties of such a material with graded distribution of microstruc-

ture, composition, and phase are expected to be further

explored. For example, a synergic improvement in strength,

ductility, and resistance to wear and corrosion might be ex-

pected, while the distribution of microstructure, composition,

and phase can be controlled within broader ranges due to the

promoted diffusion kinetics in the preformed GNS layers.
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Abstract
Given an arbitrarily complicated object, it is often difficult to say immediately how it interacts with a specific illumination. Opti-

cally small objects, e.g., spheres, can often be modeled as electric dipoles, but which multipole moments are excited for larger parti-

cles possessing a much more complicated shape? The T-matrix answers this question, as it contains the entire information about

how an object interacts with any electromagnetic illumination. Moreover, a multitude of interesting properties can be derived from

the T-matrix such as the scattering cross section for a specific illumination and information about symmetries of the object. Here,

we present a method to calculate the T-matrix of an arbitrary object numerically, solely by illuminating it with multiple plane waves

and analyzing the scattered fields. Calculating these fields is readily done by widely available tools. The finite element method is

particularly advantageous, because it is fast and efficient. We demonstrate the T-matrix calculation at four examples of relevant

optical nanostructures currently at the focus of research interest. We show the advantages of the method to obtain useful informa-

tion, which is hard to access when relying solely on full wave solvers.
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Introduction
Recent advances in nanofabrication technology made the

creation of large volumes of particles with complicated geome-

tries possible [1-6]. The latter constitute the base for nanomate-

rials with advanced properties [7]. This also triggered the need

for efficient computational tools to back up experimental find-

ings with simulations that allow to understand the underlying

principles that cause the properties of the respective nanomate-

rials [8-10]. With current possibilities it is fairly straightfor-

ward to calculate the scattered fields of an arbitrary object illu-

minated with a plane wave or more complicated illumination

http://www.beilstein-journals.org/bjnano/about/openAccess.htm
mailto:martin.fruhnert@kit.edu
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scenarios. They all rely on the numerical solution of Maxwell’s

equations while considering a given distribution of material in

space. Examples for such numerical routines are finite element

solvers [11-13], finite-difference time-domain methods [14-16],

discrete dipole approximation [17,18], or similar tools. This

yields valuable information about the single structure. On the

other hand, there are efficient methods to calculate the scat-

tering of large clusters of spherical particles, for example the

extended Mie theory [19,20]. This consideration of many parti-

cles is the prerequisite to study the emergence of properties if

many of these particles are brought together to form artificial

nanomaterials.

The principles of these two distinct approaches can be

combined to the T-matrix method [21-23]. Using this method,

the T-matrix, which contains the information about how an iso-

lated object scatters the electromagnetic field, is calculated and

subsequently used in a multiple-scattering algorithm, similar to

the multi-Mie Method [20,24], to calculate the scattered fields

of a large cluster of arbitrary particles.

There are several analytical and semi-analytical ways to calcu-

late the T-matrix of simple particles with high symmetries

[21,25-27]. Here, we present a method to calculate the T-matrix

of an arbitrarily complex particle. Our approach only requires

the object to be illuminated in a sequence of simulations with

multiple plane waves. From these simulations the scattering

coefficients and, ultimately, the T-matrix, are deduced from the

scattered fields. These fields can be calculated with established

methods, such as the finite element method but, in general, any

other of the aforementioned methods can be considered as well.

The resulting T-matrix is then independent of the form and

direction of the external illumination. It only depends on the

material and geometry of the object. The scattering coefficients

that can then be calculated for any arbitrary illumination are

vital for the calculation of all further quantities, such as the scat-

tered fields and the scattering cross section for a specific illumi-

nation. The availability of the T-matrix simplifies particularly

the analysis of quantities that require the evaluation of the same

response of the object to a larger number of different illumina-

tion fields. A referential example therefore is the calculation of

the force map for a complicated illumination in space exerted

on the particle. There, the response of the same particle to the

field at each spatial location of the illumination needs to be

calculated. This can be a tedious task if every time a new full

wave solution to Maxwell’s equations is required. The situation

is much more simplified if the T-matrix of the object is known.

The coefficients can also be used to determine the strength of

the individual multipole contributions to the scattering for ex-

ample to check if the dipole approximation is applicable. This is

particularly useful in the context of the homogenization, i.e., the

assignment of effective material parameters to a medium. We

emphasize the fact that when only the optical response of a

given particle to a given illumination is needed, it does not

make much sense to calculate the T-matrix first, as it requires

the solution of multiple full-wave problems. However, when-

ever more complicated objects are of interest, or if the response

of a given structure to many different illuminations is needed,

as it is often required in the calculation of force and torque, it is

expected that the computation of the T-matrix pays off. Further-

more, as we will point out when we investigate the example

cases, the T-matrix itself is of scientific value, as it contains all

the information available concerning how an object interacts

with light.

In the following section we outline the multipole decomposi-

tion of the fields [28]. This is the theoretical basis for the

T-matrix calculation. The numerical calculation of the T-matrix

is demonstrated in the next section. Finally, we provide four nu-

merical examples in the form of interesting but simple objects

the T-matrix of which we calculate to demonstrate the useful-

ness of the method.

Multipole expansion of electromagnetic
fields
We want do decompose the fields produced by scattering off of

an illuminated object into contributions from different multi-

poles. We start by decomposing the total external fields sur-

rounding the object into incident and scattered fields

(1)

Note that this is always possible for theoretical considerations,

but experimentally a strict distinction is not possible. In the

following we largely skip the space and frequency dependency

of the fields for simplicity but these dependencies are always

assumed.

Then, the fields are expanded into vector spherical harmonic

functions

(2)

(3)
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with the normalization factor

(4)

Here, the index l represents the underlying function: l = 1,2 cor-

responds to spherical Bessel functions of first z(1) = jn and

second kind z(2) = yn, respectively, while l = 3,4 corresponds to

Hankel functions of first and second kind , respec-

tively [29,30]. The incident field has to be finite in the center of

the coordinate system. Thus, we have to take Bessel functions

and the expansion reads as

(5)

The scattered field needs to satisfy the outgoing Sommerfeld ra-

diation condition and is expanded with Hankel functions

(6)

Here, k is the wave number in the surrounding medium, which

is characterized by the permittivity ε(ω) and the permeability

μ(ω). The complex expansion coefficients anm(ω) and bnm(ω)

are called scattering coefficients and the coefficients pnm(ω) and

qnm(ω) are called incident coefficients. Together they contain

all relevant information about the interaction of the particle with

the given illumination. The physical meaning of the individual

terms is also straightforward. For example in the expansion of

the scattered field, the first term on the right hand side expresses

the field scattered due to the induced electric multipole

moments. The second term expresses the field scattered due to

the induced magnetic multipole moments.

In order to be able to perform numerical calculations, we need

to truncate the infinite sums in all expansions to a finite number

N. This number is the multipole order that we take into account,

N = 1 corresponding to dipoles, N = 2 to quadrupoles and so on.

Thus, by choosing the maximum order we want to consider, we

can strongly influence the computation time and final accuracy.

The scattering coefficients can be used to calculate the total

scattering cross section of the system

(7)

Here, η is a scaling factor, depending on the illumination. For a

plane wave we have η = 1/(k2|E0|2), where E0 is the amplitude

of the incident plane wave. In order to obtain more information,

e.g., about a resonance, we can modify the equation to calcu-

late the contributions of each multipolar order

(8)

where n′ is the multipolar index and cnm stands for anm if we

want to consider the electric part or bnm if we consider the mag-

netic part, respectively. For example the electric and magnetic

dipole contributions, which are usually the strongest contribu-

tions for electromagnetically small particles, read as

(9)

Thus, if we know the scattering coefficients of an object, we

know exactly how the different multipoles contribute to the

total scattering. That is particularly valuable if we want to

design a specific multipole resonance of a nanoparticle or if we

want to investigate a given resonance, e.g., from experimental

measurements.

T-matrix calculation
In the previous section we showed the decomposition of the

fields into scattering and incident coefficients. Now we intro-

duce a link between them that represents the interaction of the

object with the illumination: the T-matrix

(10)

Here a and b are concatenated vectors that contain the scat-

tering coefficients of the outgoing wave and p and q are

concatenated vectors containing the coefficients of the incident

field.

The T-matrix contains the entire near and far field information

on how a specific object interacts with any illumination. It

depends on the geometry and material composition of the struc-

ture in question. The T-matrix of a sphere is known analytically

as the Mie coefficients. They form the T-matrix if they are

ordered at the diagonal of the matrix. For arbitrary objects,

however, the T-matrix is generally dense and is typically

ordered in the following way
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(13)

(11)

where Tee describes coupling of electric incidence modes to

electric scattered modes, Tmm describes the magnetic coupling

and the other parts correspond to mixing of electric and magnet-

ic modes. These parts of the T-matrix can be ordered to show

the coupling between the multipolar modes

(12)

Then Tnn' is the part that represents the coupling of order n′ to

n. For a sphere, T11 would contain the first Mie coefficient a1

on the diagonal, T22 the second and so on.

Please note that the vector spherical harmonic functions

 and  in their presented form are normal-

ized to the unit sphere. Therefore, also the T-matrix is normal-

ized. In many cases it is crucial to use a normalized form of the

T-matrix, e.g., when applying rotations [23,31] or for com-

paring the absolute value of different entries.

To perform simulations and to analyze a given object we need

to calculate the T-matrix numerically. There are several estab-

lished methods to calculate it, the first being the extended

boundary condition method, originally introduced by Waterman

[21,32,33]. Here, only homogeneous and isotropic particles can

be considered and the method is quite time and resource

consuming. A similar, more advanced possibility is the point

matching method [34,35]. There, the coefficients of the inci-

dent, scattered and internal fields are related, but without the

expensive surface integrations needed for the extended bound-

ary condition method. Another established strategy to compute

the T-matrix of an arbitrary object is to excite it with pure

vector spherical harmonic functions to extract exactly one line

of the T-matrix per illumination [22]. There, the fields are

calculated with an integral equation solver. This method has the

advantage that the incident field can be expressed in an exact

way with a single incident coefficient. But the actual implemen-

tation of such an illumination with available tools is cumber-

some. Similar methods have been proposed to retrieve the

polarizability tensor of an object [36-39]. These techniques

provide valuable information with comparatively little effort,

but are restricted to dipolar objects.

Here, we propose a method that is easy to implement practi-

cally and, depending on the applied Maxwell solver, very effi-

cient. We illuminate the particle with several different plane

waves and extract the expansion coefficients by projecting the

scattered fields onto vector spherical harmonic functions. To get

the scattered field of the object for every plane wave, however,

we need an additional tool that solves Maxwell’s equations for

an arbitrary particle under plane wave illumination. Such tools

are widely available. We chose here the finite element solver

JCMsuite [12] because it is especially fast for the simulation of

several different illuminations of an object at the same frequen-

cy. But in general, any full-wave solver that provides the scat-

tered fields of an object could be used.

The scattering coefficients can be obtained from the scattered

fields by Equation 13 and similarly the incident coefficients by

Equation 14.

The fields are evaluated at a virtual sphere of fixed radius R that

completely encloses the object. Analytically, the chosen radius

has no influence on the result. Yet, in numerical realizations the

choice may effect the result due to the finite sampling. It is

advisable to use a small R, to keep the computational domain

small, without touching the actual object. Note that we need to

take the full details of the scattered field into account.

Now we get a set of  and corresponding  for each

illumination k. Then we can construct a system of equations to

calculate the numerical T-matrix TK from Equation 10
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(14)

(15)

which we invert to find the T-matrix. In order to get an invert-

ible system, we need to calculate the response from K illumina-

tions, where K is equal to or greater than the rank d of the

T-matrix. This rank depends on the multipole order N we want

to take into account

(16)

Using more illuminations is not strictly necessary, but will

improve the accuracy of the result, as we will see in the

following examples. The inversion of the rectangular matrix can

then be done for example with QR decomposition [40]. Note

that the resulting T-matrix is always a square matrix in our

formalism.

Results and Discussion
Single sphere
As a first check to prove that the method delivers correct

results, we investigate the most simple object: a single isolated

sphere. We have the correct analytical solution for a single

sphere available. The T-matrix has only the known Mie-coeffi-

cients on the diagonal and all other entries are zero.

Let us consider a single dielectric sphere with a radius of

100 nm and a relative permittivity of 16 in vacuum. The Mie-

coefficients of this sphere for the first two orders are non-negli-

gible at 600 THz. Such a high-permittivity sphere is nowadays

at the focus of interest since it sustains a notable electric and

magnetic dipole moment in the visible-light range.

To calculate the T-matrix numerically we illuminate the sphere

with the appropriate number of plane waves K. The wave

vectors are chosen, such that they are evenly distributed in all

directions. They can be considered as normal vectors of the sur-

face of an imaginary sphere. They are distributed with the same

nearest neighbor distance, as is shown in Figure 1. The polariza-

tion of the electric field is then chosen randomly for each wave.

Figure 1: Single sphere with multiple plane wave illuminations,
depicted with their wave vectors in green.

To check the convergence of our method we increase the

number of illuminations used to calculate the T-matrix. We

introduce

(17)

as a measure for the deviation of the T-matrix. Here, (i) repre-

sents an index that runs over all matrix components and TMie

the analytically known T-matrix. This quantity is visualized in

Figure 2 in a double logarithmic plot.

We clearly see that the coefficients can be reproduced with

sufficient precision. The deviation drops at first if we increase
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Figure 2: Convergence of the T-matrix calculation with the increase of
the number of plane wave illuminations. The minimum number of illu-
minations to solve for all the unknown entries of the T-matrix for the
multipole order N = 2 is 16. The error is shown for two different calcula-
tions, where the fine one has two times finer meshing.

the number of illuminations, then a plateau is reached. The

remaining deviation can be explained by numerical errors intro-

duced by the finite meshing of the sphere in the Maxwell solver

as can be seen by considering a second calculation with a finer

mesh.

Dimer
We now consider a slightly more complex object to further in-

vestigate the convergence of our method. The dimer, i.e., two

coupled spheres, is a suitable example, because we can calcu-

late the T-matrix semi-analytically as a reference. We get the

T-matrix of the single spheres directly from the Mie coeffi-

cients and construct the total T-matrix by translating the coeffi-

cients with addition theorems [41]. Please note that this solu-

tion is not completely accurate, because we truncate the infinite

sums at N. Additionally, we calculate the T-matrix from the

illumination with plane waves with a finite element solver, ac-

cording to Equaiton Equation 15 and compare the results.

The object we investigate consists of two strongly coupled

silver spheres with radius r = 30 nm and a center-to-center dis-

tance of d = 63 nm embedded in glass with ε = 2.25 [42]. We

take established experimental data for the dispersive permit-

tivity of silver [43]. Such objects can be fabricated in large

quantities by self assembly methods, e.g., by connecting com-

mercially available metal nanospheres with a linker molecule

[44].

We set N = 2, because the higher orders do not contribute

notably. For general objects we can construct a condition to find

the optimal multipole order. We perform the T-matrix calcula-

tion with increasing multipolar order and check the contribu-

tion of each order by summing the corresponding T-matrix

entries

If we reach an order that has only a negligible contribution

compared to the dominant ones, we stop the procedure.

As depicted in Figure 3, the scattering cross sections obtained

from the different T-matrix methods agree very well. We can

clearly identify three different resonances: a broad electric

dipole resonance at 680 THz, and two resonances with magnet-

ic dipole and electric quadrupole contributions at 620 and

710 THz, respectively. While the broad resonance is connected

to the eigenmode of the single sphere, the two sharper peaks can

be explained by a hybridization caused by the coupling of the

two spheres and coupling of higher order multipole modes, re-

spectively [42]. Here the multipole contributions are calculated

according to Equation 8.

We get additional insights by looking at the entries of the

T-matrix in Figure 4 at a discrete frequency. The way the

T-matrix is presented in that figure will be the same in all the

following figures showing the T-matrix. Note that the entries

are complex numbers and we always display the absolute

values. At first we notice that the dominant entries are con-

nected to the electric dipole  and, to a lesser extent, to the

magnetic dipole  and electric quadrupole components .

Additionally, we see the aforementioned cross coupling be-

tween magnetic dipole and electric quadrupole in the submatrix

 and all permutations. This cross coupling also became

evident in the scattering cross section.

Now, we investigate the behavior when we increase the num-

ber of illuminations K in the T-matrix calculation. We consider

the T-matrix with N = 4 at the frequency 600 THz, where

several multipole orders contribute to the total scattering. As a

reference, we take the calculation based on Mie coefficients. In

Figure 5 we can observe the expected behavior of the error, the

deviation goes down exponentially as we increase the number

of plane wave illuminations. So the more complicated structure

actually benefits from multiple additional illuminations. In

Figure 6 we see the T-matrix entries of two different numbers

of illuminations. We clearly see that the numerical noise, i.e.,

the parts of the matrix that should be zero, is going down signif-

icantly.

In conclusion, we can state that the presented method delivers

correct results and that it is highly beneficial to use a few illu-

minations more than absolutely necessary.
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Figure 3: Total scattering cross section (blue) of the dimer and the contributions of different multipoles. The solid lines correspond to the semi-analyti-
cal calculation based on the Mie coefficients of the spheres and the crosses correspond to the calculation with the FEM solver. We observe an excel-
lent visual agreement. The black vertical line shows the spectral position that is used for further calculations to show the T-matrix entries. 10 addition-
al plane wave illuminations were used for the numerical T-matrix calculation. On the left side we display the geometry and illumination direction of the
dimer setup. Note that this illumination is only relevant for this particular cross section calculation and the T-matrix is generally independent of the illu-
mination.

Figure 4: The left picture shows the general form of the T-matrix, as described in the previous section. For example  represents the electric
dipole coupling. In the following we always present the T-matrix in this way. On the right hand side we see the absolute values of the T-matrix entries
for the dimer on a logarithmic scale at 600 THz. This matrix was calculated semi-analytically with the Mie coefficients of the single spheres. The
numbers on the axis count the rows and columns, respectively.

Sandwich particle
Another interesting and in a sense similar object is the sand-

wich particle. It consists of two metallic disks, usually separat-

ed by a dielectric spacer layer. This particle is preferably

fabricated by top-down procedures, such as electron beam

lithography [5,45].

The investigated object has a disk radius of 60 nm, a disk height

of 30 nm and a gap thickness of 10 nm. The metal disks consist

of gold [43] and the spacer is made of SiO2 where we assumed

a constant permittivity of ε = 2.13 and the surrounding is

vacuum. Similarly to the dimer case, the two separated disks

support a magnetic dipole resonance at 336 THz, as can be seen

in Figure 7. Additionally, there is a strong and broad electric

dipole resonance at 520 THz that is, again, attributed to the

resonance of a single disk.

We can observe a magnetic resonance that is weaker than in the

case of the dimer, but the big advantage is that the peak is well

isolated from other resonances. Furthermore, we observe no

higher multipole-order contributions at all in the investigated

frequency region. This is particularly beneficial for homoge-

nization, because we can apply the Clausius–Mosotti relation,

which is only valid in dipole approximation. The different ge-
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Figure 6: T-matrix entries of the dimer, calculated with the presented method at 600 THz. For the sake of clarity we show only the parts connected to
the lowest two multipole contributions. On the left hand side we see the matrix with the minimum number of plane wave illuminations 48, on the right
hand side with 50 extra illuminations. The bottom row shows the absolute difference to the semi-analytic solution .

Figure 5: Convergence of the T-matrix calculation with the increase of
the number of plane wave illuminations. The minimum number of illu-
minations necessary to solve for all the unknown entries of the
T-matrix for the multipole order N = 4 is 48.

ometry makes it now possible to shift the electric and magnetic

dipole resonances almost independently, because we have more

parameters. The electric mode depends strongly on the radius of

the disks, while the magnetic mode can be shifted by changing

the thickness of the gold and spacer layers, respectively.

Again, we can get a deeper understanding of the response, by

looking at the T-matrix. Figure 8 shows the entries of the matrix

of the presented structure at the position of the magnetic reso-

nance, 336 THz. We notice a strong similarity to the previous

case of the dimer. This is because the object has almost exactly

the same geometrical symmetries. However, we also see some

notable differences. Firstly, the particle can be described in very

good approximation as a dipole, because the parts correspond-

ing to higher multipoles are negligible. Furthermore, the cross

coupling between the magnetic dipole and the electric quadru-

pole is significantly lower than in the previous case. This is the

cause of the well isolated magnetic resonance we saw in the

scattering cross section in Figure 7 in contrast to the mixed

magnetic dipole and electric quadrupole resonances of the

dimer.

Additionally, we can deduce the preferential orientation of the

induced multipoles from the pattern of the T-matrix. Let us in-

vestigate the electric dipolar part and call the entries
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Figure 7: Total scattering cross section (blue) of the sandwich particle and the contributions of different multipole orders. We observe an electric and
a magnetic dipole resonance. On the left side we display the geometry and illumination direction of the sandwich. Note that this illumination is only
relevant for this particular cross section calculation and the T-matrix is generally independent of the illumination.

Figure 8: T-matrix entries of the sandwich particle, calculated with the
presented method at 336 THz with 50 extra illuminations. See Figure 4
for a description of the submatrices.

(18)

Now  connects the incident coefficient p1j to the scattering

coefficient a1i. The same is true for all the other parts of the

T-matrix, with adjustments for the higher-order parts.

The entry  is special because it is connected to the z-axis.

The z-axis is distinguished in the definition of the vector spheri-

cal harmonic functions. This means that if this entry has a large

absolute value, the corresponding object will exhibit a strong

electric dipole in z-direction, . Conversely the dipole

moments in the x–y-plane are proportional to linear combina-

tions of entries with ±1 indices. This also translates directly

to the magnetic part of the T-matrix. Considering this, we

investigate again Figure 8. We see that the electric dipole is

almost isotropic. This becomes clear when we compare the

T-matrix to that of a sphere, as stated above, we would get

 =  =  in this completely isotropic case. The mag-

netic dipole, however, is much stronger in the x–y plane because

of the geometry of the investigated object with the gap. The

magnetic dipole moment is induced by antiparallel currents in

the metal disks. Please note that these considerations are com-

pletely independent of the illumination, because we investigate

the T-matrix directly.

Helix
Now we can utilize the biggest advantage of the proposed

method, namely that we can calculate the T-matrix of an arbi-

trarily complex object. To showcase this we compute the

T-matrix of a metal helix. In this case we can not make use of

inherent symmetries of the object a priori and have no analytic

solution available.

Calculating the T-matrix is particularly interesting for the

present object, because numerous electromagnetic properties

can be deduced from its entries, such as the duality conserva-

tion and electromagnetic chirality [46]. The helix was opti-

mized to express a strong electromagnetic chirality at a specific

frequency and, thus, shows a strong contrast in the scattering

cross section for two opposite circular polarized incident fields.

The major radius of the helix is 6.48 μm, the pitch is 8.52 μm,
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Figure 9: Right-handed metallic helix with two windings. Total scattering cross section for right-handed (solid) and left-handed (dotted) circular polari-
zation. The electric and magnetic dipole contributions are approximately equal. On the left side we display the geometry and illumination direction of
the helix.

the minor radius is 0.8 μm, and the helix is surrounded by

vacuum. The operating frequency of the system, i.e., the posi-

tion of the resonance is at 1.5 THz. As we see in Figure 9, there

is a strong difference in the scattering cross section if we illumi-

nate with right-handed or left-handed circularly polarized light.

For the following considerations it is beneficial to introduce

shortly the concept of duality symmetry. In free space,

Maxwell’s equations are invariant under the transformation [47]

(19)

where E is the electric field, H is the magnetic field, Z is the

impedance and θ is an arbitrary constant angle. The symmetry

that is corresponding to this transformation invariance is

duality. Helicity is defined as the product of the total angular

momentum J and the direction of the linear momentum of the

wave P/|P|[48]

(20)

It has the two eigenvalues 1 and −1, and the corresponding

eigenstates [49]

(21)

For example, a circularly polarized plane wave is a state of pure

helicity and it is preserved if duality symmetry applies.

Figure 10: T-matrix entries of the right handed helix, calculated with
the presented method at 1.5 THz with 10 extra illuminations. See
Figure 4 for a description of the submatrices.

We can see directly that the object is approximately dual at the

resonance frequency of 1.5 THz, because the magnetic and

electric dipole contributions are balanced and no higher multi-

pole contributions arise [50]. This means that the interaction of

the particle with the incident light does not change the helicity

of the incident waves.

Looking at the T-matrix entries in Figure 10 we see, like in the

previous cases, that the object can be described mainly by the

dipole contributions. The interesting aspect here is that the elec-

tric and magnetic dipoles have almost the same strength and are

both aligned along the z-axis at the same frequency. Further-

more the mixing of electric and magnetic dipole moments is

also very strong. This means that an electric dipole is induced
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Figure 11: T-matrix entries in the helicity basis (obtained by Equation 22) of a left-handed and a right-handed helix. We clearly observe that each
helix interacts primarily only with one helicity and that the mixing of different helicities is very low (  and ). The T-matrices are ordered, in prin-
ciple, in the same way as shown in Figure 4, but with helicity + and − states instead of e and m.

by a magnetic dipole excitation and vice versa. All these prop-

erties lead to the approximate duality symmetry of the object.

As stated above, we can calculate measures for the duality

breaking, electromagnetic chirality and the scattering cross

section contrast for general plane wave illuminations from the

T-matrix entries. This is done by transforming the T-matrix

from its current form to the helicity basis

(22)

The submatrices represent now the coupling of the helicity +

and − states. In Figure 11 the entries of the transformed matrix

are depicted for a left-handed and a right-handed helix. We can

clearly distinguish the two cases, because each helix interacts

mainly only with one helicity. The left handed helix interacts

with helicity − ( ) states and the right handed interacts

with helicity + ( ).

To further analyze the T-matrix of the object we can perform a

singular value decomposition (svd) of the submatrices [46]. The

values are ordered to get the vectors

and

from which we calculate the quantities that are related to

helicity

(23)

Here,  is the duality breaking, C can be interpreted as the

averaged total scattering cross section independent of a specific

illumination, Δ is the cross section contrast for different circu-

lar polarizations, and χ is a measure for the electromagnetic

chirality [46]. The values for the chosen helix are shown in

Figure 12.
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Figure 12: Duality breaking, electromagnetic chirality and cross
section contrast of the left-handed helix.

We clearly see the anticipated minimum in the duality breaking.

This means that the helix is approximately dual at the reso-

nance frequency. Simultaneously the chirality reaches a

maximum of 0.9, which means that the object responds differ-

ently to the two opposite polarizations of illuminating radiation.

This is also evident from the strong cross section contrast.

The presented quantities, and possibly others, are only acces-

sible because we calculated the T-matrix of the object. This

information makes it also possible to optimize such objects

numerically to achieve the desired behavior.

Conclusion
We demonstrated an algorithm to calculate the T-matrix of an

arbitrary object. We showcased numerical examples by calcu-

lating the T-matrix of four objects. Especially the calculation of

the silver helix demonstrates the strength of the approach. We

investigated properties that are usually not available with estab-

lished full wave solvers.

The T-matrix is calculated with the help of widely available and

well established tools to calculate the scattered fields upon

plane wave illumination. The T-matrix contains the electromag-

netic scattering information independently of the illumination.

By investigating the matrix, we get valuable information about

the multipolar composition of the scattering cross section and

electromagnetic chirality. This is extremely useful for under-

standing the nature of a given response.

Furthermore, the T-matrix can be used in an extended multiscat-

tering formalism to calculate the response of a whole cluster of

objects efficiently. This will speed up calculations by a consid-

erable amount.
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Abstract
Nanoporous poly(2-hydroxyethyl methacrylate-co-ethylene dimethacrylate) (HEMA-EDMA) is used as a 3D mesh for spotting

lipid arrays. Its porous structure is an ideal matrix for lipid ink to infiltrate, resulting in higher fluorescent signal intensity as com-

pared to similar arrays on strictly 2D substrates like glass. The embedded lipid arrays show high stability against washing steps,

while still being accessible for protein and antibody binding. To characterize binding to polymer-embedded lipids we have applied

Streptavidin as well as biologically important biotinylated androgen receptor binding onto 1,2-dipalmitoyl-sn-glycero-3-phospho-

ethanolamine-N-(cap biotinyl) (Biotinyl Cap PE) and anti-DNP IgE recognition of 2,4-dinitrophenyl[1,2-dipalmitoyl-sn-glycero-3-

phosphoethanolamine-N-[6-[(2,4-dinitrophenyl)amino]hexanoyl] (DNP)] antigen. This approach adds lipid arrays to the range of

HEMA polymer applications and makes this solid substrate a very attractive platform for a variety of bio-applications.

715

Introduction
Starting with the creation of high density peptide microarrays in

the 1990s [1] the development of arrays with DNA molecules

and antibodies has produced a range of platforms for functional

determination studies of molecules [2-4]. Nowadays, commer-

cially available micro- and nanoarrays in a variety of design are

readily available. Lipid arrays, however, are a comparably
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novel platform and still not as well-developed. Studies using

lipid micro-/nanoarrays are often hampered due to the lack of

widely available technologies for lipid deposition [5] and the

detection of lipid–protein interactions [6]. Increased biological

importance of lipid arrays, demonstrated by the growing num-

ber of studies on autoimmune diseases such as multiple scle-

rosis [7,8], emphasizes the need for sustained progress in this

field.

The work presented here demonstrates the potential of

nanoporous poly(2-hydroxyethyl methacrylate-co-ethylene

dimethacrylate) (HEMA-EDMA) as a novel advantageous sub-

strate for lipid arrays. Porous HEMA support, with pore size

distribution in the range of 150 nm , has already demonstrated

advantages in pattern definition, spot homogeneity, and consis-

tent spot dimensions for different dye sensors (phloxine B and

bromophenol blue) spotted in ethanol based inks [9]. In the

present approach, the pores of the HEMA-EDMA support act as

a mesh that contains lipid ink in a confined space, providing

high pattern definition, and presenting more binding sites than

would be available on a flat substrate [10]. The main phospho-

lipid component in our ink mixture is 1,2-dioleoyl-sn-glycero-3-

phosphocholine (DOPC, Tm = −16.5 °C) which allowed for the

control of ink fluidity under humidity controlled conditions

[11,12]. Using quill-like pens (SPTs, short for surface pattern-

ing tool [13]) for lipid ink deposition permitted the reduction of

the volume of phospholipids needed for array generation, as

compared to other spotting techniques like ink jet printing,

without decrease in the quality of the array or reduction of

binding sites for analyte molecules. On the contrary, higher

resolutions and smaller feature sizes are obtained with the SPTs

in comparison with common ink jet procedures. We previously

demonstrated the use of SPTs for the deposition of water-based

click-chemistry inks [10,14,15] where CuAAC mediated cova-

lent immobilization of ink molecules and embedment’s within

the polymer mesh makes the pattern highly stable in solution

[10]. To determine if lipids deposited on nanoporous HEMA-

EDMA polymer could be used to generate functional arrays we

selected lipid–protein pairs applied in previous settings: Biotin-

Cap-PE and streptavidin labeled with Cy3 dye (STV-Cy3) as a

simple protein model; and DNP-cap-PE with anti-DNP IgE as a

model for allergen/antibody recognition. These interactions are

well-characterized for biomimetic lipid membranes on flat

supports [16,17] and there, interactions occur without any

special requirements, like pretreatment with co-activating mole-

cules. For a more complex protein, the lipid/HEMA-EDMA

substrate system was also characterized for the binding proper-

ties of biotinylated androgen receptor (ARbiot) [18] onto Biotin-

cap-PE arrays in the presence of a hormone. We have chosen

AR as a test protein because of its biological importance: the

transcriptional activity of this steroid receptor is crucial not only

for the normal development of the prostate in males, but it is

also vital in the progression of prostate cancer [19]. AR contrib-

utes to breast cancer progression and development [20] and its

mutation is involved in the progression of neurodegenerative

diseases, such as the X-linked spinal and bulbar muscular

atrophy [21]. In order to better understand and characterize the

behavior and mechanism of action of this receptor new ap-

proaches are needed to facilitate studies with AR. Embedding

AR in a lipid layer within HEMA-EDMA mesh might facilitate

studies relying not only on fluorescence microscopy techniques

but also on spectroscopy, to evaluate coactivators, co-chaper-

ones [22] and even novel antiandrogens affinity to the receptor

[6] and effects on the receptor’s poly Q-extended mutations

[23].

Results and Discussion
Microchannel cantilever spotting (µCS) with
phospholipids
In order to establish best conditions for microchannel cantile-

ver spotting (µCS) of phospholipids with the SPTs, we used

simple phospholipid ink composed of DOPC [1,2-dioleoyl-sn-

glycero-3-phosphocholine] doped with Rhodamine-PE [1,2-

dioleoyl-sn-glycero-3-phosphoethanolamine-N-(lissamine

rhodamine B sulfonyl) (ammonium salt)]. The ink was pre-

pared by mixing DOPC and Rhodamine-PE to achieve 1 µM

lipid content in chloroform with 1 mol % fluorescent dye

admixture. The chloroform was evaporated and lipids were

reconstituted with an ethanol and glycerol mixture in 7:3 v/v

ratio. The ink was loaded onto a freshly oxygen plasma acti-

vated SPT and directly used for spotting. When varying the

contact time between SPT and substrate (dwell time), different

feature sizes can be obtained (Figure 1). The diameter of the

spotted features varies from 6 +/− 0.3 µm to 4 +/− 0.2 µm for

dwell times from 3 to 0.1 s. Interestingly, not only feature size,

but also fluorescence intensity varies with dwell time

(Figure 1b). This can be explained by the 3D nature of the fea-

tures as they are actually embedded in the porous HEMA-

EDMA substrate [10]. While on a flat glass substrate, features

can only grow into 2D with dwell time, while in the present

case features will also grow into the depth of the HEMA-

EDMA film, resulting in brighter fluorescence as the ink below

the feature surface also contributes to the signal.

Protein and antibody binding onto lipid arrays
The selective binding of proteins to the lipid arrays on HEMA

polymer was first tested using fluorophore labelled streptavidin

(STV-FITC) for the coupling with biotin headgroups. Biotin

lipid arrays were prepared by admixing 4 mol % biotin lipid

(1,2-dipalmitoyl-sn-glycero-3-phosphoethanolamine-N-(cap

biotinyl)) into the DOPC carrier. It was shown previously [24],

that this percentage admixture of biotin saturates the number of
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Figure 1: Phospholipid array on nanoporous HEMA-EDMA polymer. a) Phospholipid microcontact spotting on porous HEMA-EDMA with microchan-
nel cantilevers imaged in situ on the lithography system. b) Fluorescence microscopy image of the DOPC phospholipid array doped with Rhodamine-
PE (dwell times 3 to 0.1 s). The arrow indicates the intensity profile of dot features presented on the superimposed graph. Scale bar equals 50 µm.
c) Relationship between spot radius and dwell time for the microarray shown in (b).

Figure 2: a) Fluorescence image of the STV-FITC binding Biotin-PE containing arrays on the nanoporous HEMA-EDMA substrate. DOPC doped with
Rhodamine PE (red) was patterned around biotin array for optical reference with dwell time set to 1 s. Spotting dwell time for Biotin-PE containing
arrays was set to 2 s. Scale bar equals 50 µm. b) The graph shows the fluorescence intensity after background subtraction of dots indicated by an
arrow.

available biotin headgroups for protein binding [24]. After spot-

ting, the arrays were blocked with 10% bovine serum albumin

(BSA) to reduce unspecific binding of the protein to the

polymer. Next, samples were washed and incubated for 1 h with

0.5 µg solution of STV-FITC in phosphate buffered saline

(PBS). The observed STV-FITC fluorescence is homogenous

over the whole arrays, indicating an even distribution of biotin

headgroups embedded in the nanoporous HEMA-EDMA

(Figure 2).

To assess the accessibility of lipid based allergen arrays on

nanoporous HEM-EDMA A substrates to antibodies, we em-

ployed the established lipid/antibody pair DNP-cap-PE and

anti-DNP IgE antibody. Previously, DNP-lipid recognition by a

specific antibody was tested on glass supports [17], while on

HEMA-EDMA polymer antibody binding was tested on cova-

lently bound DNP-azide ink [10]. Here, allergen arrays were

prepared by using 10 mol % admixture of DNP-cap-PE into

DOPC lipid. As an optical reference DOPC doped with

rhodamine was patterned in-between DNP-lipid structures

(Figure 3a). After blocking with 10% BSA and subsequent

washing, samples were incubated with anti-DNP IgE antibody

labelled with Alexa 488 dye for direct visualization. Plotting of

the mean fluorescence intensity against dwell time (Figure 3b)

indicates a slight dependence of fluorescence intensity on dwell

time (suggesting the infiltrated nature of the features as ex-

plained above). Though the difference between 2 s, 1 s and 0.5 s

dwell time is not as strongly pronounced as in the case of the
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Figure 3: a) Fluorescence microscopy image of an anti-DNP IgE-Alexa 488 antibody (green) bound to an array of DNP-lipids on nanoporous HEMA-
EDMA substrate. DOPC doped with Rhodamine-PE was patterned on the same sample as optical reference (red) with dwell time set to 1 s. Scale bar
equals 50 µm. b) Fluorescence intensity of n = 5 dots features per dwell time of DNP-array (after background subtraction) presented in a) after binding
the anti-DNP IgE-Alexa 488 antibody.

DOPC ink (Figure 1b), this dependency overall suggests that

the antibody can access binding sites within the HEMA-EDMA

substrate.

To test the binding of a more complex, functional protein on the

HEMA-EDMA based lipid arrays, we chose ARbiot. Binding of

ARbiot to the HEMA-EDMA membrane was performed in the

presence of dihydrotestosterone hormone (DHT). The hormone

addition is needed to assure receptor stability as the AR is

known to be very unstable as an aporeceptor [25]. Firstly, biotin

carrying arrays for ARbiot binding were prepared as described in

the previous section with an admixing of 4 mol % biotin lipid

into DOPC carrier. Next, after blocking with 10% BSA and

binding of fluorescently labeled STV-Cy3, arrays were washed

with PBS and blocked again with 10% BSA to prepare mem-

branes for ARbiot binding. The coating of arrays with labeled

STV allowed for direct visualization of the biotin arrays. In the

last washing step after blocking with BSA dihydrotestosterone

(DHT, 10−4 M) was added to the buffer in order to prepare the

array for the binding of ARbiot onto the STV-Cy3–biotin arrays

[25]. Next, freshly purified ARbiot was loaded onto the sample

surface. After overnight incubation at 4 °C, arrays were washed

with PBS containing 10−4 DHT to maintain the AR stability.

Binding of ARbiot was detected via indirect immunofluores-

cence. First samples were blocked with fetal calf serum (FCS)

for 1 h at room temperature (RT), then washed with PBS con-

taining 10−4 DHT and loaded for 1 h with anti-AR antibody.

After another washing step, the sample was incubated with a

secondary antibody labeled with FITC, for 15 min, washed with

PBS containing 10−4 DHT and imaged with fluorescence

microscope. Figure 4 shows biotin arrays after binding of STV-

Cy3 (Texas Red channel) and ARbiot, detected with indirect

immunofluorescence (FITC channel). Binding of STV-Cy3

served as an optical reference to easily localize the lipid arrays

on the sample. Fluorescence signal after antibody binding on

ARbiot coated arrays is homogenous, indicating an even distri-

bution of the receptor bound to STV-biotin arrays embedded in

the HEMA-EDMA (Figure 4, graph).

Conclusion
We present a novel platform for binding studies of functional

molecules based on lipid arrays embedded in a nanoporous

hydrophilic polymer substrate. The microcontact spotting ap-

proach used to pattern the functional lipid inks into arrays

allows for the multiplexing of different inks into single arrays

within the polymer mesh. Spotting with SPT probes on HEMA-

EDMA polymer increases the spatial resolution of lipid pattern

as compared to conventional spotting/ink jet printing on 3D

substrates, such as PVDF or nitrocellulose membranes, from

50–300 µm in current commercial setups [26,27] to the

presented average 6 µm features by µCS. The 3D nature of the

spotted features (enabled by the infiltration of the ink into the

nanoporous polymer) results in a higher signal intensity com-

pared to similar arrays on strictly 2D substrates as glass [9,10].

As of now it is still unknown, just like in case of lipids spotted

on PVDF membranes [7], how the polymer mesh accommo-

dates lipid geometry and packaging, and how it affects the

accessibility of the target lipid regions for the binding of pro-

teins and antibodies. However, the infiltrated lipid arrays show

high stability against washing steps, while still being accessible

for protein and antibody binding. Even complex receptor pro-
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Figure 4: Fluorescence microscopy images of ARbiot binding onto STV-Cy3 coated biotin arrays on nanoporous HEMA-EDMA substrate. The STV-
Cy3 was pre-bound onto biotin lipid spots (red), ARbiot was detected by immunostaining (green). Scale bars equal 50 µm. All arrays were spotted with
a dwell time of 2 s. The graph presents intensity profiles of n = 9 dot features of two arrays, after STV-Cy3 (red points) and ARbiot binding (green
points) (after background subtraction).

tein structures of ARbiot remain intact upon binding to the lipid

arrays and are still accessible for the indirect immunofluores-

cence detection. The described model system and its demon-

strated feasibility exhibit a high potential for follow-up studies.

Even though the model is still very simplified, its ability to

reduce the complexity of interactions for the study of specific

aspects of AR function in protein complexes has been demon-

strated. This setup may allow for the investigation of differ-

ences between various protein complexes isolated from patho-

logical samples from mice models and patient samples. Anti-

body based detection approaches could be suitable to analyze

the levels of AR proteins bound onto the lipid arrays. The de-

scribed model system would thereby have a significant impact

on the therapeutic treatment for breast and prostate cancer

patients.

Keeping in mind previous applications of HEMA polymer in

creating superhydrophilic–superhydrophobic micropatterned

surfaces for cell patterning [28] and cell-screening applications

[29,30], the addition of lipid arraying to the portfolio of HEMA

polymer applications emphasizes the use of this solid substrate

as a very attractive platform for a variety of biomedical applica-

tions. The combination of microfluidic settings and phospho-

lipid arrays on solid supports like HEMA polymer may also

prove fruitful for a multitude of sensing applications.

Experimental
Substrate preparation
Fabrication of alkyne HEMA-EDMA polymer film was de-

scribed in our previous work [9,10]. Briefly, a 12.5 µm thin,

hydrophilic porous polymer film was firstly prepared on a glass

substrate by using photoinitiated copolymerization of

2-hydroxyethyl methacrylate and ethylene dimethacrylate in the

presence of porogens (1-decanol and cyclohexanol) [29]. This

procedure leads to the formation of a thin film of a highly cross-

linked and porous (due to the presence of porogens) hydro-
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philic polymethacrylate layer. The porous structure is a perme-

able network of interconnected polymer nanoglobules with

pores of around 150 nm.

Microcontact spotting
The patterning of lipid arrays was performed on a NLP 2000

system (NanoInk, USA) with oxygen plasma activated

(0.2 mbar O2, 2 min) SPT probes (SPT-S-C10S, BioForce

Nanosciences, USA). All lipids were purchased from Avanti

Polar Lipids. Ink mixtures were prepared by admixing various

lipids to DOPC carrier lipid: DOPC (20 mg/mL) and

Rhodamine-PE (1 mg/mL) or Biotin-PE (1 mg/mL) or DNP-

cap-PE (10 mg/mL) were used to prepare a 1 µM total lipid

content ink mixture, sonicated together, air dried to remove the

chloroform solvent and reconstituted with ethanol and glycerol

(87%) in a 7:3 v/v ratio. Glycerol was added to prevent the

premature drying of the ink on the SPT. Probes were filled with

0.5 µL ink, mounted onto the probe holder and used directly for

spotting on unmodified poly(2-hydroxyethyl methacrylate-co-

ethylene dimethacrylate) support (HEMA). Spotting was per-

formed at 55–65% relative humidity. All patterning procedures

were carried out with the sample stage tilted by 8° with respect

to the SPT tip to minimize the probability of a contact between

the ink reservoir and the sample surface. For all patterns, except

the ones used for spot size versus dwell time analysis, a dwell

time of 2 s was used for target patterns and 1 s for optical refer-

ence patterns.

Protein binding
Streptavidin-FITC (Streptavidin, Fluorescein Conjugate) was

purchased from Calbiochem and Streptavidin-Cy3 (recombi-

nant from Streptomyces avidinii, Cy3 labelled) was purchased

from Sigma. Prior to protein binding on biotin lipid arrays, sam-

ples were blocked in 10% BSA (Sigma-Aldrich) solution in

PBS (Gibco) for 20 min at room temperature. After washing

with PBS, 0.5 µg solution of STV-Cy3 in PBS was incubated

for 30 min on the substrate. Samples were typically washed

with 100 µL PBS 3× and imaged under fluorescence micro-

scope (Nikon Instruments Inc.).

ARbiot purification and binding was done as follows: Sf9 [23]

cells were cultured with continuous shaking at 110 rpm at a

density of 109 and a temperature of 27 °C in SF900 II medium

(Invitrogen) supplemented with 5% fetal calf serum (FCS). One

day prior to infection the medium was changed to serum-free

SF900 II medium. Cells were infected with baculovirus stocks

typically at MOIs of 5–7. 72 h post-infection cells were treated

with DHT (10−4 M) for 3 h. The infected SF9 cells were lysed

on ice in lysis buffer (20 mM HEPES pH 7.4, 400 mM NaCl,

1 mM β-mercaptoethanol, 1 mM ZnCl2, 1 mM PMSF, 1 mM

Na2V03, 10 μL protease inhibitor cocktail (Roche Mannheim,

Germany) per mL) with 10−4 M DHT and an equivalent amount

of ethanol in a control purification. The lysates were then

centrifuged for 10 min at 14,000g at 4 °C. Isolation of the

biotin-tagged AR samples was performed on a streptavidin–

mutein-matrix (Roche Mannheim, Germany) according to the

manufacturer's instructions at 4 °C [18]. Freshly purified pro-

tein was quantified for total protein content. The concentration

of the protein was measured at 280 nm by using the specific

program 1 A/cm = 1 mg from the spectrophotometer Nanodrop

Lite (Thermo Scientific) in duplicate and with a solution of

elution buffer (10−4 DHT) as the blank. After blocking the sam-

ple surface with 10% BSA solution in PBS for 30 min at RT,

samples were incubated with 0.5 µg solution of STV or STV-

Cy3 in PBS for 30 min at room temperature. Next, samples

were washed 2× with 100 µL PBS, and a final washing step was

carried out with PBS containing 10−4 DHT. Then, 200 µL of

freshly purified ARbiot (0.45 µg/µL) was loaded onto the sam-

ple. Samples were incubated over night at 4 °C for optimal pro-

tein binding. Samples were then washed 3 times with 100 µL

PBS containing 10−4 M DHT and blocked again with 100 µL

fetal bovine serum for 1 h at RT. Thereafter, samples were

washed again 3 times with 100 µL PBS containing 10−4 M

DHT and incubated with 100 µL primary anti-AR antibody (AR

F39.4.1 from Santa Cruz Biotechnology, INC., sc-52309, 1:200

in PBS containing 10−4 M DHT) for 1–2 h at room temperature.

Next, the samples were washed 3 times with 100 μL PBS con-

taining 10−4 M DHT and incubated for 15 min. with 100 μL of

the secondary antibody (Goat anti-Mouse IgG (H+L) Second-

ary Antibody, Alexa Fluor 488, ThermoFisher, A-11001,

diluted in a ratio of 0.5:400 onto PBS containing 10−4 M DHT).

Finally, the membranes were washed 3 times with PBS

containig 10−4 DHT and imaged under upright fluorescence

microscope (Nikon Instruments Inc.).

Antibody binding
DNP-lipid arrays were blocked with 10% BSA in PBS for

30 min at room temperature. After washing 3 times with PBS,

200 µL of 5 µg/mL of anti-DNP IgE-Alexa 488 antibody in

PBS was applied. After 1 h incubation, samples were washed

3 times in PBS and imaged under fluorescence microscope

(Nikon Instruments Inc.).

Fluorescence microscopy and quantification
of signal
Fluorescence microscopy was carried out on an Eclipse 80i

upright microscope (Nikon Instruments Inc.). Fluorescence

images were taken with 10× or 20× objectives. Images were re-

corded with a CoolSNAP HQ2 camera (Photometrics). Patterns

were aligned for imaging by using alignment markers scratched

onto the polymer surface. The bleaching of fluorophores was

minimized (especially for quantitative measurements) by first



Beilstein J. Nanotechnol. 2017, 8, 715–722.

721

focusing on the alignment mark before exposing the patterned

area to light, and the lamp intensity was kept at a minimum.

Fluorescence intensity profiles were generated by using NIS-

AR software installed on the microscope PC (Nikon Instru-

ments Inc.). For measurements the patterned areas of interest

were marked, and fluorescence intensity was automatically re-

corded. Mean fluorescence intensity after background extrac-

tion was calculated using the onboard NIS-AR software as pre-

viously described in [17].
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