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Abstract
Highly ordered porous coatings find applications in many fields, such as nanotechnology, microfluidics and nanofluidics, membrane separation, and sensing. In recent years, there has been great interest regarding the synthesis of isoporous and well-ordered
(in)organic coatings for the production of highly selective functional membranes. Among the different strategies that have been proposed to date for preparing these porous thin coatings, one simple route involves the use of self-assembled amphiphilic block
copolymers either as the porogen (acting as sacrificial templating agents for the production of inorganic architectures) or as a source
of the porogen (by self-assembly for the production of polymeric substrates). Therefore, an extended discussion around the
exploitation of block copolymers is proposed here in this review, using polystyrene-block-polyethylene oxide (PS-b-PEO) as the
model substrate, and critical points are highlighted.

Review
Introduction
Porous materials have received much attention because they can
be successfully applied in many fields, such as nanotechnology,
membrane separation, microfluidics and nanofluidics, sensing,
catalysis, and biomedicine [1-5]. The manufacture of wellordered devices at the nanometer level requires detailed control
in terms of structural organization, thus introducing the concept
of “matter manipulation” at the nanometer scale [6,7]. Accord-

ing to the literature, several methods have been proposed for the
production of highly ordered porous nanostructured materials
and/or coatings, which can be classified into one of the two
classical routes: the bottom-up or the top-down approach
[8-10]. In particular, a “top-down” approach relies on the
exploitation of externally controlled parameters to build up a
nanostructured architecture starting from larger dimensions
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[11]. Conversely, a “bottom-up” approach involves the growth
of (sub)nanometer components (i.e., colloids, (macro)molecules, or even atoms) to produce complex nanoarchitectures
[12].
The fabrication of well-ordered nanostructured materials has
developed considerably in recent years, thus becoming an
immensely attractive (and multidisciplinary) field of research
[13-20]. In particular, nanoscopic-ordered porous architectures
in the form of thin films have received great attention in the
field of membrane science and micro/nanofluidics, due to the
high selectivity introduced without the loss of the mechanical
properties (provided by the macroporous substrate) [21-25].
Interestingly, devices based on this technology have found commercial application in separation processes involving complex
matrices, such as in the clarification of beverages (i.e., milk,
beer, and juices) [26], or in the selective removal of bacteria in
blood [27].
Porous polymeric coatings possess the advantages of high surface area materials with a well-defined porosity [28,29], easy
processability (i.e., to form molded monoliths or thin films)
[30-32], and the possibility of using different synthetic routes to
facilitate the incorporation of multiple chemical functionalities
into the porous framework or at the pore surface [33]. The selfassembly of block copolymers is an exceptional strategy for inducing well-ordered and regular porosity in polymers [6,32].
Block copolymers (BCs) are macromolecules consisting of two
(or more) immiscible homopolymer chains covalently linked
together. Mesoscale nanostructures can be obtained due to the
thermodynamic incompatibility of the blocks, which induce
microphase separation via self-assembly, in order to minimize
the contact energy between the incompatible segments forming
the BCs [34]. BCs can have two different roles in the preparation of nanostructured porous materials: either as templating
agents [4,6,35] or as origin of the porous framework (exploiting
their self-assembly capability) [36,37]. In particular, by varying
the block copolymer parameters (mostly, molecular weight, and
the different blocks volume fraction) and the formulation (i.e.,
solvent(s) volume), it is possible to modulate the surface layer
organization at the level of a few tens of nanometers.
The following paragraphs describe how well-ordered (in)organic porous coatings and membranes are obtained due to the
action of BCs either as templating agents or as the source of the
porogen by self-assembly. In order to guide researchers in the
field of highly organized porous coatings, a detailed discussion
of both approaches is presented here. In this context, different
BCs are available on the market (or are eventually synthesizable), opening an infinite number of possibilities. Some properties belong to BCs (considered as a general category), whereas

others are strictly correlated to the blocks forming the polymeric chains (e.g., residual functionalities, reactivity). Since the
scientific literature describing the properties of BCs is
extremely vast, this review will only consider (and analyze in
detail) the works and the technical discussion relevant for this
review. Moreover, for simplicity, only the scientific literature
describing polystyrene-block-polyethylene oxide (PS-b-PEO)
systems is here considered, since the knowledge gained from
the PS-b-PEO systems can be more generally applied (and
mostly valid for the other subfamilies of BCs). Additionally,
among the different BCs, PS-b-PEO systems are very attractive
due to the presence of some particular functionalities forming
the two blocks (namely, the hydroxy end groups from the PEO
moieties), which make this class of BCs exploitable for further
functionalization reactions [38].
Therefore, with the aim of highlighting the peculiar properties
of BCs, PS-b-PEO systems are critically discussed in this
review, with a particular emphasis on their capability of
growing well-ordered nanostructured porous architectures and
coatings, exploitable for designing smart membranes and other
devices for next future advanced applications.

Block copolymer self-assembly: theory and
application
The self-assembly of BCs represents an exceptional strategy for
inducing well-ordered and regular porosity in polymeric structures. As already mentioned in the Introduction, BCs are macromolecules made of two (or more) blocks (i.e., series of monomeric units) of homopolymer chains, thermodynamically
incompatible, linked together by covalent bonds. According to
the self-consistent mean field (or SCMF) theory [39], it is
possible to predict the nanoscopic domain structure (i.e., spherical, cylindrical, double gyroid, and lamellar) for an AB diblock
copolymer (as reported in Figure 1A) [40-42]. As indicated in
Figure 1B, by increasing the volume fraction, f, of one of the
blocks, the microdomain arrangement changed from closely
packed spheres (CPSs), to body centered cubic spheres (Q229),
to hexagonally packed cylinders (H), to bicontinuous gyroid
(Q230, which becomes unstable at high values of segregation
power χN) and lamellae (L).
The principal driving factors governing the self-assembly of BC
melts is the immiscibility of the two blocks (quantified by the
Flory–Huggins interaction parameter χ) that drives the system
to segregate as the temperature decreases (inversely proportional), giving an order–disorder transition at a certain value of
χN [43]. In detail, the Flory–Huggins model relies on the thermodynamics of polymer solutions by considering the Gibbs free
energy for mixing polymer with solvents. According to the
Flory–Huggins theory, to calculate the Flory–Huggins interac-
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Figure 1: a) Phase diagram of diblock copolymer predicted by SCMF theory. Reprinted with permission from [41], copyright 2006 American Chemical
Society. b) Various microdomain organization patterns of a linear AB diblock copolymers. Reprinted with permission from [42], copyright 2014 The
Royal Society of Chemistry. f: volume fraction of one block; χ: Flory–Huggins interaction parameter; N: degree of polymerization; L: lamellae;
H: hexagonally packed cylinders; Q230: double-gyroid phase; Q229: body centered spheres; CPS: closed-packed spheres; and DIS: disordered.

tion parameter, it must be considered that, in a binary system,
both polymer and solvent are randomly distributed in the
volume, and the heat of mixing is proportional to the volume
fraction of polymer segments in the volume. Hence, the free
energy minimization during microphase separation favors the
formation of various thermodynamically stable structures on the
nanometer length scale [44]. However, microphase separation
can also be influenced by the presence of a more complex
formulation due to the addition of a lower molecular weight
component (such as additives and homopolymers) as well as a
block-selective solvent [43,45].
Table 1 reports a survey of the principal BCs used for obtaining
ordered porous architectures [45-79]. In general, all microdomain arrangements predicted by the SCMF theory, except
CPSs, have been experimentally verified for many different
BCs. The CPS phase, which is located between the disordered
state (DIS) and Q229 phase, has not been observed experimentally for neat BCs formulations, but it has been verified for
several BCs/solvent mixtures [49,80] and/or BCs/homopolymer formulations [81,82]. The microdomain arrangement is
affected by heating, since BCs can exhibit phase mixing upon
heating, due to the increase in the translational (or combinatorial) entropy and subsequent decrease of the phases interaction
area. It can also exhibit phase separation as a result of the thermal expansion coefficients and/or directional enthalpy (or
entropy) changes, as shown in [83]. Furthermore, crystallinity is
also an important parameter that can influence the domain ori-

entation. As reported by Register and co-workers [84], there are
three different levels of orientation: i) the orientation of the
polymer chains within the lamella crystals, ii) the orientation of
the lamella crystals within the domain structure of the block
copolymer, and iii) the domain structure itself. Additionally, it
is also possible to rationalize the crystallization behavior in BCs
considering the degree of miscibility of the components. This
suggests that the microphase separation morphology is also
affected by the composition of the blocks forming the BCs.
Semicrystalline BCs give two different crystallization modes:
break-out crystallization and confined crystallization (the last
one typical when the crystalline block is the minor component);
for a detailed discussion, please refer to [85]. In this context,
BCs containing crystalline blocks (such as PE and PEO
domains) show two different chain-folding orientations that
give different domain-structure orientation: perpendicular
folding, whose domains are perpendicularly oriented with
respect to the lamellar layer, and parallel folding, with domains
parallel with respect to the lamellar layer [86]. Perpendicular
folding occurs when a low molecular weight BC crystallizes
from a disordered phase (or from a poorly segregated phase).
With increasing molecular weight, the interfacial area per block
junction increases, inducing parallel folding (the most thermodynamically stable form) [87]. The removal of the sacrificial
component (SC) to obtain the final polymeric porous material
can be performed using various etching procedures, such as
plasma oxidization [53], electron beam curing, as well as laser
and/or selective decomposition (as reported in Table 1).
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Table 1: Block copolymers (BCs), sacrificial components (SC), and the microstructures of the porous polymeric architectures.

BCsa

SC

etching conditions

microstructure

ref.

1,2-PB-b-PDMS
P2VP-b-PI, PI h.
P3DDT-b-PLA
(P3HT-NH3+)-b-(PS-SO3−)
PFS-b-PLA
PI-b-PS, PI h., PS h.
PFS-b-PMMA
PE-b-PEP, PE h., PEP h.
PE-b-PS
PLA-b-P(N-S)
PS-b-PEO
PS-b-PEO, resorcinol
PS-b-PLA
PS-b-PDMS
PS-b-PMMA
PS-b-PMMA, PMMA h.
PSTPA-b-PLA
PS(BCB)-b-PMMA
PS(BCB)-b-PLA

PDMS
PI
PLA
PS-SO3−
PLA
PS h.
PMMA
PEP h.
PS
PLA
PEO
resorcinol
PLA
PS
PMMA
PMMA h.
PLA
PMMA
PLA

tetrabutylammonium fluoride in THF
ozonolysis
NaOH
acetate, triethylamine
NaOH
hexane
UV radiation
THF
fuming HNO3
NaOH
HI or heating
2-propanol
NaOH or HI
O2 plasma treatment
UV radiation
CH3COOH
NaOH
UV radiation
NaOH

H
Q230
H
n.d.
H, Q230
Q230
Q230
Q230
H, Q230
H
H, Q230
H, Q230
H, Q230
H
H, Q230
H
H
H
H

[46]
[47,48]
[49]
[50]
[51,52]
[53]
[54]
[55]
[56,57]
[58]
[59-63]
[45,64]
[65-69]
[70]
[71-74]
[75,76]
[77]
[78]
[79]

ah.:

homopolymer; 1,2-PB: 1,2-poly(butadiene); P2VP: poly(2-vinylpyridine); P3DDT: poly(3-dodecylthiophene); P3HT-NH3+: aniline chain-end-functionalized poly(3-hexylthiophene); PDMS: poly(dimethylsiloxane); PE, poly(ethylene); PEO: poly(ethylene oxide); PEP: poly(ethylene-alt-propylene);
PFS: poly(ferrocenylsilane); PI: poly(isoprene); PLA: poly(lactic acid); PMMA: poly(methyl methacrylate), P(N-S): poly(norbornenylethylstyrene-sstyrene); PS: poly(styrene); PS(BCB): poly(styrene-r-benzocyclobutene); PS-SO3−: sulfonic acid chain-end-functionalized poly(styrene); PSTPA:
poly(styrene) containing triphenylamine side group.

Hozumi and co-workers [74] investigated the removal of
poly(methyl methacrylate) (PMMA) domains in a PS-b-PMMA
copolymer film by using 172 nm vacuum-ultraviolet (VUV)
light. In this case, the selective etching of activated oxygen molecules generated by the VUV radiation towards the two blocks
(PS and PMMA) allowed for the preferential decomposition of
PMMA and the consequent formation of a PS nanoporous
network. The modulation of the irradiation time and pressure
caused chemical and physical modifications of the PS nanostructures, since the complete removal of PMMA phase
produces a hydrophobic PS surface whereas an irradiation at a
pressure of 103 Pa caused the partial decomposition of the
PS matrix with the modification of the material pore size and
structure.
By focusing on PS-b-PEO copolymers, Mao et al. [59] demonstrated that the chemical etching of the minority component
leads to the formation of a well-ordered nanoporous system by
selective removal of the PEO domains by simple ether cleavage
by washing with aqueous hydrogen iodine. This strong acid was
selected for its specific debonding reactivity toward the aliphatic ether functionalities forming the PEO chains [88]. Furthermore, they tried also to obtain a monolithic nanoporous material with nanochannels of ≈10 nm width [61]. Unfortunately, the

extremely harsh conditions due to the aqueous hydrogen iodine
make this solution difficult to apply in thin films or coatings. In
the work of Zhang and co-workers [60], a specific PS-b-PEO
copolymer containing a cleavable juncture (namely, triphenylmethyl (trityl) ether) between the two blocks PS and PEO was
prepared. This solution guarantees that acids under mild conditions can easily cleave the linkage between the blocks without
affecting the block’s self-organization.
Based on almost the same principle, nanoporous thin films with
well-ordered cylindrical pores were obtained by preparing
metallo-supramolecular block copolymers (where the two different polymeric blocks are linked via metal–ligand complexes)
[63]. In this particular case, the approach consists of firstly, the
self-assembly of the metallo-supramolecular block copolymer,
forming a well-ordered thin film, and secondly, the opening of
the metallo-complex via redox reaction, extracting the PEO
moieties. In this study, the metallo-complex selected is Ru(II)terpyridine bis-complex. By washing the film with a Ce(IV)containing acid solution, the Ru(II) complex between the blocks
is oxidized into Ru(III) that is able to form only a monocomplex with the terpyridine ligands, thus breaking one metallo-organic bond. The aqueous environment favored the extraction of
the freely accessible, soluble PEO and Ru-PEO moieties,
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leaving both PS and Ru-PS moieties to form the nanoporous
polymeric matrix.
It has been demonstrated that by controlling the annealing procedure and the humidity, it is possible to control the orientation
of the PEO cylindrical domains within the PS thin film [89,90].
In particular, at high humidity conditions, it has been found that
PEO cylindrical domains are vertically (perpendicular) oriented
with respect to the thin film surface, whereas at low humidity
conditions, the PEO domains are horizontally (parallel) oriented
[90].
As reported previously [90], the order achieved in thin films
made by PS-b-PEO copolymers depends only on either the solvent casting or the solvent vapor annealing conditions, and not
the substrate. Furthermore, the presence of the solvent in these
polymeric systems enhances the disorder degree within the
polymeric chains since it mediates also nonfavorable interactions within the polymeric chains, working as plasticizers
(affecting also the glass transition temperature value). When the
evaporation phenomenon takes place at the film surface, microphase separation occurs and long-range lateral order is reached
(as depicted in Figure 2). This way, a difference in terms of orientation is generated between the surface (i.e., low content of
solvent, ordered system) and the bulk (i.e., high content of solvent, disordered system) of the polymeric film. However, as the
solvent evaporates, the ordering front propagates through the
films, thus extending the ordered microdomain growth
following the solvent gradient direction (namely, perpendicular
to the surface).

Since PEO is water soluble, it can be easily removed by simply
heating and washing with water. In the work of Glassner et al.
[62], they reported the synthesis of PS-b-PEO copolymers by
coupling the reversible addition fragmentation chain transfer
(RAFT) polymerization and the hetero Diels–Alder cycloaddition followed by subsequent retro-hetero Diels–Alder mechanisms by a heating/washing procedure. In this study, diblock
copolymers are drop cast onto silicon wafers as substrates from
a diluted chloroform solution. The SEM images in Figure 3
report the morphology of PS-b-PEO films after heating at 90 °C
and washing with water. The formation of pores due to the
removal of PEO domains is clearly demonstrated. Additionally,
by increasing the amount of PEO moieties within the block
copolymers (and/or consequently reducing the PS ones) a
marked intensification in porosity is observed within the entire
thickness of the film (thus suggesting that this phenomenon is
not surface-limited).
In general, there are different methods for controlling the final
morphology in the self-assembled BC coating. Some of these
methods require the use of solvents, such as in the work of
Karunakaran et al. [91] where the possibility of producing
isoporous PS-b-PEO-based membranes by separating layers
using water at room temperature as coagulant was reported. In
this study, the PS-b-PEO BC membranes were obtained by a
phase-inversion process starting from a solution of a DMAc/
THF/sulfolane solvent mixture and by immersing the casting
films in deionized water at room temperature. By comparison
with analogous PS-b-P4VP membranes, the results obtained for
PS-b-PEO membranes evidenced that the pore dimensions of

Figure 2: Schematic representation of the solvent evaporation in a thin film made by block copolymer. At the surface, the concentration of the solvent
is low and the copolymer undergoes a well-ordered microphase separation. A gradient in the concentration of the solvent (as a function of the film
thickness, r) is established perpendicular to the surface. In the bulk, the concentration of the solvent is high, thus block copolymer chains forming the
interior part of the film are disordered. As the solvent evaporates, an ordered front propagates through the film thickness, producing a high vertically
ordered cylindrical microdomain orientation. Reprinted with permission from [90], copyright 2004 Wiley-VCH.
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Figure 3: SEM micrographs of PS-b-PEO films after heating at 90 °C and washing with water. a) PS-b-PEO (18.5-b-5.0 kg mol−1). b) PS-b-PEO
(10.6-b-5.0 kg mol−1) at low magnification. c) PS-b-PEO (10.6-b-5.0 kg mol−1) at high magnification. d) Freeze fracture cross section PS-b-PEO
(10.6-b-5.0 kg mol−1). Reprinted with permission from [62], copyright 2011 The Royal Society of Chemistry.

the PS-b-PEO membranes are not affected by the pH change (in
contrary to PS-b-P4VP). Additionally, since the membranes
with PEO moieties present hydroxy end groups, the pore size
can be tailored by further functionalization of the hydroxy functionality, thus making PS-b-PEO membranes attractive for
several applications.
Other methods require the introduction of swelling agents (i.e.,
agents for increasing the microdomain dimensions) [92] as well
as additives able to affect the microdomain orientation or act as
a sacrificial component [64,93]. The inclusion of a homopolymer in the formulation is also a possible route to introduce particular effects on domain orientation and stability. As reported
by Zhu et al. [93], PS-b-PEO BCs can be blended with PS
homopolymers of different molecular weights to obtain a high
molecular weight PS homopolymer with “hard confinement”,
whereas the low molecular weight one led to “soft confinement”. Thus the thermodynamic stability of the PEO domains
can be modulated in a controlled fashion.
In a previous study [64], solutions containing PS-b-PEO block
copolymers were spin-coated onto a macroporous substrate

(namely, silicon microsieves with pores of 5 µm width). Since
the goal was to obtain a perpendicular cylindrical morphology,
a possible technical solution is the addition of small molecules
(or salts) able to stabilize a preferentially interaction with one of
the blocks, through the formation of hydrogen bonding between the small organic molecules and one of the copolymer
blocks. This way, it is possible to favor the normal orientation
of the cylindrical nanodomains [94]. In this paper, resorcinol is
selected as the orienting molecule to direct the orientation of the
ethylene oxide cylindrical domains in PS-b-PEO copolymers.
UV light irradiation was used to crosslink the PS matrix and
photodegrade the PEO domains. Afterwards, several washing
techniques were tested to selectively remove the resorcinol
together with the PEO moieties (selective cleavage),
where 2-propanol was determined to be the best solvent. As reported in Figure 4, the nanoporous thin membrane (i.e., pore
size ≈20 nm) adheres to the macroporous substrate without any
discontinuities. As reported in Figure 4d, the desired vertical
alignment of the nanoporous system is maintained, even inside
the substrate macropore. Additionally, transport studies were
also performed, selecting two different target molecules. Sizeselective sensitivity was confirmed, thus suggesting the possible
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Figure 4: a) Atomic force microscopy (AFM) images of a composite nanoporous membrane: detail of the Si microsieve with the nanoporous polymeric membrane on top. b) Corrected AFM image showing the coverage of the Si macropore by the polymeric membrane. c) AFM profile corresponding to the horizontal line in a). d) 3D AFM image showing the morphology of the nanoporous layer within the macropore. Reprinted with permission
from [64], copyright 2014 Elsevier.

application of these coatings in membrane technology for increasing the controlled transition of chemicals in separation processes.

Block copolymers and templating: theory and
application
Amphiphilic BCs (such as PS-b-PEO) are a subcategory of
copolymers which can self-organize to form supramolecular
aggregates with specific shapes, such as: spherical, rod (or short
cylindrical), hexagonally packed rod micelles, reverse micelles
as well as worm-like structures, lamellar sheets, and vesicles
(Figure 5). As mentioned previously, the thermodynamic
incompatibility between the blocks forming the polymer chains
is the driving force behind the formation of such nanostructures
[4,35]. In this context, this peculiar characteristic can be
coupled with sol–gel processes to produce well-ordered oxidic
architectures [95,96].
The sol–gel process involves various chemical reactions such as
hydrolysis, condensation, and consequently, polymerization involving the monomers (for inorganic systems, either metal alkoxides or metal chlorides) that evolves forming a colloidal solution (sol) and subsequently a stable network (gel) of polymerized particles. The byproducts of these polycondensation reac-

tions are water and alcohol, depending on the precursor
selected. Even if the principles behind the sol–gel reaction are
very simple, several parameters can influence the resulting
architecture of the designed material, such as the type of catalyst (i.e., acid or base), temperature conditions and atmosphere,
reaction medium (i.e., either water or other non-aqueous solvents), and so on. For a detailed discussion concerning the principles behind sol–gel chemistry, please refer to [4].
In order to enhance the structural control in oxidic systems (and
in particular by modulating the porosity organization), one possibility is to exploit the templating action of amphiphilic BC
supramolecular structures working as structural directing agents
(SDAs) [97,98]. This way, the final material corresponds to the
negative replica of the SDA. There are two principal templating
methods: hard templating (or nanocasting) and soft templating
[97]. Hard templating involves an exotemplating approach,
where the precursor solidifies within the solid SDA. In softtemplating, an endotemplating approach is used where the precursor starts to solidify around the porogens (which remain in
the liquid state).
Regarding the hard-templating route, the preparation of titanium structures on block copolymer films has been recently re-
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Figure 5: Schematic representation of different micellar architectures. Hydrophilic polar heads are indicated in blue, and hydrophobic non-polar tails
are drawn in red. Reprinted from [22] (“Selective porous gates made from colloidal silica nanoparticles”); source published under Creative Commons
Attribution 2.0 license, https://creativecommons.org/licenses/by/2.0/; copyright the authors.

ported, where the titanium assembly is driven by the microphase separation of the PS-b-PEO layer underneath [99]. When
the titanium coating procedure is performed by electron beam
evaporation onto a previously self-assembled PS-b-PEO substrate, Ti preferentially deposits and diffuses inside the
PS matrix, thus leaving the PEO domains visible (and forming a
porous structure). Analogous results were also obtained for
cobalt onto PS-b-PEO [100].
Concerning the soft-templating route, usually the most diffuse
porogens used are surfactants: small molecules characterized by
having both polar (head) and apolar (tail) parts linked together
by chemical bonds [101]. Analogous to surfactants, even
amphiphilic block copolymers (such as the PS-b-PEO ones) can
be used as templating agents [4].
As reported by Yu and co-workers [102], PS-b-PEO copolymers were used for the production of mesoporous silica films
where a cubic close-packed spherical system was obtained by
solvent evaporation induced self-assembly (EISA) process. Different pore sizes can be obtained by changing the block length
in the soft templates. By coupling the spin-coating deposition
technique with the soft-templating approach, mesoporous silica
coatings were obtained using PS-b-PEO block copolymers as
SDAs [103]. In this study, by modulating the starting composition (in particular, the hydrophilic/hydrophobic solvent ratio), a
transition from stacked spherical pores to worm-like structures
to spherical dense particles was reached due to the minimization of the surface free energy [104]. Analogously as for silica,

even titania can be produced with closed spherical pores within
the oxidic structures by using high molecular weight PS-b-PEO
copolymers (as shown in Figure 6) [105].
Organic–inorganic PS-b-PEO/TiO2 hybrid nanostructured coatings can also be produced by spin-coating deposition followed
by calcination in order to obtain a nanostructured titania layer
[106]. The thermal degradation of the organic polymeric template was successfully achieved without causing a collapse of
the titania nanoarchitecture. The driving force behind these
systems is the polar affinity between titania and the PEO
domains (this is another advantage of this class of BCs, namely
PS-b-PEO). By changing the titania precursor (i.e., TTIP) and
the BC volume ratio, it was possible to drive the self-organization of the PEO domains, and consequently, the titania nanostructure. AFM images reported in this study show that after
thermal treatment, a mesoporous titania coating is obtained
where the spherical pore systems correspond to the PS spherical domains in the hybrid film before calcination. Depending on
the formulation parameters and following the same procedure,
even titania worm-like structures were obtained.
In this context, the exploitation of such functional porous coatings is very appealing from the membrane technology viewpoint by direct deposition onto a macroporous substrate (whose
role is to guarantee the necessary mechanical resistance), thus
forming functional filtering systems [107]. Among the different
porous systems, a distinction can be realized between screen
filters (well-ordered vertically aligned pore sieves, see
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Figure 6: Top-view (left) and tilted 60° (right) SEM micrographs of PS962-b-PEO3409 (a, b), PS563-b-PEO1614 (c, d) and PS385-b-PEO1205
(e, f) soft-templated titania films. Reproduced with permission from [105], copyright 2011 The Royal Society of Chemistry.

Figure 7A) and depth filters (disordered tortuous pore systems,
see Figure 7B). The main difference between these two systems
is the principle behind the sieving method: screen-filter separation is based on size exclusion, whereas depth-filter separation
is based also on the interactions between the material forming
the functional membrane and the target molecule being separated/isolated.

deposited via spin-coating onto a macroporous silicon-based
substrate, forming a depth-filtering system (i.e., interparticle
voids of 15–200 nm). In order to evaluate the selectivity of this
porous membrane, two cationic (macro)molecules were selected
as target probes: methylene blue (a dye of 0.5 nm in width) and
the protein RNAse (3.8 nm), respectively. The results evidenced that the diffusion of the protein is more restricted as
compared to the dye, suggesting a steric selectivity of the depthfiltering system analyzed. In addition, by applying an external
electrical stimulus, the migration of both probes was registered
with an increasing transport rate of the two chemical species.

Critical considerations

Figure 7: Schematic cross section of a screen filter (A) and a depth
filter (B). Reprinted with permission from [4], copyright 2017 Elsevier.

In our recent study [22], colloidal silica nanoparticles (produced by using PS-b-PEO block copolymers as templates) are

Membrane-mediated processes are widely considered one of the
most promising solutions to be exploited for industrial separation and microfluidic dosing operations [108-110]. Currently,
the integration of BCs (with their particular self-organizing
capacity) is playing an increasing role in the development of
nanoscale-controlled porous systems [4,111]. In this review,
several case studies have been presented, highlighting the
potential exploitation of PS-b-PEO amphiphilic block copolymers for designing both oxidic and polymeric nanoporous mem-
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branes. For the sake of comparison, the choice of the best technical solution strongly depends on the matrix properties forming
the advanced functional coatings.

further functionalization, thus opening up even more application possibilities.

Conclusion
BC-based polymeric nanoporous coatings guarantee both high
morphological flexibility and a very narrow pore size distribution [112]. Additionally, such polymeric membranes are good
candidates for the selective separation of (bio)molecules and
microorganisms [75] as well as in water purification treatment
due to their high selectivity, permeability, fouling resistance and
mechanical strength. Eventually, further functionalizing can enhance the BC selectivity/affinity toward a particular target
probe. Unfortunately, these advantages are partially annulled by
a few drawbacks related to the production of these starting BCs
(i.e., high cost, economic concern) and the organic solvents
(which are sometimes not ecologically friendly) necessary for
guiding the self-assembly (i.e., environmental concern).
On the other hand, the BC-templated porous inorganic coatings
present several advantages and disadvantages depending on the
templating technique selected. Soft templating, in particular, is
the more versatile technique as it allows very complex morphologies to be obtained, which are almost impossible to obtain
using nontemplated sol–gel processes [113]. Besides this fundamental advantage, for both templating methods, the principal
critical step is the removal of the porogen without losing the designed nanostructure organization [4]. In general, this procedure is a very complex route that requires either strong acids/
bases or selective organic solvent washing (not easy to handle
or environmentally friendly), or thermal treatments (which risks
the formation of carbonaceous residues entrapped within the inorganic porous architecture) [114]. Concerning hard templating,
the structural compatibility between the SDA and the material
precursor should be considered in a way that avoids undesirable voids or cracks induced by the solid templates [115].
Furthermore, the continuous development of novel functional
substrates with highly controlled porosity is an increasing field
of research that involves worldwide experts from both academia and industry. According to the works summarized in this
review, the highly ordered nanostructures obtainable by
exploiting the peculiar properties of BCs have found ample use
in membrane technology, even if there are still economic and
environmental concerns that need to be overcome. Among the
different types of BCs, this review focused on the main results
obtained for PS-b-PEO in particular. Due to the functionalities
forming the two blocks, PS-b-PEO is a very attractive material
for the production of (in)organic porous coatings and thin films
to be exploited in membrane science and in dosing of chemicals. Additionally, the hydroxy end-functional groups forming
the PEO domains constitute an interesting intermediate step for

In this manuscript, the fabrication of well-ordered nanostructured porous coatings by means of block copolymers was
reviewed. The most recent advances were summarized in order
to provide a simple toolbox to follow for the preparation of
(in)organic isoporous thin coatings exploitable for the development of novel well-ordered devices for membrane science and
microfluidics applications. The interesting properties of amphiphilic block copolymers (taking PS-b-PEO as a model BC) in
terms of self-assembly and templating action were highlighted,
encouraging their use in important fields of research, such as in
sensing, dosing, and separation processes. In this context, it is
important to point out that membranes already find commercial
application in many separation processes of complex matrices,
such as in the clarification of beverages (i.e., milk, beer, and
juices), the remediation of polluted water, or in the selective
removal of bacteria and viruses from bloods. The main advantage of this technique is that membrane technology is a simple,
robust, and well-consolidated technique that guarantees high
performance and easy scale up, as compared to other more
fascinating (albeit still at the laboratory scale) approaches, such
as the use of magnetic adsorbing materials [116] or advanced
oxidized processes [117,118]. On the other hand, future
research should be focused on overcoming the economic and
environmental concerns related to the exploitation of these
block copolymers for designing nanostructured materials/coatings. To the best of our knowledge, there is no single, feasible
technical solution available. The integration of consolidated
processes with novel and more sustainable solutions could be a
path forward, but the discussion is still open.
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Abstract
For the oxidation of water to dioxygen, oxide-covered ruthenium metal is known as the most efficient catalyst, however, with
limited stability. Herein, we present a strategy for incorporating a Ru/C composite onto a novel nanoporous electrode surface with
low noble metal loading and improved stability. The Ru/C is coated on the pore walls of anodic alumina templates in a one-step
laser-induced deposition method from Ru3(CO)12 solutions. Scanning electron microscopy proves the presence of a continuous
Ru/C layer along the inner pore walls. The amorphous material consists of metallic Ru incorporated in a carbonaceous C matrix as
shown by X-ray diffraction combined with Raman and X-ray photoelectron spectroscopies. These porous electrodes reveal enhanced stability during water oxidation as compared to planar samples at pH 4. Finally, their electrocatalytic performance depends
on the geometric parameters and is optimized with 13 μm pore length, which yields 2.6 mA cm−2, or 49 A g−1, at η = 0.20 V.

Introduction
The replacement of fossil fuels as the dominant global source of
power by renewable energy sources has been and still is one of
the major scientific and technological challenges faced by
mankind. Among conceivable alternative energy sources, solar
energy is the most suitable candidate due to its highest abun-

dance on the global scale. Solar energy application on a large
scale, however, necessitates its storage [1-4]. Here, nature
provides the blueprint for the production of solar fuels by rearranging the chemical bonds of water to dihydrogen and
dioxygen [1,5]. For the realization of artificial water splitting,
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catalysts are required for the rate-limiting half reaction, the
dioxygen evolution, which must be driven at low overpotential
(for maximizing conversion efficiency) [2]. The most active
catalyst materials for this transformation are metallic iridium
and ruthenium particles, the surface of which consists of the
corresponding oxide (Figure 1) [6,7]. Of the two, ruthenium (as
its ruthenium(IV) oxide at the surface) not only proves to be the
more efficient catalyst but is also the more abundant, and thus,
the more cost-effective material [8].

Figure 2: Pourbaix diagram for ruthenium in the presence of water
(adapted from the Atlas of Eh-pH diagrams, Intercomparison of
thermodynamic databases, Geological Survey of Japan Open File
Report No.419) [12]. The limited thermodynamic stability of Ru is illustrated for positive potentials E in the range of 0 ≤ pH ≤ 14 (blue lines)
with the corresponding pH-dependent equilibrium potential for the
water oxidation reaction (black dotted line). Regions of predominant
thermodynamic stability and dissolution of the solid in water oxidation
conditions are color-coded in green and red, respectively.

Figure 1: Selected oxygen evolution activities for planar state-of-theart electrode materials (adapted from a review by Cook et al.) [9]. The
overpotential η is shown here as a function of the logarithm of the current density J. The catalytic performance of ruthenium oxide in concentrated acidic and basic conditions is highlighted in green and blue, respectively.

However, its practical application is limited by its significant
dissolution (corrosion) at high anodic potential over the whole
pH range (Figure 2) [10-12]. One strategy to address this limitation has involved mixing metallic Ru (or its oxides) with other
solids (such as Ir [13-18], Ta [19], or Pt [20], TiO2 [21], Ni and
Co [22]). Another approach entails increasing the specific surface area, which allows one to generate current at lower overpotential, for example by supporting RuO 2 nanoparticles on
siliceous mesoporous materials [23-26], with mesoporous RuO2
[27], or with RuO2 supported on Sb-doped SnO2 nanoparticles
[18,28]. A carbonaceous support has also been used, with the
advantages of chemical durability and electrical conductivity, as
demonstrated in the context of alcohol dehydrogenation [29,30].
Such a support, however, has not been applied to the water oxidation reaction so far.
In this paper, we address this goal with the synthesis of metal/
carbon composites via the laser-induced deposition method
already described for carbon-encapsulated Ag/Au nanoparticles
(AgAu/C) [31-33]. This practically appealing one-step tech-

nique bases on the photo-induced decomposition of a dissolved
organometallic complex and the subsequent self-organization
into hybrid metal/carbon nanostructures with controlled composition and morphology [32]. With the appropriate choice of
laser wavelength and solvent, which both need to be adjusted to
the absorption behavior of the organometallic complex, metal/
carbon composites (M/C) can be generated in a straightforward
manner onto the surface of any substrate with 2D or 3D architecture [34].
We first establish a novel laser-induced deposition method for
Ru/C on planar substrates from commercially available triruthenium dodecacarbonyl (Ru3(CO)12). We then transfer the successful deposition method to the functionalization of highly
ordered nanostructured anodic alumina templates [35-39] (Note:
as our system is based on pores of diameter >50 nm, it is macroporous according to the IUPAC definition; we will use the more
general wording “nanoporous” and “nanotubular” in the rest of
the paper). These novel metal/carbon nanostructures are characterized regarding their morphology and phase composition.
Finally, the electrocatalytic water oxidation performance of
planar and nanostructured Ru/C electrodes is studied at pH 4.
The focus lies on (1) the optimization of the nanoporous geometry (variation of the pore length) towards obtaining reasonable
current densities at low overpotential, (2) the minimization of
corrosion via minimized overpotential and nanoparticle morphology, and (3) the minimization of noble metal loading.
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These efforts result in a very high activity (current per mass of
noble metal) for electrocatalytic water oxidation.

Results and Discussion

the first use of a commercially available precursor in this
method, which simplifies the procedure and renders it widely
available.

Laser-induced deposition of planar hybrid
Ru/C films
According to previous studies on the one-step laser-induced
deposition method of AuAg/C composite, the choice of organometallic precursor, solvent, irradiation wavelength, and
time crucially affect the quantity and quality of the coating
[31,33,40]. For Ru/C deposition, we chose triruthenium dodecacarbonyl, Ru3(CO)12, as a 1 mg/mL 1,2-dichloroethane solution irradiated within its absorption band at 325 nm [41,42].
As planar substrates, microscope cover glasses provided with
approx. 700 nm of heat-treated indium tin oxide (ITO, which
serves as the electrical contact in subsequent electrochemical
measurements) are placed for laser-induced coating on a
microcuvette filled with the precursor solution. An unfocused
He-Cd laser beam irradiates the substrate/solution interface
from the substrate side for 30 min (Figure 3a,b).

Figure 3: Photographs and schematic drawings of laser-induced
chemical liquid deposition geometry on planar (a,b) and nanostructured samples (c,d) from Ru3(CO)12 solutions.

Scanning electron micrographs of a sample prove the successful deposition of a continuous albeit somewhat rough thin
(≤20 nm) film (Figure 4a,b). Furthermore, energy-dispersive
X-ray (EDX) analysis confirms the presence of Ru and C in the
deposited film (see Figure S1 in Supporting Information File 1).
This is the first demonstration of Ru/C hybrid material generated by laser-induced deposition. Furthermore, this represents

Figure 4: SEM images of planar samples coated with laser-induced
Ru/C films in cross-section (a) and top-view (b). Laser-irradiation of
Ru3(CO)12 solutions results in continuous and rough thin films
deposited on ITO.

Laser-induced deposition on nanoporous
substrates
This successful Ru/C laser deposition can now be transferred to
anodic alumina templates featuring ordered arrays of parallel
and cylindrical nanopores. The full preparation procedure is
delineated in Figure 5. In the anodization conditions used here,
the pitch P and diameter D are set to approx. 425 nm and
370 nm, respectively. This value of D is the maximum possible
given a set P. It maximizes the specific surface area and thereby
the electrocatalytic current density reachable [43]. The pore
length is varied in the range of 11 ≤ L ≤ 24 μm. In contrast to
planar substrates, the laser beam must be directed to the
solution/substrate interface after traversing the solution
(Figure 3c,d).

Figure 5: Preparation of nanostructured Ru/C electrodes. (a) Anodization of Al in 1 wt % H3PO4; this step defines the pore length L.
(b) Removal of the Al substrate and Al2O3 barrier layer with simultaneous pore widening. (c) Laser-induced Ru/C decoration of the
nanoporous Al2O3 surface. The photograph of the nanostructured surface after laser coating exhibits five well-defined dark deposition areas
of 2 mm diameter on an anodic alumina substrate of 16 mm diameter.
(d) Sputter-coating of the ITO backside contact.

In these conditions, deposition durations of 15 min are sufficient for the successful deposition of thin Ru/C coatings inside
the Al2O3 pores (with additional material on the front sample
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side, Figure 6a,d). In a last step, an ITO electrical contact is
sputter-coated onto the front side of the sample. EDX spectroscopy reveals the presence of expected elements Al, O, P and In
of the substrate and electrical contact, as well as Ru and C in the
deposited layer (Figure 6c,d, Figure S2, Supporting Information File 1). The atomic ratios Ru/Al = 0.009 (±0.005) and
C/Al = 0.137 (±0.031) (Table S1, Supporting Information
File 1) demonstrate the low noble metal loading. These numbers
can be expressed as 1.5 wt % Ru in our samples, or equivalently, 41 mg cm−3 (given the density of the Al2O3 framework)
[44], or alternatively, as areal loadings, for example 53 µg cm−2
for a pore length of 13 µm. The volumetric value is comparable
to state-of-the-art catalytic water oxidation systems based on
supported RuO x (40–50 mg cm −3 have been reported on
siliceous supports) [23,24]. The areal loadings are as low as the
lowest values found in the literature (amorphous RuO2 with
49 µg cm−2 [45], mixed Ru–Pt catalyst with 15–35 µg cm−2
[20], and RuO2 nanoparticles with 49 µg cm−2) [46].

Figure 6: Scanning electron micrographs of a nanostructured Ru/C
sample after all preparation steps in top view (a) and cross-section (b).
EDX spectrum recorded over the whole sample length L = 24 μm (c).
EDX profile taken along the cross-section (d). Laser-irradiation of
Ru3(CO)12 solutions results in thin ruthenium containing coatings
along the whole length of Al2O3 pores.

Chemical characterization of nanostructured
Ru/C samples
The chemical and phase identity of the Ru/C material obtained
by laser-induced deposition is delivered by a combination of
X-ray diffraction, Raman spectroscopy and X-ray photoelectron spectroscopy. Firstly, the Ru/C layer is amorphous, since
only crystalline Al peaks of the substrate are visible in the

X-ray diffraction pattern (Figure S3, Supporting Information
File 1).
The Raman spectra recorded on the Ru/C coated nanostructured sample (Figure 7a) can be divided into two distinct
regions below 800 cm−1 and beyond it. In the low- frequency
region, the broad peaks centered at 465 and 690 cm−1 can be attributed to hydrous ruthenium oxide (RuO 2 ∙nH 2 O) [47-51],
whereby an overlap with Ru–C stretching modes cannot be
excluded (see also the signal generated by the molecular precursor, Figure 7b). The 313 cm−1 peak originates from metallic Ru
[52-55]. In the high-frequency region, the conspicuous
maximum at ≈1600 cm−1 is due the stretching vibration of C=C
bonds in aromatic or graphitic carbon. The peak at 1224 cm−1
corresponds to stretching vibrations of C–C and C–O single
bonds (the ‘disorder’ peak usually found for graphitic material)
[56-61]. Importantly, the absence of carbonyl stretching vibrations around 1950–2190 cm−1 rules out any remnants of molecular precursor Ru3(CO)12 (Figure 7b [52,62]).

Figure 7: Raman spectra of a nanostructured template coated with
Ru/C films, without ITO contact (a) and of the solid precursor
Ru3(CO)12 (b).

X-ray photoelectron spectroscopy (XPS, Figure 8) is used to
differentiate between the oxidation states of ruthenium at its
surface and in its inner (“bulk”). The overview XPS spectrum
of an as-prepared nanostructured sample features only Ru, O
and C (Figure 8a) from the Ru/C layer, whereas the Al2O3 substrate is completely covered and reveals no Al signal. Deconvolution of the Ru 3d region, which is superimposed with C 1s
(Figure 8b), reveals two doublets for two chemically different
Ru environments. Their Ru 3d 5/2 maxima are located at
281.1 eV and 281.8 eV, respectively, consistent with Ru(IV)
oxide and Ru hydroxide [63-65]. Large carbon contributions are
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additionally observable (partly O-bonded, Figure S4, Supporting Information File 1), which are due to the Ru/C layer and
adventitious carbon. Argon ion sputtering results in a reduced
carbon content (observable in both the C 1s and O 1s regions),
as well as in a shift of the Ru 3d doublet of peaks to lower
binding energies (Figure 8b and Figure S4, Supporting Information File 1). Thus, below the surface ruthenium is present in its
metallic state (280.3 eV), whereas Ru(IV) oxide (281.1 eV) is
still observable [63,66]. In conclusion, laser-induced deposition
yields amorphous metallic Ru in close interaction with an amorphous carbonaceous C matrix, whereas the surface is completely oxidized, and in part hydrated.

Water oxidation at nanostructured Ru/C
electrodes
We then applied our nanoporous Ru/C electrodes to the water
oxidation reaction. Therefore, an approx. 1 μm thick ITO layer
at one pore extremity serves as an electrical contact. We choose
pH 4 (KH2PO4 buffer) for the investigations in order to secure
the stability of the Al 2 O 3 template, ITO and ruthenium
(Figure 2). In cyclic voltammetry (Figure 9a), our nanotubular
nt-Ru/C electrodes feature two broad oxidative peaks located
around 0.0 V and +0.5 V vs the Ag/AgCl reference electrode.
These peaks correspond to the oxidation of metallic Ru to
Ru(II) and subsequently to Ru(IV) at the solid surface
[10,67,68]. The oxygen evolution reaction starts beyond +0.8 V
(E’ = +0.79 V) vs Ag/AgCl at pH 4 whereas electro-corrosion
to dissolved species (H 2 RuO 5 , RuO 4 − ) begins at +0.95 V
(Figure 2) [10,11]. These restrictions force us to never exceed
+1.0 V applied potential. On the cathodic scan, only one reductive peak is present near 0.0 V, corresponding to the reduction
of surface oxides to metallic Ru [68].

Figure 9: Cyclic voltammograms of Ru/C electrodes recorded in a
KH2PO4 electrolyte at pH 4 (scan rate: 50 mV s−1). The applied potential is presented versus the reversible hydrogen electrode (RHE) and
Ag/AgCl reference electrode, respectively. Comparison of 10 successive cycles for a nanostructured (L = 13 μm) (a) and a planar Ru/C
electrode (b). The first and last cycle are highlighted in blue and green,
respectively. The current densities J are calculated from the experimental current intensity and the macroscopically exposed sample
area.

Figure 8: X-ray photoelectron spectra of a nanostructured Ru/C sample recorded as deposited and after Ar+ sputtering. All spectra are
shifted to a C 1s binding energy position of 284.4 eV. (a) Survey spectra showing the expected elements. (b) Ru 3d region, which is superimposed with the C 1s region, displays the Ru 3d5/2 and Ru 3d3/2
peaks. The experimental data are provided as dashed lines, the fit as
solid black lines, and the individual deconvoluted peaks are colorcoded.

The absence of surface oxidization current during the first CV
cycle (blue curve in Figure 9a) indicates that the ruthenium
catalyst as prepared is present as oxidized Ru(IV). This observation is consistent with the XPS analyses presented above. The
consecutive cycles yield a rather constant hysteresis area, which
indicates a low loss of material in electrochemical conditions.
This relative stability of our nanoporous electrode stands in
stark contrast to the planar Ru/C electrode (Figure 9b).
Firstly, the current density J (defined with respect to the experimentally accessible macroscopic sample area) starts out 6 times
lower in the planar case than for the porous electrode. Secondly,
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the loss of catalytic turnover of H2O to O2 visible at >0.9 V
within 10 cycles is much more significant with the planar surface than with its porous counterpart. The area of the voltammetric hysteresis decreases concomitantly. These observations
point to the rapid loss of noble metal catalyst from planar Ru/C
surfaces.
The contrasting stability of planar and structured Ru/C electrodes can be tested further upon prolonged electrolysis. For this
purpose, both types of electrodes were maintained at +0.90 V
for 5 h (Figure 10). The water oxidation current density J on the
planar Ru/C electrode declines to almost zero within about five
minutes, whereas the nanostructured sample reaches a constant
steady-state value J = 11.2 μA cm−2 after about three hours.
This value is low, but is achieved at a very low overpotential,
η = 0.11 V. We note that the integrated current (total charge
passed over five hours) cannot be due solely to corrosion given
the amount of carbon present. Thus, the application of the Ru/C
laser deposition to nanoporous Al2O3 substrates yields a significant improvement of the catalyst stability in comparison to
planar substrates. EDX analyses (Figures S1 and S2, Table S1,
Supporting Information File 1) and cyclic voltammetry (Figure
S5, Supporting Information File 1) performed after long-term
bulk electrolyses support this statement.

lengths 11 ≤ L ≤ 24 μm measured within an applied overpotential range of 0.00 ≤ η ≤ 0.21 V (+0.79 ≤ E ≤ +1.00 V vs
Ag/AgCl). All curves follow a similar trend and are located in
close proximity of each other. However, the best performer is
not the electrode type with the longest pores of L = 24 μm.
Instead, those with 13 μm length yield the largest current densities at all overpotentials. They enable a water oxidation turnover
that exceeds those of planar electrodes (L = 0 μm, Figure 11
inset) by approximately 1.5 decimal logarithmic units, or,
equivalently, a factor 35.

Figure 11: Tafel plots of nanoporous Ru/C electrodes of various
lengths 11 ≤ L ≤ 24 μm in quasi-steady-state conditions. Tafel plots
were obtained from linear sweep voltammetry (scan rate 5 mV s−1)
measured from +0.79 ≤ E ≤ +1.00 V vs Ag/AgCl (corresponding overpotentials 0.00 ≤ η ≤ 0.21 V). Average log J values for a minimum of
4 samples are presented for 11 μm (gray line), 13 μm (blue line),
18 μm (green line) and 24 μm (purple line). The inset compares all
nanostructured electrodes with planar Ru/C electrodes (black line).

Figure 10: J–t curve of the same nanoporous (blue line) and planar
(green line) electrode (as presented in Figure 7) during 5 h of steadystate electrolysis at +0.90 V vs Ag/AgCl.

Optimization of electrocatalytic performance
Our preparative procedure now allows us to adjust the
geometric parameters of the nanoporous substrate in order to
optimize the catalytic turnover of H2O to O2. Specifically, we
will study the dependency of the current density J on the electrodes’ geometric surface area via the variation of the pore
length L (maintaining a constant pore diameter D). Figure 11
illustrates Tafel plots of Ru/C electrodes determined for pore

A clearer view of the length effect is provided by plots of J–L
dependence at two distinct overpotentials, η = 0.10 V (mean
values as green data points in Figure 12) and η = 0.20 V (blue
data points). In both cases, pore elongation yields a rapid current density increase until a maximum is reached at 13 μm, followed by an activity loss for L > 13 μm. The current density
loss is even more pronounced for η = 0.20 V than for 0.10 V,
which can be attributed to transport limitation, since diffusion
becomes more limiting at faster catalytic turnover. A similar observation was already made for Fe2O3-coated Al2O3 nanopores
in the oxygen evolution reaction [69-71].

Conclusion
With this, we have established a novel type of nanostructured
Ru/C composite electrode for the oxygen evolution reaction
at pH 4 by laser-induced deposition. Laser irradiation of
Ru3(CO)12 in 1,2-dichloroethane at 325 nm provides the first
laser-induced coatings of hybrid Ru/C material on planar and
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Figure 12: Current densities of Ru/C electrodes for water oxidation
measured at pH 4 and at 0.10 V or 0.20 V applied overpotential. The
current densities J are presented for individual samples in gray
(η = 0.10 V) and black (η = 0.20 V), whereas the full green and blue
squares correspond to the average values.

porous substrates. Along ordered cylindrical pores of high
aspect ratio, the method yields thin and continuous films
consisting of surface-oxidized metallic Ru incorporated in an
amorphous carbonaceous carbon matrix.
This system applicable to the water oxidation reaction is advantageous with respect to the state of the art in several regards
(Table 1) [14,18,20,28,45,46,72]:
1. Moderate current densities can be achieved at very low
overpotential upon optimization of the nanoporous geometry. For example, pores of L = 13 μm deliver
2.6 mA cm−2 at η = 0.20 V. This value not only represents a 35-fold increase with respect to planar electrodes,
it also is competitive with state-of-the-art rutheniumbased water oxidation electrodes (Table 1).

2. The nanoporous geometry, combined with the embedding of noble metal inside the carbonaceous matrix,
stabilizes the electrocatalyst to the point that a steady
state is reached upon continuous electrolysis. The current then stays stable for several hours. The comparison
with the literature shows that only Kokoh et al. tested the
long-term stability of their Ru-based electrocatalyst [14].
3. The fine dispersion of Ru in the conductive matrix and
the high degree of geometric control afforded by the
alumina support complement each other to optimize the
contact between catalyst and electrolytic solution while
minimizing transport effects. The noble metal loading
can thereby be reduced to 53 µg cm−2, and its activity
optimized to 49 A g−1 (for L = 13 μm and η = 0.20 V),
which is comparable to the best literature values (see
Table 1 for a systematic comparison).
4. The metal/carbon composite is obtained in a single deposition step from a commercially available compound in
an experimentally simple procedure.
The improved stability demonstrated here, the significant current densities, and the large activities obtained at low overpotential question the relative neglect of ruthenium in the water
oxidation literature. This less costly metal could, given proper
preparation procedures, advantageously replace iridium for
some applications – most prominently electrical energy storage
under nearly reversible conditions.

Experimental
Materials
Chemicals were purchased from Sigma-Aldrich, VWR, or
Roth and used as received. Water was purified in a Millipore
Direct-Q system for the application in electrolytes. As
planar substrates, microscope cover glasses (borosilicate glass,
18 × 18 mm2, 0.13–0.16 mm thickness) were purchased from

Table 1: Comparison of loadings , current densities J, and activities (specific currents isp = J/ ) between selected literature precedents and the current results. At an overpotential of 0.2 V, our system reaches current densities comparable to the highest of the literature with Ru catalyst loadings
comparable to the lowest in the literature. The activity is correspondingly maximal.

µg cm−2
this work
Shao-Horn [46]a
Kokoh [14]
Haverkamp [18]
Mayrhofer [72]
Strasser [20]
Scott [28]
Nakato [45]

53
50
380
160
370
(14–35)
2000
49

Jη = 0.2 V mA cm−2

isp, η = 0.2 V A g−1

measurement conditions

2.6
0.01
0.8
1.0
5.0
0.8
232
7.5

49.1
0.2
2.1
6.3
13.5
(23–56)
116
154

5 mV s−1
10 mV s−1
5 mV s−1
20 mV s−1
10 mV s−1
5 mV s−1
/
5 mV s−1

aThe

values reported in the Shao-Horn paper [46] are without internal resistance correction (to allow for a relevant comparison with other papers), at a
slightly more elevated overpotential of η = 0.25 V.
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Marienfeld-Superior. Aluminum plates (99.99%) for the anodization procedure were supplied by Smart-Membranes. The
indium tin oxide sputter target (99.99%) was purchased from
AEM.

Preparation of planar samples
For planar electrodes microscope cover glasses were ultrasonically cleaned with ethanol and water, then dried in a flow of
nitrogen. In a next step, the slides were sputter-coated with
approx. 700 nm of indium tin oxide (ITO) in radio frequency
(RF) mode in a reactor from Torr International Inc. The conductive layer was subsequently annealed in N2 atmosphere for 4 h
at 400 °C in a high-temperature P330 furnace from Nabertherm.
The planar substrates were then coated with Ru/C layers via
laser-induced deposition. The precursor solution was prepared
by ultrasonic dissolving of 1 mg of triruthenium dodecacarbonyl (Ru3(CO)12) in 1 mL of 1,2-dichloroethane (C2H4Cl2) of
analytical grade purity for 15–20 min. To remove the undissolved components, the solution was centrifuged with a SIGMA
2-16P centrifuge at 10000 rpm for 5 min. A microcuvette
(d = 9 mm) was filled with the precursor solution and covered
with the planar substrate with the ITO side facing the solution.
Bubble formation in the solution was prevented via axial sliding
of the substrate on the cuvette. An unfocused beam (ca. 2 mm in
diameter) of a Plasma He-Cd laser (continuous wave (CW),
λ = 325 nm, P = 10 mW) was directed to the substrate/solution
interface from the side of glass for an irradiation duration of
30 min (Figure 3a,b). The maximum temperature in the laser
focal spot does not exceed 27 °C as recorded with a Thermovision camera Ti32 from Fluke. After the deposition procedure
the planar samples were washed in a flow of acetone and
isopropanol.

Preparation of nanostructured samples
Nanostructured Ru/C electrodes were prepared in several steps
as illustrated in Figure 5. A standard two-step anodization of
aluminum (represented as (a) in Figure 5) delivered the
nanoporous aluminum oxide membranes further used as templates [35]. Aluminum plates of 2.2 cm diameter were anodized
in home-made two-electrode cells consisting of a PVC beaker
with four circular openings at the bottom. They were therefore
held between an O-ring and a thick copper plate operating as an
electrical contact. Adequate cooling of the beaker was ensured
via a cold plate connected to a closed-circuit cooler by Haake.
The PVC beaker was filled with the electrolyte and closed with
a lid equipped with a mechanical stirrer and silver wire mesh as
counter-electrode. The whole setup was thermally insulated
laterally. Electropolishing of the aluminum plates in a cooled
perchloric acid/ethanol solution (1:3 v/v HClO 4 /EtOH) for
5 min under +20 V represented the first process step. They were
then rinsed, cooled and anodized under +195 V for 23 h at 0 °C

in 1 wt % H3PO4. In the following, the anodized plates were
exposed to a chromic acid solution (0.18 M CrO3 in 6 wt %
H3PO4) for 23 h at 45 °C for the removal of the disordered,
porous Al 2 O 3 generated. The second anodization was performed subsequently for 3, 4, 6 or 8 h at 0 °C in 1 wt % H3PO4
in order to vary the pore length. The next procedures (step (b)
of Figure 5) included removing the metallic Al on the backside
of the anodized Al2O3 with 0.7 M CuCl2 solution in 10% HCl,
followed by opening the Al2O3 barrier layer closing the pores
with simultaneous isotropic pore widening in 10 wt % H3PO4 at
45 °C for 37 to 47 min. The laser-induced deposition of Ru/C
coatings followed was adapted from the planar case (vide supra)
(Figure 5 step (c)). 10 μL of the 1 mg/mL Ru3(CO)12 dichloroethane solution were dropped on the Al2O3 templates. The laser
beam was directed to the solution/substrate interface from the
side of the solution droplet (see Figure 3c,d) with an irradiation
time of 15 min. As soon as the solution evaporated (approx.
each 30 s) a new droplet was placed on the same spot. The
nanostructured samples were then washed in a flow of acetone
and isopropanol. Four to five depositions were performed on
each substrate. In a last step, the electrical contact was generated by sputter-coating of approx. 1 μm ITO in RF mode on the
sample side of laser deposition (step (d) in Figure 5).

Instrumental methods
Scanning electron micrographs were obtained on a Zeiss Merlin
field-emission SEM with a field-emission cathode and standard
In-lens SE and SE2 detectors. All measurements were performed in the chamber with a base pressure in the range of
10−7 mbar. The acceleration voltage was 10 to 1 keV with a
beam current of 124–450 pA. Line averaging procedure was
used for all images to reduce noise. Energy dispersive X-ray
spectroscopy (EDX) was obtained on a JEOL JSM 6400 PC
implemented with a LaB6 cathode and silicon drift detector
(SDD). All Raman spectra were collected at room temperature
in a backscattering geometry using a Horiba Jobin-Yvon
LabRam HR 800 Raman spectrometer equipped with an
Olympus BX41 microscope. The spectra were obtained with
488 nm radiation from an Ar+ gas laser and recorded in the
35–3290 cm−1 spectral range. The acquisition time was set to
500 s. The laser power was focused with a 100× objective on
the sample and always kept at 5.4 μW. The spectra presented in
this work are averaged from at least 5 measurements. The spectra were processed with LabSpec 5.78 including spike removal
and baseline correction. The crystal structure was studied by
powder X-ray diffraction measurements using a Bruker D8
Advance diffractometer in reflection mode and with Cu Kα1 radiation (λ = 1.54056 Å) and LynxEye XE-T detector. Monochromatized Al Kα XPS spectra were acquired on a PHI Quantera II system with a base pressure of 10−9 mbar. Adventitious
carbon was removed from the surface by 1 min, 2 kV Ar+ ion
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sputtering. To prevent charging a combination of electron
and ion neutralization was employed. The Ru 3d and O 1s
XPS core level spectra were analyzed using a fitting routine
which decomposes each spectrum into individual mixed
Gaussian–Lorentzian peaks using a Shirley background subtraction over the energy range of the fit. Finally, all spectra were
shifted to give a C 1s binding energy position of 284.4 eV to
correct for a slight overcompensation in the neutralization.

Electrochemical studies
Planar samples were laser-cut with a GCC LaserPro Spirit LS
Laser into smaller areas of 1 cm 2 , placed on small copper
plates, whereby the electrical contact was established by
double-sided conductive copper foil at the edges of the glass
slide. In the case of nanostructured samples the individual deposition areas were laser-cut and subsequently glued with the ITO
contact on small copper plates using double-sided conductive
copper foil. A chemically resistant and electrically insulating
polyimide (Kapton®) adhesive tape featuring a laser-cut circular window of 1.5 mm diameter was used to define the sample
area exposed to the electrolyte. This macroscopically defined
exposed sample area of 0.018 cm2 is the value A used to define
current densities (J = I/A) from the measured currents I. The
samples were then adjusted into three-electrode electrochemical cells, exposing the defined sample area to a pH 4 phosphate
electrolyte prepared from 0.1 M KH2PO4. The stability of the
Al2O3 template and ITO backside contact in pH 4 conditions
was verified with SEM after 20 h in the electrolyte. All electrochemical measurements including cyclic voltammetry (CV),
linear sweep voltammetry (LSV) and steady-state electrolysis
were performed from the open-circuit potential at room temperature using Gamry Interface 1000 potentiostats. The standard
redox potential of the Ag/AgCl/KCl(sat.) reference electrode is
shifted by +0.20 V relative to the normal hydrogen electrode
(NHE). Cyclic and linear sweep voltammograms were
measured at scan rates of 50 mV s−1 or 5 mV s−1, respectively.
Using the LSV data, Tafel plots were obtained for +0.79 V ≤
E ≤ +1.00 V vs Ag/AgCl (overpotentials 0.00 ≤ η ≤ 0.21 V).
Steady-state electrolysis was measured for 5 h at +0.90 V. Additionally, a control experiment performed with a pure ITO contact on flat and nanostructured substrates demonstrated that the
presence of ITO is irrelevant to the electrochemical performance.

Acknowledgements
We thank A. Vasileva (Saint-Petersburg State University) for
her support with laser deposition and Prof. K. Mayrhofer
(Helmholtz Institute Erlangen-Nürnberg for Renewable Energy)
for the use of the X-ray photoelectron spectrometer. This work
was supported by the German Research Foundation (DFG) via
the bridge funding of the excellence cluster “Engineering of
Advanced Materials” (EXC315) and by the German Academic
Exchange Service (DAAD) via the German-Russian Interdisciplinary Research Center (projects; C-2016b-2, C-21017a-2).
The Raman measurements were performed at Research Park of
Saint-Petersburg State University at Center for Optical and
Laser Materials Research. The SEM micrographs were recorded at Saint-Petersburg State University Interdisciplinary
Resource Center for Nanotechnology. Saint-Petersburg State
University grant for equipment #12.40.1342.2017.

ORCID® iDs
Maïssa K. S. Barr - https://orcid.org/0000-0003-1587-2269
Alina Manshina - https://orcid.org/0000-0002-1053-6410
Julien Bachmann - https://orcid.org/0000-0001-6480-6212

References
1. Lewis, N. S.; Nocera, D. G. Proc. Natl. Acad. Sci. U. S. A. 2006, 103,
15729–15735. doi:10.1073/pnas.0603395103
2. Kanan, M. W.; Nocera, D. G. Science 2008, 321, 1072–1075.
doi:10.1126/science.1162018
3. Panwar, N. L.; Kaushik, S. C.; Kothari, S.
Renewable Sustainable Energy Rev. 2011, 15, 1513–1524.
doi:10.1016/j.rser.2010.11.037
4. Sovacool, B. K. Energy Res. Soc. Sci. 2016, 13, 202–215.
doi:10.1016/j.erss.2015.12.020
5. Nelson, N.; Ben-Shem, A. Nat. Rev. Mol. Cell Biol. 2004, 5, 971–982.
doi:10.1038/nrm1525
6. Trasatti, S. Electrochim. Acta 1984, 29, 1503–1512.
doi:10.1016/0013-4686(84)85004-5
7. Rasiyah, P.; Tseung, A. C. C. J. Electrochem. Soc. 1984, 131,
803–808. doi:10.1149/1.2115703
8. https://www.quandl.com/collections/markets/ (accessed Dec 11, 2017).
Prices of noble metals.
9. Cook, T. R.; Dogutan, D. K.; Reece, S. Y.; Surendranath, Y.;
Teets, T. S.; Nocera, D. G. Chem. Rev. 2010, 110, 6474–6502.
doi:10.1021/cr100246c
10. Burke, L. D.; Mulcahy, J. K.
J. Electroanal. Chem. Interfacial Electrochem. 1976, 73, 207–218.
doi:10.1016/s0022-0728(76)80224-0
11. Michell, D.; Rand, D. A. J.; Woods, R.
J. Electroanal. Chem. Interfacial Electrochem. 1978, 89, 11–27.

Supporting Information
Supporting Information File 1
Additional experimental data.
[https://www.beilstein-journals.org/bjnano/content/
supplementary/2190-4286-10-15-S1.pdf]

doi:10.1016/s0022-0728(78)80027-8
12. Takeno, N. Atlas of Eh-pH diagrams, Intercomparison of
thermodynamic databases, Geological Survey of Japan Open File
Report No.419; National Institute of Advanced Industrial Science and
Technology, Research Center for Deep Geological Environments:
Tsukuba, Japan, 2005.

165

Beilstein J. Nanotechnol. 2019, 10, 157–167.

13. Kasian, O.; Geiger, S.; Stock, P.; Polymeros, G.; Breitbach, B.;
Savan, A.; Ludwig, A.; Cherevko, S.; Mayrhofer, K. J. J.
J. Electrochem. Soc. 2016, 163, F3099–F3104.
doi:10.1149/2.0131611jes
14. Audichon, T.; Napporn, T. W.; Canaff, C.; Morais, C.; Comminges, C.;
Kokoh, K. B. J. Phys. Chem. C 2016, 120, 2562–2573.
doi:10.1021/acs.jpcc.5b11868
15. Cheng, J.; Zhang, H.; Chen, G.; Zhang, Y. Electrochim. Acta 2009, 54,
6250–6256. doi:10.1016/j.electacta.2009.05.090
16. Owe, L.-E.; Tsypkin, M.; Wallwork, K. S.; Haverkamp, R. G.; Sunde, S.
Electrochim. Acta 2012, 70, 158–164.
doi:10.1016/j.electacta.2012.03.041

36. Lee, W.; Park, S.-J. Chem. Rev. 2014, 114, 7487–7556.
doi:10.1021/cr500002z
37. Santos, A.; Deen, M. J.; Marsal, L. F. Nanotechnology 2015, 26,
042001. doi:10.1088/0957-4484/26/4/042001
38. Santos, A.; Balderrama, V. S.; Alba, M.; Formentín, P.;
Ferré-Borrull, J.; Pallarès, J.; Marsal, L. F. Adv. Mater. 2012, 24,
1050–1054. doi:10.1002/adma.201104490
39. Li, A.-P.; Müller, F.; Birner, A.; Nielsch, K.; Gösele, U. Adv. Mater.
1999, 11, 483–487.
doi:10.1002/(sici)1521-4095(199904)11:6<483::aid-adma483>3.3.co;29
40. Manshina, A. A.; Povolotskiy, A. V.; Povolotskaya, A. V.; Ivanova, T. Y.;

17. Antolini, E. ACS Catal. 2014, 4, 1426–1440. doi:10.1021/cs4011875

Koshevoy, I. O.; Tunik, S. P.; Suvanto, M.; Pakkanen, T. A.

18. Marshall, A. T.; Haverkamp, R. G. Electrochim. Acta 2010, 55,

Surf. Coat. Technol. 2012, 206, 3454–3458.

1978–1984. doi:10.1016/j.electacta.2009.11.018
19. Yeo, R. S.; Orehotsky, J.; Visscher, W.; Srinivasan, S.
J. Electrochem. Soc. 1981, 128, 1900–1904. doi:10.1149/1.2127761
20. Neyerlin, K. C.; Bugosh, G.; Forgie, R.; Liu, Z.; Strasser, P.
J. Electrochem. Soc. 2009, 156, B363–B369. doi:10.1149/1.3049820
21. Näslund, L.-Å.; Sánchez-Sánchez, C. M.; Ingason, Á. S.;
Bäckström, J.; Herrero, E.; Rosen, J.; Holmin, S. J. Phys. Chem. C
2013, 117, 6126–6135. doi:10.1021/jp308941g
22. Halck, N. B.; Petrykin, V.; Krtil, P.; Rossmeisl, J.
Phys. Chem. Chem. Phys. 2014, 16, 13682–13688.
doi:10.1039/c4cp00571f
23. Gustafson, K. P. J.; Shatskiy, A.; Verho, O.; Kärkäs, M. D.;
Schluschass, B.; Tai, C.-W.; Åkermark, B.; Bäckvall, J.-E.;
Johnston, E. V. Catal. Sci. Technol. 2017, 7, 293–299.
doi:10.1039/c6cy02121b
24. Zhang, Y.; Ren, T. Chem. Commun. 2012, 48, 11005–11007.
doi:10.1039/c2cc35272a
25. Mills, A.; Duckmanton, P. A.; Reglinski, J. Chem. Commun. 2010, 46,
2397–2398. doi:10.1039/b925784e
26. King, N. C.; Dickinson, C.; Zhou, W.; Bruce, D. W. Dalton Trans. 2005,
1027–1032. doi:10.1039/b415288c
27. Iqbal, M. N.; Abdel-Magied, A. F.; Abdelhamid, H. N.; Olsén, P.;
Shatskiy, A.; Zou, X.; Åkermark, B.; Kärkäs, M. D.; Johnston, E. V.
ACS Sustainable Chem. Eng. 2017, 5, 9651–9656.
doi:10.1021/acssuschemeng.7b02845
28. Wu, X.; Scott, K. Int. J. Hydrogen Energy 2011, 36, 5806–5810.
doi:10.1016/j.ijhydene.2010.10.098
29. Spinacé, E. V.; Neto, A. O.; Linardi, M. J. Power Sources 2004, 129,
121–126. doi:10.1016/j.jpowsour.2003.11.056
30. Neto, A. O.; Dias, R. R.; Tusi, M. M.; Linardi, M.; Spinacé, E. V.
J. Power Sources 2007, 166, 87–91.
doi:10.1016/j.jpowsour.2006.12.088
31. Povolotskiy, A.; Povolotckaia, A.; Petrov, Y.; Manshina, A.; Tunik, S.
Appl. Phys. Lett. 2013, 103, 113102. doi:10.1063/1.4820841
32. Manshina, A. A.; Grachova, E. V.; Povolotskiy, A. V.;
Povolotckaia, A. V.; Petrov, Y. V.; Koshevoy, I. O.; Makarova, A. A.;
Vyalikh, D. V.; Tunik, S. P. Sci. Rep. 2015, 5, 12027.
doi:10.1038/srep12027
33. Schlicht, S.; Kireev, A.; Vasileva, A.; Grachova, E. V.; Tunik, S. P.;
Manshina, A. A.; Bachmann, J. Nanotechnology 2017, 28, 065405.
doi:10.1088/1361-6528/aa536a
34. Bashouti, M. Y.; Povolotckaia, A. V.; Povolotskiy, A. V.; Tunik, S. P.;
Christiansen, S. H.; Leuchs, G.; Manshina, A. A. RSC Adv. 2016, 6,
75681–75685. doi:10.1039/c6ra16585k
35. Masuda, H.; Fukuda, K. Science 1995, 268, 1466–1468.

doi:10.1016/j.surfcoat.2012.02.010
41. Tyler, D. R.; Levenson, R. A.; Gray, H. B. J. Am. Chem. Soc. 1978,
100, 7888–7893. doi:10.1021/ja00493a017
42. Bag, A.; Ghorai, P. K. RSC Adv. 2015, 5, 31575–31583.
doi:10.1039/c5ra01757b
43. Gemmer, J.; Hinrichsen, Y.; Abel, A.; Bachmann, J. J. Catal. 2012,
290, 220–224. doi:10.1016/j.jcat.2012.03.022
44. Abad, B.; Maiz, J.; Martin-Gonzalez, M. J. Phys. Chem. C 2016, 120,
5361–5370. doi:10.1021/acs.jpcc.6b00643
45. Tsuji, E.; Imanishi, A.; Fukui, K.-i.; Nakato, Y. Electrochim. Acta 2011,
56, 2009–2016. doi:10.1016/j.electacta.2010.11.062
46. Lee, Y.; Suntivich, J.; May, K. J.; Perry, E. E.; Shao-Horn, Y.
J. Phys. Chem. Lett. 2012, 3, 399–404. doi:10.1021/jz2016507
47. Yang, H.; Yang, Y.; Zou, S. J. Phys. Chem. B 2006, 110,
17296–17301. doi:10.1021/jp063694s
48. Jo, H. C.; Kim, K. M.; Cheong, H.; Lee, S.-H.; Deb, S. K.
Electrochem. Solid-State Lett. 2005, 8, E39–E41.
doi:10.1149/1.1865673
49. Lee, S.-H.; Liu, P.; Seong, M. J.; Cheong, H. M.; Tracy, C. E.;
Deb, S. K. Electrochem. Solid-State Lett. 2003, 6, A40–A42.
doi:10.1149/1.1534731
50. Bhaskar, S.; Dobal, P. S.; Majumder, S. B.; Katiyar, R. S. J. Appl. Phys.
2001, 89, 2987–2992. doi:10.1063/1.1337588
51. Chan, H. Y. H.; Takoudis, C. G.; Weaver, M. J. J. Catal. 1997, 172,
336–345. doi:10.1006/jcat.1997.1841
52. Slebodnick, C.; Zhao, J.; Angel, R.; Hanson, B. E.; Song, Y.; Liu, Z.;
Hemley, R. J. Inorg. Chem. 2004, 43, 5245–5252.
doi:10.1021/ic049617y
53. Miskowski, V. M.; Loehr, T. M.; Gray, H. B. Inorg. Chem. 1987, 26,
1098–1108. doi:10.1021/ic00254a027
54. Chisholm, M. H.; Christou, G.; Folting, K.; Huffman, J. C.; James, C. A.;
Samuels, J. A.; Wesemann, J. L.; Woodruff, W. H. Inorg. Chem. 1996,
35, 3643–3658. doi:10.1021/ic950860u
55. Fang, L.; Shen, X.; Chen, X.; Lombardi, J. R. Chem. Phys. Lett. 2000,
332, 299–302. doi:10.1016/s0009-2614(00)01260-4
56. Colthup, N. B. J. Opt. Soc. Am. 1950, 40, 397–400.
doi:10.1364/josa.40.000397
57. Course Notes on the Interpretation of Infrared and Raman Spectra;
Mayo, D. W.; Miller, F. A.; Hannah, R. W., Eds.; John Wiley & Sons,
Inc.: Hoboken, NJ, U.S.A., 2004; pp 108–140.
doi:10.1002/0471690082
58. Robinson, J. W. Practical Handbook of Spectroscopy; CRC Press Inc.:
Boca Raton, FL, U.S.A., 1991.
59. Ferrari, A. C. Solid State Commun. 2007, 143, 47–57.
doi:10.1016/j.ssc.2007.03.052

doi:10.1126/science.268.5216.1466

166

Beilstein J. Nanotechnol. 2019, 10, 157–167.

60. Ferrari, A. C.; Robertson, J. Philos. Trans. R. Soc., A 2004, 362,
2477–2512. doi:10.1098/rsta.2004.1452
61. Ferrari, A. C.; Robertson, J.
Phys. Rev. B: Condens. Matter Mater. Phys. 2000, 61, 14095–14107.
doi:10.1103/physrevb.61.14095
62. Quicksall, C. O.; Spiro, T. G. Inorg. Chem. 1968, 7, 2365–2369.
doi:10.1021/ic50069a037
63. Moulder, J. F.; Stickle, W. F.; Sobol, P. E.; Bomben, K. D. Handbook of
X-ray Photoelectron Spectroscopy. Perkin-Elmer Corporation Physical
Electronics Division: Eden Prairie, MN, U.S.A., 1995; pp 10–115.
64. Morgan, D. J. Surf. Interface Anal. 2015, 47, 1072–1079.
doi:10.1002/sia.5852
65. Wang, W.; Guo, S.; Lee, I.; Ahmed, K.; Zhong, J.; Favors, Z.; Zaera, F.;
Ozkan, M.; Ozkan, C. S. Sci. Rep. 2014, 4, 4452.
doi:10.1038/srep04452
66. Zhao, Y.; Zhang, J.; Song, J.; Li, J.; Liu, J.; Wu, T.; Zhang, P.; Han, B.
Green Chem. 2011, 13, 2078–2082. doi:10.1039/c1gc15340d
67. Lezna, R. O.; De Tacconi, N. R.; Arvía, A. J.
J. Electroanal. Chem. Interfacial Electrochem. 1983, 151, 193–207.
doi:10.1016/s0022-0728(83)80433-1
68. Galizzioli, D.; Tantardini, F.; Trasatti, S. J. Appl. Electrochem. 1974, 4,
57–67. doi:10.1007/bf00615906
69. Haschke, S.; Wu, Y.; Bashouti, M.; Christiansen, S.; Bachmann, J.
ChemCatChem 2015, 7, 2455–2459. doi:10.1002/cctc.201500623
70. Haschke, S.; Pankin, D.; Petrov, Y.; Bochmann, S.; Manshina, A.;
Bachmann, J. ChemSusChem 2017, 10, 3644–3651.
doi:10.1002/cssc.201701068
71. Schlicht, S.; Haschke, S.; Mikhailovskii, V.; Manshina, A.;
Bachmann, J. ChemElectroChem 2018, 5, 1259–1264.
doi:10.1002/celc.201800152
72. Cherevko, S.; Geiger, S.; Kasian, O.; Kulyk, N.; Grote, J.-P.; Savan, A.;
Shrestha, B. R.; Merzlikin, S.; Breitbach, B.; Ludwig, A.;
Mayrhofer, K. J. J. Catal. Today 2016, 262, 170–180.
doi:10.1016/j.cattod.2015.08.014

License and Terms
This is an Open Access article under the terms of the
Creative Commons Attribution License
(http://creativecommons.org/licenses/by/4.0). Please note
that the reuse, redistribution and reproduction in particular
requires that the authors and source are credited.
The license is subject to the Beilstein Journal of
Nanotechnology terms and conditions:
(https://www.beilstein-journals.org/bjnano)
The definitive version of this article is the electronic one
which can be found at:
doi:10.3762/bjnano.10.15

167

Uniform Sb2S3 optical coatings by chemical spray method
Jako S. Eensalu*, Atanas Katerski, Erki Kärber, Ilona Oja Acik, Arvo Mere
and Malle Krunks*

Full Research Paper
Address:
Laboratory of Thin Film Chemical Technologies, Department of
Materials and Environmental Technology, Tallinn University of
Technology, Ehitajate tee 5, Tallinn 19086, Estonia
Email:
Jako S. Eensalu* - jako.eensalu@taltech.ee; Malle Krunks* malle.krunks@taltech.ee

Open Access
Beilstein J. Nanotechnol. 2019, 10, 198–210.
doi:10.3762/bjnano.10.18
Received: 22 September 2018
Accepted: 04 December 2018
Published: 15 January 2019
This article is part of the thematic issue "Chemical thin coating methods
for functional nanomaterials".

* Corresponding author
Guest Editor: J. Bachmann
Keywords:
antimony sulfide; thin films; ultrasonic spray; vacuum annealing;
Volmer–Weber growth

© 2019 Eensalu et al.; licensee Beilstein-Institut.
License and terms: see end of document.

Abstract
Antimony sulfide (Sb2S3), an environmentally benign material, has been prepared by various deposition methods for use as a solar
absorber due to its direct band gap of ≈1.7 eV and high absorption coefficient in the visible light spectrum (1.8 × 105 cm−1 at
450 nm). Rapid, scalable, economically viable and controllable in-air growth of continuous, uniform, polycrystalline Sb2S3
absorber layers has not yet been accomplished. This could be achieved with chemical spray pyrolysis, a robust chemical method for
deposition of thin films. We applied a two-stage process to produce continuous Sb2S3 optical coatings with uniform thickness.
First, amorphous Sb2S3 layers, likely forming by 3D Volmer–Weber island growth through a molten phase reaction between SbCl3
and SC(NH2)2, were deposited in air on a glass/ITO/TiO2 substrate by ultrasonic spraying of methanolic Sb/S 1:3 molar ratio solution at 200–210 °C. Second, we produced polycrystalline uniform films of Sb2S3 (Eg 1.8 eV) with a post-deposition thermal treatment of amorphous Sb2S3 layers in vacuum at 170 °C, <4 × 10−6 Torr for 5 minutes. The effects of the deposition temperature, the
precursor molar ratio and the thermal treatment temperature on the Sb2S3 layers were investigated using Raman spectroscopy,
X-ray diffraction, scanning electron microscopy, energy dispersive X-ray spectroscopy and UV–vis–NIR spectroscopy. We demonstrated that Sb2S3 optical coatings with controllable structure, morphology and optical properties can be deposited by ultrasonic
spray pyrolysis in air by tuning of the deposition temperature, the Sb/S precursor molar ratio in the spray solution, and the postdeposition treatment temperature.

Introduction
Antimony sulfide (Sb2S3) is an environmentally benign material. As Sb and S are abundant elements in the Earth’s crust,
enough raw materials can be supplied to manufacture large

quantities of Sb2S3 in the long term. Sb2S3 can be applied as the
inorganic absorber in solar cells due to its direct band gap of
≈1.7 eV [1,2].
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Sb2S3, prepared by a chemical bath deposition (CBD) [3,4],
spin coating [5], atomic layer deposition (ALD) [6] or chemical
spray pyrolysis (CSP) [7] method, has been applied in extremely thin absorber (ETA) solar cells due to its excellent absorption coefficient in the visible light spectrum (1.8 × 105 cm−1 at
450 nm) [1,2]. Improvements in photocurrent density have been
sought by utilizing a transparent, nanostructured window layer
instead of planar window layers with the ETA Sb2S3 absorber
layer [4,7]. Previous studies show that achieving sufficient
repeatability alongside optimization of the component layers,
i.e., transparent (structured) window layer, Sb 2 S 3 absorber
layer, and hole transport material layer, and their respective
interfaces, is a tremendous undertaking [4].
Attention has surged toward planar heterojunction Sb2S3 solar
cells due to their simpler structure, less intricate production, and
enhanced repeatability vs structured solar cells [8]. Planar
≈1.7 eV absorber layers can be applied in semitransparent solar
cells as well as in tandem solar cells.
Chemical spray pyrolysis (CSP) is a robust and industrially
scalable chemical method for rapid deposition of thin films [9].
Our research group first investigated spray-deposited Sb2S3 by
pneumatically spraying aqueous solutions (tartaric acid added
as complexing agent to prevent hydrolysis [10], akin to studies
by Rajpure et al. [11]) or methanolic solutions of SbCl 3 .
Following, we studied the effect of the Sb/S precursor molar
ratio in solution on ultrasonically sprayed Sb2S3 layers and
presented the first planar TiO2/Sb2S3/P3HT solar cells comprising ultrasonically sprayed Sb2S3 (power conversion efficiency η ≤ 1.9%) [12].
SbCl3 and thiourea (SC(NH2)2) are often used in the field to
deposit Sb2S3 thin films. Spraying the SbCl3/SC(NH2)2 (henceforth Sb/S) 1:6 molar ratio solution at 250 °C in air yielded
separate Sb2S3 grains, which did not cover the TiO2 substrate
entirely, whereas spraying the Sb/S 1:3 solution yielded an
inhomogeneous mix of amorphous and polycrystalline Sb2S3
[12]. We learned to produce continuous uniform layers of polycrystalline Sb2S3 by a two-step process on ZnO nanorod/TiO2
substrates [7]. In this study, we applied this two-step process,
i.e., depositing amorphous Sb2S3 layers on planar substrates,
followed by post-deposition crystallization.
The aim of this study was to produce crystalline, continuous,
Sb2S3 optical coatings with uniform thickness to be applied as a
photovoltaic absorber by ultrasonic spraying on planar glass/
ITO/TiO2 substrates, followed by a post-deposition treatment.
To this end, we studied the effect of the deposition temperature
(T D ), the molar ratio of precursors SbCl 3 and thiourea
(SC(NH2)2) in the spray solution, and the post-deposition treat-

ment temperature on the structure, morphology and optical
properties of ultrasonically sprayed Sb 2 S 3 thin films.

Results and Discussion
Two sequential operations were used to obtain homogeneous
Sb2S3 optical coatings with uniform thickness on planar TiO2
substrates. First, we tuned the deposition temperature and molar
ratio of Sb/S precursors in spray solution to deposit continuous
amorphous Sb 2 S 3 layers. An intimate contact, which is a
prerequisite for high power conversion efficiency in solar
cells [13], is formed at the interface between TiO2 and Sb2S3
during deposition of amorphous Sb2S3 layers. Second, all layers
were thermally treated in an inert environment (vacuum,
<4 × 10−6 Torr) to induce crystallization, without oxidation.
Preliminary experiments at deposition temperatures lower than
182 °C (decomposition of SC(NH2)2 [14,15]) yielded inhomogeneous red-brown layers. Furthermore, in our previous paper,
250 °C was found to be too high a deposition temperature to
obtain sufficient coverage of TiO2 substrate by polycrystalline
Sb2S3 thin films, despite the suitable band gap of 1.6 eV and
high phase purity [12]. Restricted to deposition temperatures in
the range 182–250 °C, we sprayed Sb/S 1:3 and 1:6 molar ratio
precursor solutions at TD = 200, 210, and 220 °C. We varied the
aforementioned parameters to attain the conditions to deposit
dense and homogeneous layers of amorphous Sb2S3, which we
then crystallized by a post-deposition thermal treatment.
Based on the scanning electron microscopy (SEM) images, preliminary experiments revealed that spraying Sb/S 1:6 solutions
consistently yielded twice thinner layers compared to layers
deposited from Sb/S 1:3 solutions. Sb2S3 layers of comparable
thickness were deposited by spraying Sb/S 1:6 solutions for
40 minutes and Sb/S 1:3 solutions for 20 minutes.
The samples are named in the text as follows: A-B-C, where A
is the S/Sb molar ratio in solution, B is the deposition temperature, and C is the specification of the treatment. [Sb/S molar
ratio in solution: “3” for Sb/S 1:3 or “6” for Sb/S 1:6]-[deposition temperature: “200”, “210” or “220” (°C)]-[treatment: “Asdep.” for as-deposited and “170”, “200” or “250” (°C) for samples thermally treated in vacuum].
The samples in which Sb2S3 layers were deposited from either
Sb/S 1:3 or 1:6 solution at TD = 200 °C, followed by thermal
treatment in vacuum at 200 °C (3-200-200, 6-200-200),
contain no Sb2S3, as it likely volatilized completely during the
vacuum thermal treatment. Likewise, treating the Sb2S3 layers
at temperatures higher than 200 °C caused Sb2S3 to completely
volatilize during treatment. Photographs of the samples (Figure
S1) and the description of the vapor pressure calculations
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(Comment S1) are provided in the Supporting Information
File 1. Consequently, only as-deposited samples and samples
thermally treated in vacuum at 170 °C and 200 °C are eligible
for discussion.

Structure of as-deposited and thermally
treated Sb2S3 layers
Raman spectroscopy provides quantitative and qualitative information on the vibrational modes in solids. The wide Raman
band centered at 290 cm−1 [12,16] associated with metastibnite,
i.e., amorphous Sb2S3, is characteristic of as-deposited orange
colored (photograph in Supporting Information File 1, Figure
S1) samples (3-200-As-dep., 3-210-As-dep., Figure 1A; 6-200As-dep., Figure 1B). The band centered at 145 cm−1 is a low
frequency Eg vibrational mode of anatase-TiO2 [17], which is
observed due to the laser beam penetrating to the substrate
[12,16] through the discontinuous Sb 2 S 3 layers. The TiO 2

vibrational band is absent in spectra of Sb2S3 layers containing
less pinholes, as the signal is captured only from Sb2S3.
The narrower bands, attributed to orthorhombic Sb2S3 [16,1820], are present in the spectra of as-deposited and thermally
treated lustrous gray (photograph in Supporting Information
File 1, Figure S1) samples (3-200-170, 3-210-170, 3-210-200,
3-220-As-dep., 3-220-170, 3-220-200, Figure 1A; 6-200-170,
6-210-As-dep., 6-210-170, 6-210-200, 6-220-As-dep., 6-220170, 6-220-200, Figure 1B; photograph in Supporting Information File 1, Figure S1). According to group theory,
orthorhombic Sb2S3 has 30 predicted Raman active modes:
ΓRaman = 10Ag + 5B1g + 10B2g + 5B3g [18,20]. The Raman
spectra were deconvoluted using Lorentzian fitting into vibrational bands of Sb2S3 based on the literature [12,16,21,22]. The
centers of the bands of Sb2S3 in the deconvoluted Raman spectra (Table 1, symmetries taken from [20,21]) are similar to

Figure 1: Raman spectra (shifted for visibility) of the as-deposited and thermally treated Sb2S3 films deposited from Sb/S 1:3 (A) or 1:6 (B) solution at
200, 210, 220 °C. Examples of deconvoluted fitted band curves are presented for the lowermost spectra. Sample names in figures: [S/Sb molar ratio
in solution]-[deposition temperature]-[thermal treatment temperature].

Table 1: Raman band centers and assigned active modes for the studied Sb2S3 layers.

Center of Raman band, cm−1
This study
Ref. [21]
Ref. [20]

Ref. [21]

126
155
188
237
281
301
310

Ag
Ag
B1g
B1g
Ag
Ag
Ag

125
156
189
237
281
300
310

129
158
186
239
282
299
312

Symmetry
Ref. [20]
Ag
Ag/B2g
B1g
B1g/B3g
Ag/B2g
Ag/B2g
Ag/B2g

Vibrational mode, [21-23]

lattice mode
lattice mode
antisym. S–Sb–S bending
symmetric S–Sb–S bending
antisym. S–Sb–S stretching
antisym. S–Sb–S stretching
symmetric S–Sb–S stretching

200

Beilstein J. Nanotechnol. 2019, 10, 198–210.

values reported in our previous studies [7,12]. Band centers,
relative single peak intensities and full widths at half maximum
(FWHM) of the narrow bands centered at 281, 301 and
310 cm−1 can be respectively found in Tables S1, S2, and S3 of
Supporting Information File 1.
The FWHM of the vibrational band centered at 281 cm −1
narrows from ≈24 cm−1 to 21–23 cm−1 after vacuum thermal
treatment of the samples deposited at 210–220 °C from both
Sb/S 1:3 and Sb/S 1:6 solutions (3-210-170, 3-220-170, 6-210170 and 6-220-170) at 170 °C (3-210-170, 3-220-170, 6-210170 and 6-220-170) and narrows by 5 cm −1 at most after
vacuum thermal treatment at 200 °C (3-210-200). The
narrowing of the Raman bands due to thermal treatment leads
us to suppose that crystallization continues during the vacuum
thermal treatment and proceeds further at higher thermal treatment temperatures [16]. The vibrational bands corresponding to
Sb2O3 were not detected by Raman spectroscopy in any of the
studied glass/ITO/TiO2/Sb2S3 samples.

X-ray diffraction (XRD) provides qualitative information on the
phase composition and crystal structure. XRD patterns of reference glass/ITO/TiO2 samples and samples containing XRDamorphous Sb2S3 (3-200-As-dep., 3-210-As-dep., Figure 2A;
6-200-As-dep., Figure 2B) show only diffraction peaks corresponding to cubic In2O3 (2θ = 21.3°, 30.4°, 35.3°, 37.4°, 41.4°,
45.3°, ICDD PDF 03-065-3170) and anatase-TiO 2 (25.3°,
48.2°, ICDD PDF 00-016-0617). The diffraction peaks of
orthorhombic Sb2S3 (ICDD PDF 01-075-4012), space group
Pnma (D2h16) [20,24,25], appear in XRD patterns of lustrous
gray as-deposited and thermally treated Sb2S3 samples (3-200170, 3-210-170, 3-210-200, 3-220-As-dep., 3-220-170, 3-220200, Figure 2A; 6-200-170, 6-210-As-dep., 6-210-170, 6-210200, 6-220-As-dep., 6-220-170, 6-220-200, Figure 2B). The 2θ
angles of observed Sb2S3 diffraction peaks and corresponding
crystal plane indices are presented in Supporting Information
File 1, Table S4. Experimentally determined mean lattice constants a, b and c of Sb2S3 are 11.25 ± 0.07 Å, 3.810 ± 0.025 Å
and 11.16 ± 0.07 Å, respectively. Our experimentally deter-

Figure 2: XRD patterns (shifted for visibility) of as-deposited and vacuum treated (170 °C or 200 °C, 5 minutes) Sb2S3 layers deposited on glass/ITO/
TiO2 substrate from Sb/S 1:3 (A) or 1:6 (B) solution at Ts = 200, 210, 220 °C. Sample names in figures: [S/Sb molar ratio in solution]-[deposition temperature]-[thermal treatment temperature].
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mined mean unit cell volume (479 ± 4 Å3) lies between the experimentally determined volume (486.7 Å3) and the theoretically determined volume (470.5 Å3) calculated from orthorhombic
Sb2S3 powder (>99.99 wt %) data presented by Ibáñez et al.
[20].
Sb2S3 layers deposited from Sb/S 1:6 solution at 210 °C (6-210As-dep., Figure 2B) are polycrystalline, whereas layers
deposited from Sb/S 1:3 solution (3-210-As-dep., Figure 2A)
are XRD-amorphous. Sb2S3 layers deposited at 220 °C from
both Sb/S 1:3 (3-220-As-dep., Figure 2A) and 1:6 (6-220-Asdep., Figure 2B) solution are polycrystalline. Several diffraction peaks corresponding to orthorhombic Sb2S3 were detected
in these samples. No additional phases were detected by XRD
in any studied samples. The presence or absence of amorphous
Sb2O3 as a minor phase in the Sb2S3 layers, as it is difficult to
ascertain by Raman or XRD analyses, has not been conclusively demonstrated.
The diffraction peak of the (2 0 0)/(0 0 2) plane of Sb2S3 is
absent in most samples deposited from Sb/S 1:6 solution. Conversely, the diffraction peak of the (1 0 1) plane of Sb2S3 is
absent in all samples deposited from Sb/S 1:3 solution. Sb2S3
crystallites in most of our samples have no preferred orientation. Only crystallites in as-deposited and vacuum treated
(170 °C) samples deposited from Sb/S 1:6 solution (6-220-Asdep., 6-220-170, Figure 2B) show a preferred orientation
parallel to the substrate surface along the (0 2 0) plane normal
of Sb2S3. Interestingly, this preferred orientation of crystallites
does not extend to the sample with Sb2S3 deposited in the same
conditions, but thermally treated in vacuum at 200 °C (6-220200, Figure 2B).
The larger crystallite size is a boon to the power conversion
efficiency of all solar absorber materials because decreasing the
amount of grain boundaries likely increases charge carrier
mobility [26]. The crystallite sizes of as-deposited and thermally treated Sb2S3 layers are presented in Table 2. The effect
of the deposition temperature is observed in Sb/S 1:3 Sb2S3

layers, as the crystallite size increases after vacuum annealing at
170 °C from 19 ± 8 nm to 100 ± 23 nm by raising TD from
200 to 220 °C. The crystallite size in Sb/S 1:6 Sb2S3 layers
(42 ± 15 nm) does not change significantly with TD or vacuum
treatment. Furthermore, vacuum treatment at 200 °C vs 170 °C
does not substantially affect the crystallite size of Sb2S3 layers.
In comparison, the largest crystallites in Sb2S3 layers grown on
TiO2 substrates via CBD and annealed at 270 °C in N2 for
30 min oriented along the (2 0 0) plane parallel to the substrate
were 74 nm in size [16]. The crystallites oriented along the
(2 0 1) plane were 24 nm in size in Sb2S3 layers grown on
SnO2/F (FTO) coated glass substrates via thermal evaporation
[27]. The crystallite size was 52 nm along the (3 0 1) plane in
Sb2S3 layers grown on glass substrates at 250 °C via spray pyrolysis [28], similar to the crystallite size in some of our samples. We conclude that the mean crystallite size in our Sb2S3
layers is in the general range of values obtained in the literature
using both chemical and physical methods.

Morphology of as-deposited and thermally
treated Sb2S3 layers
Influence of deposition temperature on morphology
of Sb2S3 layers
The aim of this study was to obtain uniform Sb 2 S 3 layers,
which continuously coat the TiO2 substrate. According to SEM
surface studies, layers deposited from both Sb/S 1:3 and Sb/S
1:6 solutions at 200 and 210 °C (3-200-As-dep., 3-210-As-dep.,
Figure 3G,H, Supporting Information File 1, Figure S2A,B,
Figure S3A,B; 6-200-As-dep., Figure 3A,B; 6-210-As-dep.,
Figure 3C,D) cover the substrate almost entirely. Grain boundaries and larger clusters of grains have formed in layers
deposited from Sb/S 1:6 solutions for 40 minutes at 210 °C
(6-210-As-dep., Figure 3C,D, Figure S5C,D). Cap-shaped
islands (Ø 70 nm) in Sb2S3 layers deposited from Sb/S 1:6 solution at TD = 210 °C for 20 minutes (Figure S4A,B), have grown
(Ø 100 nm) and coalesced further after 40 minutes of deposition at 200–210 °C (6-200-As-dep., Figure 3A,B, Figure
S5A,B; 6-210-As-dep., Figure 3C,D, Figure S5C,D, Figure

Table 2: Crystallite size (D) of as-deposited and vacuum treated Sb2S3 thin films. The crystallite size was calculated by the Scherrer equation from
the (2 0 2) diffraction peak of as-deposited and vacuum treated (170 °C, 200 °C, 5 minutes) Sb2S3 thin films deposited on glass/ITO/TiO2 substrates
from Sb/S 1:3 and 1:6 precursor solution at TD = 200, 210, 220 °C.

D, nm
Sb/S in sol.
TD, °C

200

210

220

200

210

220

as-dep.
vac. 170 °C
vac. 200 °C

amorph.
19 ± 8
no layera

amorph.
38 ± 6
32 ± 8

33 ± 10
100 ± 23
67 ± 12

amorph.
37 ± 8
no layera

39 ± 4
35 ± 4
45 ± 6

47 ± 1
49 ± 3
52 ± 3

aNo

1:3

1:6

Sb2S3 was detected by XRD or Raman.
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appear either upright or sideways on the substrate (3-220-Asdep., Figure 3I,J, Figure S3C,D). Rod-shaped Sb2S3 grains were
able to grow due to the nature of the material as well as due to
complex interactions between the substrate and the turbulence
of the spray during deposition [29].
Increasing the sulfur precursor concentration in the spray solution from Sb/S 1:3 to 1:6 (and deposition time from 20 to
40 minutes) yields Sb2S3 layers consisting of agglomerated
grains (6-220-As-dep., Figure 3E,F). As the deposition time was
simultaneously increased from 20 to 40 minutes, it is uncertain
whether the morphology of the Sb2S3 layers is affected more by
the Sb/S molar ratio in solution or by the deposition time. Sb2S3
tends to yield different morphologies in similar deposition
conditions, possibly due to liquid phase reactions between
molten-boiling SbCl 3 (mp 73.4 °C, bp 223.5 °C [30]) and
molten thiourea (TU, mp 182 °C [14,15]) catalyzed by the
highly active surface of the TiO 2 substrate [31].
We have consistently observed twice slower growth of Sb2S3
by spraying solutions with Sb/S 1:6 (Supporting Information
File 1, Figure S4A,B) vs Sb/S 1:3 (Figure 3G,H) molar ratio at
200–220 °C. We speculate that doubling the concentration of
TU could sterically inhibit the formation of solid Sb2S3 nuclei
on the surface of the active TiO2 substrate due to more intense
bubbling of volatile TU decomposition products (CS2, NH3,
HCN, COS, SO2, HCl, HNCS at 200–220 °C in air based on decomposition studies of pure TU [14], Cu(TU) 3 Cl [32],
Zn(TU) 2 Cl 2 [33], and Sn(TU) 2 Cl 2 [34]) in the surrounding
liquid phase.
In summary, the most uniform and continuous Sb2S3 thin films
were deposited from Sb/S 1:3 solution at 200–210 °C.
Figure 3: Surface and cross-sectional views by SEM study of
as-deposited Sb2S3 layers deposited from Sb/S 1:6 solution at
TD = 200 °C (A, B), 210 °C (C, D) or 220 °C (E, F) and from Sb/S 1:3
solution at TD = 210 °C (G, H) or 220 °C (I, J) on glass/ITO/TiO2 substrate. Sample names in figures: [S/Sb molar ratio in solution]-[deposition temperature]-[as-deposited].

S6A,B), thereby covering the TiO2 substrate to a greater extent.
The layers deposited from Sb/S 1:6 solution at 220 °C for
40 minutes (6-220-As-dep., Figure 3E,F, Figure S5E,F) consist
of various agglomerates, separated by pinholes, and grains
flowing randomly along the partially exposed TiO2 substrate
(lower left, Figure 3E).
Increasing the deposition temperature from 210 to 220 °C significantly transforms the surface morphology in Sb/S 1:3 layers,
as instead of the planar grains (3-210-As-dep., Figure 3G,H)
domains of elongated rod-shaped grains (length ≈ 100 nm)

Influence of vacuum treatment temperature on
morphology of Sb2S3 layers
The thermal treatment of X-ray amorphous Sb 2 S 3 layers
(6-200-As-dep., Figure 3A,B; 3-200-As-dep.; 3-210-As-dep.,
Figure 3G,H, Supporting Information File 1, Figure S2A,B) in
vacuum at 170 °C for 5 minutes yields enhanced substrate coverage at the expense of decreased layer thickness due to coalescence of grains and film formation (6-200-170, Figure 4A,B;
3-200-170, Figure 4G,H; 3-210-170, Figure 4I,J). Complete
substrate coverage is observed in the Sb2S3 layers deposited at
210 °C from Sb/S 1:3 solution as coalescence is facilitated
during treatment in vacuum at 170 °C due to the near-continuous coverage of the TiO2 substrate in the as-deposited layers
(3-210-170, Figure 4G,H, Figure S2C,D, Figure S7A,B).
Planar grain agglomerates in thermally treated Sb2S3 layers
(3-210-170, Figure 4G,H, Supporting Information File 1, Figure
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S7A,B; 6-200-170, Figure 4A,B, Figure S9A,B; 6-210-170,
Figure 4C,D, Figure S9C,D) range from 100 nm to over 10 µm
in size. These agglomerates, consisting of smaller grains separated by ridges, resemble the surface morphology of 300 nm
thick polycrystalline Sb2S3 films grown via thermal evaporation and annealed for 10 min at 300 °C in N2 [35], and that of
metal halide perovskites obtained by Volmer–Weber growth via
hot casting [36]. The layers deposited at 220 °C from both Sb/S
1:3 and Sb/S 1:6 solutions, and thermally treated at 170 °C,
consist of numerous grains and pinholes (3-220-170,
Figure 4I,J; 6-220-170, Figure 4E,F).
Sb2S3 layers deposited at 210 °C from both Sb/S 1:3 and Sb/S
1:6 solutions, and thermally treated in vacuum at 200 °C
(3-210-200, Figure 5A,B, Supporting Information File 1, Figure
S8A,C,E; 6-210-200, Figure 5C,D, Figure S8B,D,F), are
porous, inhomogeneous and ≈20 nm thinner (Table 3) vs the
uniform in thickness layers after treatment at 170 °C (3-210170, Figure 4I,J; 6-210-170, Figure 4C,D).

Figure 4: Surface and cross-sectional views by SEM study of thermally treated (170 °C, 5 minutes) Sb2S3 layers deposited from Sb/S
1:6 solution at TD = 200 °C (A, B), 210 °C (C, D) or 220 °C (E, F) and
from Sb/S 1:3 solution at TD = 210 °C (G, H) or 220 °C (I, J) on glass/
ITO/TiO2 substrates. Sample names in figures: [S/Sb molar ratio in
solution]-[deposition temperature]-[thermal treatment temperature].

Figure 5: Surface and cross-sectional views by SEM study of vacuum
treated (200 °C, 5 minutes) Sb2S3 layers deposited from Sb/S 1:6
solution (A, B) and from Sb/S 1:3 solution (C, D) at TD = 210 °C on
glass/ITO/TiO2 substrates. Sample names in figures: [S/Sb molar ratio
in solution]-[deposition temperature]-[thermal treatment temperature].

Table 3: Thicknesses of Sb2S3 layers estimated from SEM images.

Sb2S3 layer thickness, nm
Sb/S 1:3 in sol., 20 min dep.
TD, °C
as-dep.
vac., 170 °C
vac., 200 °C
aThickness

200
70–90
70–90
no layerb

210
80–100
70–90
60–70

220
60/150a
80/150a
N/A

Sb/S 1:6 in sol., 40 min dep.
200
50–70
30–40
no layerb

210
60/400a
60/400a
60–70

220
40/400a
40/400a
N/A

of formations shown in the Supporting Information File 1 in Figures S5, S7, S8 and S9. bNo Sb2S3 was detected by XRD or Raman.
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The decreasing layer thickness indicates that approximately a
quarter of Sb2S3 by volume has either evaporated or sublimated, i.e., volatilized. Incongruent evaporation, i.e., depletion
of sulfur in Sb2S3 during evaporation, may cause the change in
Sb2S3 layer morphology, as volatilization of the planar regions
around the nucleating islands has been reported during thermal
treatment of both Sb2Se3 layers grown via thermal evaporation
[37] and oxide containing Sb2S3 layers grown via CBD [16].
The calculated vapor pressure of Sb2S3 is ≈2 × 10−10 Torr at
170 °C, 7 × 10−9 Torr at 200 °C and 9 × 10−7 Torr at 250 °C
[38], whereas the dynamic system pressure is ≈4 × 10−6 Torr.
The calculated partial pressure of Sb2S3 is ≈0.0050% at 170 °C,
0.18% at 200 °C and 23% at 250 °C (Comment S1 in Supporting Information File 1). The loss of a quarter of the Sb2S3 layer
thickness in samples that were vacuum annealed at 200 vs
170 °C (Table 3) correlates with the exponential increase in
Sb2S3 vapor pressure in the 170–250 °C range.
In conclusion, the most uniform and continuous Sb2S3 thin
films were produced by vacuum treatment at 170 °C for 5 min
of Sb 2 S 3 layers deposited from Sb/S 1:3 solution at
200–210 °C.

Elemental composition of as-deposited and
thermally treated Sb2S3 layers
The elemental composition of Sb2S3 in as-deposited and thermally treated glass/ITO/TiO2/Sb2S3 samples was determined
using energy dispersive X-ray spectroscopy (EDX). The EDX
results of studied Sb2S3 layers in terms of S to Sb atomic ratio
(S/Sb) are presented in Table 4. S/Sb in both as-deposited and
vacuum annealed polycrystalline Sb 2 S 3 layers deposited at
TD = 220 °C is close to the stoichiometric value of 1.5 of Sb2S3,
whereas the S/Sb ratio of as-deposited and thermally treated
Sb2S3 layers (Sb/S 1:3 in solution, TD 200–210 °C, 3-200-Asdep., 3-210-As-dep., 3-200-170, 3-210-170) is ≈1.3. S/Sb is
≈1.5–1.6 in layers deposited from Sb/S 1:6 solution at
200–220 °C.

Table 4: S/Sb atomic ratio of as-deposited and thermally treated
Sb2S3 layers calculated from EDX data.

S/Sb in layer
Sb/S in sol.
TD, °C
as-dep.
vac., 170 °C
vac., 200 °C

200

1:3
210

220

200

1:6
210

220

1.3
1.3
N/A

1.3
1.3
1.4

1.5
1.5
N/A

1.6
1.6
N/A

1.5
1.6
1.5

1.5
1.5
N/A

We note that interpretation of EDX spectra of very thin layers is
difficult. Most of our Sb2S3 layers are thinner than 100 nm,

which could explain the divergence in the elemental composition of our Sb2S3 layers. Therefore, future studies by more surface sensitive methods are required. Overall, S/Sb in most
studied samples approximates the stoichiometric value of 1.5 of
Sb2S3.
Oxygen could not be quantified by EDX due to the thin layers
and high concentration of O in the glass/ITO/TiO2 substrate. In
addition, C and Cl levels were below the detection limit of the
used EDX setup in all studied Sb2S3 layers, meaning most C
and Cl species exit the growing Sb2S3 layer during deposition
in open environment (Supporting Information File 1, Figure
S11). We believe that this reinforces our claim that formation of
Sb2S3 proceeds through a molten phase reaction between SbCl3
and TU, where the denser (4562 kg/m3 [39]) Sb2S3 precipitates
and nucleates, while the remainder of the volatile compounds
(SbCl3, and various decomposition products of TU) exit the
system [14,15,38,40].

Growth mechanism of Sb2S3 layers by spray
pyrolysis
The three most common growth mechanisms of solids can be
described by the following equations [41]:
(1)
(2)
(3)
Where σSG is the surface free energy of the substrate–gas interface (TiO2–air), σLG is the surface free energy of the layer–gas
interface (Sb2S3–air) and σSL is the surface free energy of the
substrate–layer interface (TiO2–Sb2S3). The surface free energy
(σ) is the driving force of fluids and solids to seek a condition of
minimum energy by contracting interfacial surface area [41].
Separate 3D islands grow if Equation 1 is valid, a.k.a.
Volmer–Weber growth; 2D layer-by-layer growth occurs if
Equation 2 is valid, a.k.a. Frank–Van der Merwe growth;
combined 2D layer-by layer and 3D island growth occurs if
Equation 3 is valid, a.k.a. Stranski–Krastanov growth [36,4143].
Furthermore, SEM surface studies show cap-shaped islands indicative of Volmer–Weber growth in Sb2S3 layers deposited on
Si/SiO2 alternative substrates by ultrasonic spraying (Supporting Information File 1, Figure S10A,B). Metastibnite-Sb2S3
forms when formation of stibnite-Sb2S3 is halted by insufficient reaction time and energy [44-46]. Volmer–Weber island
growth of amorphous Sb2S3 (and in some cases leaf-like grains
of polycrystalline Sb2S3) have been observed in Sb2S3 layers
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grown by chemical bath deposition on glass [47,48], In2O3/Sn
(ITO) [49], planar TiO2 [16] and TiO2 nanotube arrays [50], by
sequential deposition [51] and spin coating [8,52] on planar
TiO2, by photochemical deposition on mesoporous TiO2 [53],
by thermal evaporation on planar CdS [27] and planar TiO2
[54]. Supported by these numerous observations, we consider
the Volmer–Weber growth characteristic of Sb2S3, given that
the substrate and deposition conditions are met. Indeed,
metastibnite, the naturally occurring mineral form of amorphous Sb2S3, has the botryoidal characteristic, preferentially
forming globular clusters [55]. We have also observed 3D
growth of extremely thin TiO2 layers by spray pyrolysis [56].
Therefore, 3D island growth may partially be imposed by the
use of the spray pyrolysis method as well.
Based on the above observations, the morphology and crystallinity of as-deposited layers seems to determine the nature of
Sb 2 S 3 layer morphology as formed during vacuum thermal
treatment. Our proposed growth mechanism of Sb2S3 by ultrasonic spraying in air is illustrated in Figure 6.

Optical properties of as-deposited and
thermally treated Sb2S3 layers
The absorption coefficient (α) and band gap (E g ) values of
Sb2S3 in both as-deposited and thermally treated glass/ITO/
TiO2/Sb2S3 samples were determined using an approximated
Sb2S3 layer thickness of 100 nm derived from SEM images
(Table 3). The absorption coefficient α was determined as

(4)

where d is the layer thickness, R is the total reflectance,
included to compensate for thin film interference, and T is the
total transmittance.
The band gap of Sb 2 S 3 layers was determined by plotting
(αhν)1/r vs hν, where h is the Planck constant, ν is the frequency and r = 1/2 is the exponent corresponding to the assumed
direct optical transition [57]. Extrapolating the linear region of
this curve to the hν-axis yields the optical band gap. Thin film
interference could not be completely removed by accounting for
reflectance in α calculations. Thus, the absolute values of α may
deviate from the expected values with the uncertainty introduced by using a constant layer thickness in calculations.
The α vs wavelength plots of samples, which contain
as-deposited or vacuum-treated Sb2S3 layers deposited from
Sb/S 1:3 solution, are shown in Figure 7A. Likewise, α vs
wavelength plots of Sb/S 1:6 samples are shown in Figure 7B.
The α in samples containing amorphous Sb 2 S 3 increases
steadily from 10 3 –10 4 cm −1 at 600–800 nm to 10 5 cm −1 at
around 400 nm. The α increases significantly faster in samples
containing as-grown crystalline Sb2S3 or vacuum crystallized
Sb2S3. The value of α surges by an order of magnitude from
around 104 cm−1 to 105 cm−1 as the wavelength decreases from
750 nm to 650 nm due to the onset of absorption in crystalline
Sb2S3. At shorter wavelengths beyond the absorption edge, α
increases at a slower rate, from around 105 cm−1 at 650 nm to
more than 5 × 105 cm−1 at 300 nm. The optical absorption
results are in agreement with XRD, which shows that these
samples (3-220-As-dep., 3-210-170, 6-210-As-dep. and 6-200170) contain orthorhombic Sb2S3 (Figure 2A,B). Comparing the
α spectra of samples containing amorphous and crystalline

Figure 6: Proposed growth mechanism paths of Sb2S3 by Volmer–Weber growth during ultrasonic spraying of methanolic solution of
SbCl3–SC(NH2)2 in excess of sulfur precursor in aerosol. Amorphous Sb2S3 nucleates after precipitation from a molten SbCl3–SC(NH2)2 mixture: A –
Amorphous Sb2S3 islands nucleate on the rigid TiO2 substrate and grow by 3D Volmer–Weber growth, surrounded by a protective bubbling liquid film
of volatile SbCl3 and TU decomposition products (1), eventually interconnecting by coalescence of sufficiently large islands to minimize Sb2S3–air
interfacial free surface energy (2), and form grain boundaries during crystallization in vacuum or inert environment (3). B – Sb2S3 crystallizes into
separate grains if either the deposition temperature, the deposition time or the excess of TU in Sb/S precursor molar ratio exceed a critical value
before or during process A, i.e., the energetic threshold for crystallization is surpassed.
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Figure 7: Absorption coefficient (α) vs wavelength of glass/ITO/TiO2/Sb2S3 samples incorporating as-deposited and vacuum treated (170 °C,
5 minutes) Sb2S3 layers. The α of glass/ITO/TiO2 substrates is not shown as it is negligible at the presented wavelengths. Sb2S3 layers were
deposited from Sb/S 1:3 solution at 210 °C, 220 °C (A) and from Sb/S 1:6 solution at 200 °C and 210 °C (B).

Sb2S3 further confirms that the Sb2S3 layers deposited from
Sb/S 1:3 solution at 200–210 °C, and from Sb/S 1:6 solution at
200 °C, are indeed amorphous. Namely, α is an order of magnitude smaller at around 600 nm in samples containing amorphous Sb2S3 layers (3-210-As-dep. and 6-200-As-dep.).
The experimentally determined E g are ≈2.7 and 1.8 eV for
amorphous and polycrystalline Sb2S3, respectively (Table 5,
Tauc plots in Supporting Information File 1, Figure S12). In
comparison, Eg of amorphous CBD-Sb2S3 on glass substrates is
≈2.5 eV [58] and Eg of polycrystalline Sb2S3 prepared by physical and chemical methods is commonly reported as 1.6–1.8 eV
[1,22,58-60]. As such, we find the Eg of our polycrystalline
Sb2S3 layers lies satisfactorily in the range of published values.
Table 5: Band gap (Eg) of as-deposited and thermally treated Sb2S3
layers, as estimated assuming direct optical transition and Tauc plotsa
of optical transmittance spectra of glass/ITO/TiO2/Sb2S3 samples.

Experimental

Eg, eV
Sb/S in sol.
TD, °C

200

as-dep.
2.6
vac. 170 °C 1.8
vac. 200 °C no layerb

1:3
210

220

200

2.7
1.8
1.8

1.8
1.8
1.8

2.7
1.8
no layerb

tion temperature and the molar ratio of precursors in spray solution. Nonuniform, discontinuous layers of polycrystalline Sb2S3
(Eg 1.8 eV) were deposited by ultrasonic spray pyrolysis of
SbCl3/SC(NH2)2 1:3 solution at TD ≥ 220 °C or 1:6 solution at
TD ≥ 210 °C on glass/ITO/TiO2 substrates in air. Increasing the
concentration of the sulfur precursor in spray solution from
Sb/S 1:3 to 1:6 reduced the crystallization temperature of Sb2S3
layers by ≈10 °C. Uniform layers of amorphous Sb 2 S 3
(Eg ≈ 2.7 eV, S/Sb 1:3) were deposited on glass/ITO/TiO2 substrates in air by ultrasonic spray pyrolysis of Sb/S 1:3 solution
at TD = 200–210 °C. High quality, uniform, pinhole-free coatings of polycrystalline orthorhombic Sb2S3 (Eg 1.8 eV, S/Sb
1.3) with lateral grain size as large as 10 μm were produced
by crystallization of amorphous Sb 2 S 3 layers in vacuum at
170 °C for 5 minutes. Such Sb2S3 optical coatings are very
attractive for future application as low-cost absorber layers in
solar cells.

Materials

1:6
210

220

1.8
1.8
1.8

1.8
1.8
1.8

aSupporting

Information File 1, Figure S12A,B. bNo Sb2S3 was
detected by XRD or Raman.

Conclusion
The structure, the morphology, and the optical properties of
Sb2S3 layers could be controlled by varying the spray deposi-

Commercial 1.1 mm thick soda-lime glass coated with 150 nm
25 Ω∙sq−1 tin doped indium oxide (ITO) from ZSW was used as
a substrate. The substrates were rinsed with deionized water,
methanol (99.9 vol %), deionized water, dipped in aqueous
room temperature H 2 SO 4 (1 vol %), rinsed again with deionized water, and dried at 105 °C in air.
TiO2 was prepared by methods used in our previous papers
[7,12]. The TiO2 film thickness was ≈80 nm based on SEM
images. The Sb2S3 layers were deposited from 30 mM SbCl3
(99 wt %) and SC(NH2)2 (99 wt %) methanolic (99.9 vol %)
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solutions at molar ratios of Sb/S 1:3 and Sb/S 1:6. All chemicals were purchased from Sigma-Aldrich and used without any
additional processing. The precursor solutions were prepared
inside a glovebox with controlled humidity (<14 ppm).
The solutions were ultrasonically nebulized and guided by
compressed air at a flow rate of 5 L·min−1 onto glass/ITO/TiO2
substrates at deposition temperatures of 200, 210, and 220 °C
for 20 min (Sb/S 1:3) or 40 min (Sb/S 1:6). After deposition,
some of the samples were thermally treated in dynamic vacuum
(<4 × 10−6 Torr) at 170, 200 or 250 °C for 5 min. The average
heating and cooling rate was ≈8 °C·min−1.
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Abstract
In the present study the advantageous pulsed-injection metal organic chemical vapour deposition (PI-MOCVD) technique was used
for the growth of nanostructured La1−xSrxMnyO3±δ (LSMO) films on ceramic Al2O3 substrates. The compositional, structural and
magnetoresistive properties of the nanostructured manganite were changed by variation of the processing conditions: precursor
solution concentration, supply frequency and number of supply sources during the PI-MOCVD growth process. The results showed
that the thick (≈400 nm) nanostructured LSMO films, grown using an additional supply source of precursor solution in an exponentially decreasing manner, exhibit the highest magnetoresistance and the lowest magnetoresistance anisotropy. The possibility to use
these films for the development of magnetic field sensors operating at room temperature is discussed.

256

Beilstein J. Nanotechnol. 2019, 10, 256–261.

Introduction
Perovskite manganite materials are an interesting topic of
research since they can be applied as sensors for measuring the
magnetic field due to the colossal magnetoresistance (CMR)
phenomenon [1]. The complex physics of manganite materials
provides an opportunity to tune their electric and magnetic
properties over a wide range by variation of chemical composition [2-5], film thickness [6,7] and nanostructure [8,9], as well
as induced lattice strain [10-12]. The manganite films consisting
of columnar nanograins have already been successfully applied
for the sensing of high pulsed magnetic fields (B-scalar sensor)
[13,14]. Despite this development, the scalar (independent of
field orientation) CMR effect under a low magnetic field is still
a challenging goal towards practical applications due to low
sensitivity and large magnetic anisotropy [15,16]. For this
reason, the investigation and control of the magnetoresistive
properties of manganite materials on the nanometer scale is of
great importance. It was shown that the change of nanostructure by variation of deposition temperature influences the magnetic properties of the films [17]. The increase of the deposition
rate also results in changes in the crystallite dimensions, leading
to a higher number of nucleation sites [18]. In our research, the
pulsed-injection metal organic chemical vapour deposition (PIMOCVD) [19,20] was used to enable easy and reproducible

control of the growth rate and nucleation site density by introducing the additional supply source of the precursor solution to
the reaction chamber.
The novelty of our investigations concerns the growth of
La1−xSrxMnyO3±δ (LSMO) films on ceramic Al2O3 substrates
in two different technological ways, resulting in different
microstructure of the obtained nanostructured films. Such films
have an advantage in comparison with the epitaxial films
grown on monocrystalline substrates since they exhibit high
magnetoresistance (MR) values over a broader temperature
range [1].
In this study, we present the possibility to tune and to select the
necessary properties of nanostructured LSMO films by
changing the film thickness and microstructure in order to
obtain higher sensitivity and lower anisotropy, important for
magnetic field sensing.

Results and Discussion
Two series of films of variable thickness were deposited:
I – one source with LSMO solution, II – 2 separate sources,
LSMO solution and solvent source (Figure 1). The growth rate

Figure 1: Schematic representation of the two deposition series of nanostructured LSMO films. I series – the mixture of precursors dissolved in the
solvent is supplied to the reaction chamber. II series – 2 separate supply sources are used: i.) mixture of the precursor solution; ii.) solvent only,
supplied in an exponentially decreasing manner leading to larger crystallites (TEM figures) and improved MR properties. (a, b) Cross-sectional TEM
pictures of nanostructured LSMO films, for I and II deposition series.
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was controlled by application of additional solvent, resulting in
the dilution of the precursor in the gas phase.
The transmission electron microscopy (TEM) analysis
(Figure 1a,b) shows the column-like growth with larger dimensions and more dense, close packing of the crystallites for the II
series.

Film composition, structure and surface
morphology
Figure 2a–c presents scanning electron microscopy (SEM)
images of the films with different thickness showing the
increase in the crystallite dimensions with the film thickness.
Moreover, the mass spectroscopy measurements revealed the
change of elemental composition: the average strontium amount
decreased with the decrease of film thickness independent of
the deposition series (Figure 2d). The amount of La (1−x(Sr))
was slightly decreased from 0.975 to 0.9 with respect to the
increase of the amount of Sr from 0.025 up to 0.1. The
measured content of Mn in the films was in the range of
1.12–1.21. The grazing incidence X-ray diffraction (GIXRD)
measurements presented in Figure 2e show no secondary
phases, only the characteristic peaks associated with the Al2O3
substrate and polycrystalline LSMO films with a perovskite-like

crystal structure with rhombohedral distortions (the space group
) for both deposition series. The shift of the characteristic
LSMO peaks to higher θ/2θ angles indicates the reduction of the
a and c lattice parameters. The LeBail modelling of the XRD
patterns showed the linear dependence of lattice parameters on
the film thickness (Figure 2f). Additionally, the reduction of
(n0n) peak intensities was observed for nanostructured LSMO
films with a decrease of the film thickness for both deposition
series (Figure 2e and inset). This effect is attributed to the
reduction of the cell volume and appearance of strain in the
films with the decrease of the film thickness, as was also observed by H. Baaziz and co-authors for La0.9Sr0.1MnO3 nanoparticles [21].

Transport and magnetoresistive properties
In nanostructured manganite materials the difference in dimensions of crystallites and change of the relative amount of grain
boundaries (GBs) and film composition significantly change the
transport behaviour [17,21]. The decrease of electrical resistivity and the increase of the metal–insulator transition temperature (TMI) were observed with the increase of film thickness,
crystallite dimensions and Sr content for both deposition series
(Figure 3a and 3b). No significant difference in the TMI was observed for the I and II series (Figure 3b insert).

Figure 2: (a–c) SEM pictures of LSMO films (I series) deposited on Al2O3 substrates with different thickness: (a) 70 nm, (b) 160 nm and (c) 480 nm.
(d) The average strontium (x) content (deduced from ICP-MS measurements) dependence on the thickness of the deposited LSMO films (I and II
series, the red line is a guide for the eye). (e) GIXRD patterns for the LSMO films of different thickness for the I series. The inset presents peaks and
their shift with thickness for the II series. The stars represent the characteristic peaks of the Al2O3 substrate, the vertical lines represent the characteristic peaks of LSMO in rhombohedral distortion. (f) The a and c lattice parameters calculated from XRD patterns for LSMO films of both series.
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Figure 3: (a) Resistivity dependence on temperature for nanostructured LSMO films with thickness in the range of 30–480 nm grown on Al2O3 substrates; (b) TMI dependence on film thickness for both deposition series, black line is a guide for the eye. Inset – resistivity dependence on temperature for 370 nm thick LSMO films of the I and II series.

However, higher resistivity values were observed for the I series
films (Figure 3b insert) due to smaller crystallites (Figure 4a,b)
and larger number of GBs. The average crystallite diameter of
56 nm and 69 nm was found for the I and II series (Figure 4c),
respectively.
The technological processing and decrease of the growth rate
(I series – 28 nm/min; II series – 18 nm/min) enabled an

increase of the crystallite size at the same deposition
temperature. In relation to the dimensions of the crystallites
and transport properties, the increase of the MR (where
MR = (ρB − ρ0)/ρ0 and ρB and ρ0 are the field and zero field
resistivity, respectively) with film thickness was observed
(Figure 4d,e). The largest MR magnitude (6%, when the field
was directed parallel to the film plane B|| = 0.7 T) was obtained
for the thickest films (≈400 nm) of the II series. The measured

Figure 4: SEM picture of LSMO films grown from (a) one supply source - I series; (b) two supply sources - II series. (c) Comparison of relative frequency dependence on diameter of the crystallites for the I and II series 370 nm thick films. Magnetoresistance dependence on LSMO film thickness
with applied external magnetic field of 0.7 T parallel (B||) and perpendicular (B ) to the plane of the film grown from (d) one supply source and (e) two
supply sources. (f) Magnetoresistance anisotropy dependence on film thickness for both deposition series. The lines are the guides for the eye.
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MR values of this II series films at room temperature are higher
in comparison with the results obtained by other authors (<2%)
[22,23]. For the field perpendicular to the film plane
, the
MR was lower due to the demagnetization effect, which
resulted in MR anisotropy
(Figure 4f). It is known that in thin manganite films the direction of the easy axis of magnetization is parallel to the film
plane due to the fact that the demagnetization field is directly
linked with the geometric shape of the sample [15,16]. In our
case, this effect is partly compensated by the columnar structure of the film, where each individual crystallite has the easy
axis of magnetization directed perpendicular to the film plane.
Therefore, this compensation is more effective for thicker films
of the II series, having larger monolithic crystallites with the
most probably of higher individual magnetization in comparison with the films of the I series with smaller crystallites. As a
result, the compensation of the demagnetization field leads to
the lower MRA (25%) and slightly higher sensitivity ΔMR/ΔB
(7.7%/T) measured at 0.7 T for II series films, whereas for the
I series films, MRA is ≈50% and the sensitivity 6.5%/T.
For higher fields, the MRA decreased (14% at 2 T, 2% at
10 T) implying the possibility to use these films for the development of B-scalar sensors operating under high magnetic
fields.

Conclusion
In this study, the nanostructured LSMO films were grown by
PI-MOCVD in two different technological ways (with and without additional source of solvent) enabling the control of the
microstructure and magnetoresistive properties of the films. It
was demonstrated that the crystallite dimensions and magnetoresistance magnitude increase with the film thickness. Moreover, the usage of an additional solvent source decreases the
growth rate of the films, leading to an increase of crystallite
dimensions. As a result, an increase in the magnetoresistance
and reduction of magnetoresistance anisotropy is achieved,
which is technologically important for the production of magnetic field sensors.

Experimental
The nanostructured LSMO films were grown on ceramic Al2O3
substrates by the PI-MOCVD technique by supplying a mixture
of precursor solution and solvent in micro-doses of 3 mg.
La(thd)3, Sr(thd)2, and Mn(thd)3 (where thd is 2,2,6,6-tetramethyl-3,5-heptandionate) were used as precursors and dissolved in the dimethoxyethane solvent. Two deposition series
were performed using one (precursor solution – I series) or two
(precursor solution and solvent – II series) precursor supply
sources with a constant 2 Hz supply frequency. The software
controlling the operation of the second supply source (solvent)
is based on the following 5-step program: the supply frequency

is kept constant during each step and is changed after different
time intervals (steps) – 30, 90, 105, 280 and 350 s, in order to
follow an exponentially decreasing law. During the first cycle,
two additional micro-doses of solvent with respect to the precursor solution were supplied, whereas during the last cycle,
only the precursor solution was injected. The supply of the solvent source during the intermediate cycles was varied as shown
in Figure 1. The LSMO films were deposited at 750 °C and
10 Torr with a partial 3.5 Torr oxygen pressure and postannealed for 10 minutes in oxygen atmosphere. The thickness
of the films was changed in the range of 30–480 nm and determined using a Taylor Hobson Talystep profilometer. The
crystal structure of the films was analysed by GIXRD measurements using a Bruker D8 Advance diffractometer, where the
incident X-ray beam was fixed at 0.5°. The refinement of the
peak shape in the XRD diffraction patterns was performed by
using the computer program TOPAS 4.2. The XRD peak shape
corrections were proceeded with LaB 6 powder standard
(SRM660a) certificated by the National Institute of Standards
and Technology. The morphology of the films was investigated
by SEM (Hitachi SU70). The structural analysis was performed
in cross section geometry by TEM (FEI Tecnai G2 F20
X-TWIN). The elemental composition analysis was performed
by inductively coupled plasma high-resolution mass spectrometry (ICP-MS) - Thermo Scientific Element2, where the films
were totally dissolved in 2% nitric acid. For the electric transport and magnetoresistance measurements, the Ag contacts with
a Cr sublayer were thermally deposited and postannealed at
450 °C for 1 h in Ar atmosphere. The magnetoresistance (MR)
measurements were performed under a permanent magnetic
field up to 0.7 T using an electromagnet and a pulsed field up to
10 T using a generator based on capacitor bank discharge
through a special multi-shot magnetic field coil.

Acknowledgements
R. Lukose and N. Zurauskiene acknowledges the funding from
the European Union’s Horizon 2020 research and innovation
programme under the Marie Sklodowska-Curie grant agreement No 751905. V. Plausinaitiene, M. Vagner, N.
Zurauskiene, S. Kersulis and V. Stankevic are thankful for the
partial support of these investigations by the Research Council
of Lithuania under Grant S-MIP-17-110.

ORCID® iDs
Rasuole Lukose - https://orcid.org/0000-0003-0154-2656
Valentina Plausinaitiene - https://orcid.org/0000-0002-3591-2224
Milita Vagner - https://orcid.org/0000-0001-8557-5628
Nerija Zurauskiene - https://orcid.org/0000-0003-0912-4563
Skirmantas Kersulis - https://orcid.org/0000-0002-1815-357X
Virgaudas Kubilius - https://orcid.org/0000-0002-8727-1617
Karolis Motiejuitis - https://orcid.org/0000-0002-9197-1763
Voitech Stankevic - https://orcid.org/0000-0002-6552-0862

260

Beilstein J. Nanotechnol. 2019, 10, 256–261.

Martynas Skapas - https://orcid.org/0000-0002-6152-4612
Algirdas Selskis - https://orcid.org/0000-0002-0940-3733

20. Abrutis, A.; Plausinaitiene, V.; Kubilius, V.; Teiserskis, A.; Saltyte, Z.;
Butkute, R.; Senateur, J. P. Thin Solid Films 2002, 413, 32–40.
doi:10.1016/s0040-6090(02)00352-8

References

21. Baaziz, H.; Tozri, A.; Dhahri, E.; Hlil, E. K. Ceram. Int. 2015, 41,

1. Haghiri-Gosnet, A.-M.; Renard, J.-P. J. Phys. D: Appl. Phys. 2003, 36,

22. Staruch, M.; Jain, M. J. Solid State Chem. 2014, 214, 12–16.

R127–R150. doi:10.1088/0022-3727/36/8/201
2. Abdelmoula, N.; Dhahri, E.; Fourati, N.; Reversat, L. J. Alloys Compd.
2004, 365, 25–30. doi:10.1016/s0925-8388(03)00639-x
3. Yusuf, S. M.; Sahana, M.; Dörr, K.; Rößler, U. K.; Müller, K.-H.

2955–2962. doi:10.1016/j.ceramint.2014.10.129
doi:10.1016/j.jssc.2013.11.037
23. Zhang, Z.; Ranjith, R.; Xie, B. T.; You, L.; Wong, L. M.; Wang, S. J.;
Wang, J. L.; Prellier, W.; Zhao, Y. G.; Wu, T. Appl. Phys. Lett. 2010,
96, 222501. doi:10.1063/1.3432113

Phys. Rev. B 2002, 66, 064414. doi:10.1103/physrevb.66.064414
4. Raychaudhuri, P.; Mukherjee, S.; Nigam, A. K.; John, J.;
Vaisnav, U. D.; Pinto, R.; Mandal, P. J. Appl. Phys. 1999, 86,
5718–5725. doi:10.1063/1.371584

License and Terms

5. Troyanchuk, I. O.; Lobanovsky, L. S.; Khalyavin, D. D.;
Pastushonok, S. N.; Szymczak, H. J. Magn. Magn. Mater. 2000, 210,
63–72. doi:10.1016/s0304-8853(99)00620-4
6. Moon, E. J.; Balachandran, P. V.; Kirby, B. J.; Keavney, D. J.;
Sichel-Tissot, R. J.; Schlepütz, C. M.; Karapetrova, E.; Cheng, X. M.;
Rondinelli, J. M.; May, S. J. Nano Lett. 2014, 14, 2509–2514.
doi:10.1021/nl500235f

This is an Open Access article under the terms of the
Creative Commons Attribution License
(http://creativecommons.org/licenses/by/4.0). Please note
that the reuse, redistribution and reproduction in particular
requires that the authors and source are credited.

7. Monsen, Å.; Boschker, J. E.; Macià, F.; Wells, J. W.; Nordblad, P.;
Kent, A. D.; Mathieu, R.; Tybell, T.; Wahlström, E.
J. Magn. Magn. Mater. 2014, 369, 197–204.
doi:10.1016/j.jmmm.2014.06.038
8. Henry, L. L.; Gnanasekar, K. I.; Chen, C.; Meletis, E. I. Nano Lett.

The license is subject to the Beilstein Journal of
Nanotechnology terms and conditions:
(https://www.beilstein-journals.org/bjnano)

2004, 4, 741–745. doi:10.1021/nl049947f
9. Hunter, D.; Dadson, J. B.; Zhang, K.; Lasley, B.; Lord, K.;
Williams, T. M.; Rakhimov, R. R.; Pradhan, A. K.; Zhang, J.;
Sellmyer, D. J. J. Appl. Phys. 2006, 99, 08Q307.

The definitive version of this article is the electronic one
which can be found at:
doi:10.3762/bjnano.10.24

doi:10.1063/1.2162088
10. Suzuki, Y.; Hwang, H. Y.; Cheong, S.-W.; van Dover, R. B.
Appl. Phys. Lett. 1997, 71, 140–142. doi:10.1063/1.119454
11. Millis, A. J.; Darling, T.; Migliori, A. J. Appl. Phys. 1998, 83, 1588–1591.
doi:10.1063/1.367310
12. Ovsyannikov, G. A.; Petrzhik, A. M.; Borisenko, I. V.; Klimov, A. A.;
Ignatov, Y. A.; Demidov, V. V.; Nikitov, S. A. J. Exp. Theor. Phys. 2009,
108, 48–55. doi:10.1134/s1063776109010075
13. Stankevič, T.; Medišauskas, L.; Stankevič, V.; Balevičius, S.;
Žurauskienė, N.; Liebfried, O.; Schneider, M. Rev. Sci. Instrum. 2014,
85, 044704. doi:10.1063/1.4870280
14. Balevičius, S.; Žurauskienė, N.; Stankevič, V.; Keršulis, S.;
Plaušinaitienė, V.; Abrutis, A.; Zherlitsyn, S.; Herrmannsdörfer, T.;
Wosnitza, J.; Wolff-Fabris, F. Appl. Phys. Lett. 2012, 101, 092407.
doi:10.1063/1.4749820
15. Žurauskienė, N.; Keršulis, S.; Medišauskas, L.; Tolvaišienė, S.
Acta Phys. Pol., A 2011, 119, 186–188.
doi:10.12693/aphyspola.119.186
16. Zurauskiene, N.; Balevicius, S.; Stankevic, V.; Kersulis, S.;
Schneider, M.; Liebfried, O.; Plausinaitiene, V.; Abrutis, A.
IEEE Trans. Plasma Sci. 2011, 39, 411–416.
doi:10.1109/tps.2010.2064338
17. Zurauskiene, N.; Balevicius, S.; Stankevic, V.; Kersulis, S.;
Klimantavicius, J.; Plausinaitiene, V.; Kubilius, V.; Skapas, M.;
Juskenas, R.; Navickas, R. J. Mater. Sci. 2018, 53, 12996–13009.
doi:10.1007/s10853-018-2567-y
18. Willmott, P. R. Prog. Surf. Sci. 2004, 76, 163–217.
doi:10.1016/j.progsurf.2004.06.001
19. Felten, F.; Senateur, J. P.; Weiss, F.; Madar, R.; Abrutis, A. J. Phys. IV
1995, 05, C5-1079. doi:10.1051/jphyscol:19955127

261

Site-specific growth of oriented ZnO nanocrystal arrays
Rekha Bai1, Dinesh K. Pandya*1, Sujeet Chaudhary1, Veer Dhaka2,
Vladislav Khayrudinov2, Jori Lemettinen2, Christoffer Kauppinen2 and Harri Lipsanen2

Full Research Paper
Address:
1Thin Film Laboratory, Physics Department, Indian Institute of
Technology Delhi, New Delhi 110016, India and 2Department of
Electronics and Nanoengineering, Micronova, Aalto University,
Tietotie 3, 02150 Espoo, Finland
Email:
Dinesh K. Pandya* - dkpandya@physics.iitd.ac.in

Open Access
Beilstein J. Nanotechnol. 2019, 10, 274–280.
doi:10.3762/bjnano.10.26
Received: 09 September 2018
Accepted: 27 December 2018
Published: 24 January 2019
This article is part of the thematic issue "Chemical thin coating methods
for functional nanomaterials".

* Corresponding author
Guest Editor: J. Bachmann
Keywords:
electrodeposition; growth kinetics; nanocrystals; nucleation; twinning;
zinc oxide

© 2019 Bai et al.; licensee Beilstein-Institut.
License and terms: see end of document.

Abstract
We report on the growth of ZnO nanocrystals having a hexagonal, prismatic shape, sized 700 nm × 600 nm, on bare indium tin
oxide (ITO) substrates. The growth is induced by a low ion flux and involves a low-temperature electrodeposition technique.
Further, vertically aligned periodic nanocrystal (NC) growth is engineered at predefined positions on polymer-coated ITO substrates patterned with ordered pores. The vertical alignment of ZnO NCs along the c-axis is achieved via ion-by-ion nucleation-controlled growth for patterned pores of size ≈600 nm; however, many-coupled branched NCs with hexagonal shape are formed when
a patterned pore size of ≈200 nm is used. X-ray diffraction data is in agreement with the observed morphology. A mechanism is
proposed to interpret the observed site-specific oriented/branched growth that is correlated to the pore size. As ordered NC arrays
have the potential to generate new collective properties different from single NCs, our first demonstration of a cost effective and
facile fabrication process opens up new possibilities for devices with versatile functionalities.

Introduction
Metal oxide semiconductor nanostructures are quite interesting
not only in terms of the basic growth mechanism involved in
their fabrication, but also due to the large number of applications based on them in the field of nanoscale optoelectronics
[1-4]. ZnO is an important direct band gap (≈3.3 eV), nontoxic,
metal oxide semiconductor, which can readily be used for optoelectronic applications. The properties of ZnO can be tailored
by changing the morphology of the structures. Thus, fabrication of ZnO having different morphological structures such as
nanorods [5-7], nanowires [8], tetrapods [9], nanodisks [10],

nanotubes [11], flowers [12], and nanocrystals [13], have been
reported. Among the many nanostructured morphologies
possible for ZnO, self-assembled ZnO nanocrystals (NCs) have
been attracting great attention due to their versatile applications
[14]. Self-assembled NC arrays collectively can possibly
demonstrate new properties, unlike the fixed properties of
single NCs, forming new nanostructures with useful functionalities. Semiconductor NC self-assembly depends on the shape
and size of the NCs, a broad range of interactions comprising
the cohesive forces of the bulk material, as well as strong

274

Beilstein J. Nanotechnol. 2019, 10, 274–280.

coulomb interactions, weak van der Waal forces, and hydrogen
bonding. There are reports on the growth of self-assembled
twinned pyramids and twinned ZnO nanocrystals [14-16]. The
growth of self-assembled NCs is generally reported by solutionbased methods such as hydrothermal and solvothermal techniques, which are time consuming, involve multistep methodologies and may be cost ineffective processes [15-20]. In addition to that, these solution-based methods employ a high concentration of precursors and the growth is controlled by some
additional reactants during the chemical reaction such as KOH,
LiOH and NaOH [21,22]. These additional reactants are employed to reduce the growth rate as well as growth temperature.
But, even for a very small concentration of additional reactant
added in the reaction bath, the incorporation of some exotic
metal ions in the ZnO lattice may produce some inadvertent
defect levels and charge carrier recombination centers, in turn
deteriorating some of the important material properties. Moreover, these reactants are responsible for changing the surface
energy of the crystal facets in an undefined and complex way,
which results in the formation of branched nanostructures [21].
Another disadvantage of these solution-based techniques is that
the growth takes place in the solution itself and the grown nanocrystals are distributed randomly when collected on the substrate. However, in applications like solar cells based on core/
shell ZnO nanocrystals, site-specific growth of the well-aligned
nanocrystals is quite important. Therefore, the position-controlled oriented growth of ZnO NC array architectures is highly
desirable for practical applications.
In order to simultaneously accomplish the controllable growth
of highly ordered as well as highly oriented ZnO NCs with high
throughput and maintain low cost for possible large-scale production, we have explored the feasibility of the process based
on the combination of employing the use of patterned substrates and a cost-effective growth technique. In particular, we
demonstrate the growth of hexagonal faceted self-assembled
twin ZnO NCs on bare indium tin oxide (ITO) substrate via a
facile low temperature electrodeposition technique that has the
potential of yielding good crystal quality with a variety of
possible nanoarchitectures under low ion-flux conditions. This
growth method has many advantages over the techniques employed in the earlier reports, such as controlled, fast and massproduction process of material fabrication; no requirement of
additional reactant (generally used for decreasing the growth
temperature and growth rate); cost-effective (due to employing
a simple electrolytic bath cell and current source) and ability to
grow various nanostructures at ambient pressure and temperature. Moreover, the directed nanocrystal growth can be accomplished on a substrate, rather than in the solution. Furthermore,
from the current reported work it is quite difficult to conclude
about the nature of twinning, that is, whether twinning appears

by joining two NCs or if a single nanocrystal gives rise to the
twinned crystal. However, in the electrodeposition technique,
since the growth proceeds from a nucleus formed on the conducting substrate used as an electrode, this technique can play
an important role to shed some light on the plausible growth
mechanism involved in the fabrication of twinned ZnO NCs.
We demonstrate the growth of self-assembled twin ZnO NC
arrays at predefined positions by employing polymer-coated
ITO substrates patterned with periodic ordered pores. The
growth of c-axis-aligned twin ZnO nanocrystal arrays was
achieved at specific sites via a low-temperature electrodeposition technique with excellent control over orientation, dimension, and location. The effect of a patterned pore size in controlling the growth of array vs branched ZnO NCs is shown. A
mechanism based on the nucleation and growth is proposed to
understand the oriented/branched twin ZnO NC morphologies.

Experimental
Growth of ZnO nanocrystals
An electrodeposition technique was employed to grow ZnO
nanocrystals on both bare and on an array of pores patterned
on the polymer-coated indium-doped tin oxide (ITO) conducting substrates. The patterning process for the polymer,
poly(Disperse Red 1 acrylate), involves laser interference lithography and oxygen plasma etching and has been reported in
detail previously [23]. Two different sizes of pores with diameter ≈600 and ≈200 nm patterned on the ITO substrate employed
in the present work are shown in Figure 1. The period of the
pores was kept nearly the same. The electrodeposition process
was carried out in a specially designed, closed, three electrode,
glass cell. The bare/polymer-coated patterned ITO substrates
were used as a working electrode (2 × 2 cm2) while a platinum
sheet (2.5 × 2.5 cm2) and a saturated calomel electrode (SCE)
were used as the counter and reference electrodes, respectively.
The electrolyte (bath) temperature was kept at 60 °C. For the
growth of ZnO, the precursor solution was obtained from the
1 mM Zn(NO3)3·6H2O. The electrochemical deposition of ZnO
was carried out in solution having pH ≈5.6 at deposition potential −1.0 V (vs SCE) for 15 minutes using an electrochemical
analyzer (CHI1104A). After deposition, the sample was removed from the electrolyte and rinsed in deionized water [24].
The sample grown on bare ITO is named as SB; the samples
grown on patterned ITO with pore size ≈600 and ≈200 nm are
named as S600 and S200, respectively.

Characterization of ZnO nanocrystals
The ZnO nanocrystals grown on bare/patterned ITO were structurally characterized using an X-ray diffractometer (PANalytical X’pert Pro model) having Cu Kα radiation (λ = 1.54 Å) in
the 2θ range 20° to 80° using grazing incidence X-ray diffrac-
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Figure 1: Field emission scanning electron microscopy images of (a) polymer-coated ITO patterned with a pore size of ≈600 nm, and (b) polymercoated ITO patterned with a pore size of ≈200 nm.

tion (GIXRD). The setup consists of an X-ray mirror, a Ni filter,
and a PIXcel3D detector in scanning line mode. The surface
morphology of the prepared samples was investigated by using
a field emission scanning electron microscopy (FESEM) using a
Zeiss Supra 40 device. A JEOL 2200FS transmission electron
microscope (TEM) was used to investigate the crystallinity of
the NCs.

Results and Discussion
The FESEM images of ZnO NCs grown on bare ITO and on the
array of pores patterned on the polymer-coated ITO substrates
are shown in Figure 2. ZnO NCs grown on bare ITO are shown
in Figure 2a–c and exhibit hexagonal prismatic shape that is
characteristic of the wurtzite structure of ZnO. The crystals are
well separated from each other and are oriented randomly on
the substrate. This exhibits a central grain boundary (GB) perpendicular to the elongation direction (marked with dotted line
in Figure 2b,c) that is generally assigned to twinning. These
crystals with well-defined hexagonal face and side facets possess an overall length (2L) of ≈700 nm and a width/diagonal
(D) of ≈600 nm. Typically, the top hexagonal faces of nanocrystals are composed of flat hexagonal terraces as seen in
Figure 2b,c, characteristic of the layer-by-layer growth mechanism and are thus a clear indication of the ion-by-ion nucleation-controlled deposition process [5,25]. So, we observe that
twinned ZnO NCs with almost the same diagonal dimension
grow on bare ITO, though in random orientations. However,
these become vertically aligned when grown in pores patterned
on an ITO substrate with pore diameter ≈600 nm. Figure 2d–f
shows the growth of such ZnO NCs (sample S600). It can be
seen that the ZnO NCs grow in the pores on the ITO surface
which is not covered with polymer. The growth of NCs is quite
periodic as guided by the pore pattern. It can be further seen

that the twinned ZnO NCs are grown in such a way that hexagonal faces, that define the c-axis, are parallel to the substrate. In
Figure 2e,f, the central grain boundary perpendicular to the
elongation direction can be clearly seen and indicates that
polymer-assisted growth on ITO did not affect the morphology
of twin NCs but helps to align them with their c-axis normal to
the substrate. Moreover, the length and width of crystals are
same as observed in the SB sample. Thus, we can say that the
periodic array of c-axis-oriented twinned NCs at predetermined
sites can be grown by patterning the polymer-coated ITO substrate. We also tried to control the width of well-aligned ZnO
NCs by employing ITO patterned with a pore size of ≈200 nm
(Figure 2g–i). Surprisingly, in contrast to the S600 sample,
wherein crystals with c-axis normal to the ITO substrate are
formed, many coupled branched ZnO NCs with hexagonal
shape are revealed when the pore size was decreased to
≈200 nm (sample S200), demonstrating the significant effect of
pore size on the morphology of ZnO NCs. However, it may be
pointed out that although the overall morphology of the NCs is
changed in S200, the periodicity observed is maintained in both
S600 and S200 samples as per the pore pattern planned on the
ITO substrate.
Now, the growth of twinned NCs on ITO substrate can be
understood in terms of nucleation and growth kinetics involved
during the fabrication process. The electrodeposition technique
employed in this work rules out the formation of twinned ZnO
NCs by co-joining two individual crystals of length ≈L (as is
possible in solution-based techniques where two crystals independently formed by homogeneous nucleation in the solution
itself can get coupled) as the growth starts by heterogeneous nucleation on the ITO surface. Since twinned crystals are observed to be formed, it is plausible that initially ZnO NCs

276

Beilstein J. Nanotechnol. 2019, 10, 274–280.

Figure 2: Top view FESEM images of ZnO NCs for (a, b, c) SB (on bare ITO) (d, e) S600 (on patterned ITO with pore size ≈600 nm), (g, h) S200 (on
patterned ITO with pore size ≈200 nm) at low magnification and at high magnification; and the cross-sectional view for (f) S600 (i) S200, respectively.

having length ≈L and width ≈D grow on the bare ITO surface,
and subsequently, a second set of crystalline material starts to
grow on the top of first crystal and, in the process, leads to formation of twinned ZnO NCs. It is interesting to note that both
the crystals forming the twin are almost of same dimensions, L
and D. The obvious question is what gives rise to twin formation. The twin growth can be understood as follows. ZnO
crystal structure consists of hexagonally close packed oxygen
and zinc atoms. ZnO crystals consists of a top tetrahedron
corner-exposed polar zinc (0001) face, six symmetric non-polar
{
} planes parallel to the [0001] direction, and a basal polar
oxygen (
) face [17]. It is well known that the hexagonal
wurtzite ZnO has two polar planes (0001) and (
), which
have high surface energy that can absorb new small particles to
reduce its surface energy and thus ZnO NCs are oriented to
grow along the [0001] direction [17]. The attractive force be-

tween the two basal planes is a prime requirement to make a
twinned crystal. So, two negatively charged O (or positively
charged Zn-terminated) crystal planes of ZnO can be linked
together by adsorption of positively (or negatively) charged
species. In the present work, only Zn(NO3)3·6H2O is used as
precursor to fabricate ZnO crystals and the reaction involved for
the formation of ZnO crystals is as follows:

As only NO2− ions are released during the reaction, so we can
say that the two positively charged Zn-terminated polar planes
are connected together by adsorption of NO2− and this could
understandably account for the attractive force needed between
two Zn-terminated basal planes for eventual formation of
twinned NCs of ZnO.
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The growth of c-axis oriented/branched ZnO NCs can be correlated to pore-size-dependent growth kinetics of ZnO crystals. In
the case of the S600 sample that exhibits a vertical array of ZnO
nanocrystals, the size of the pore was approximately equal to
the width of ZnO NCs that are formed on bare ITO (sample
SB). The growth conditions, still being same, allow the unhindered growth of ZnO NCs identical to that of the SB case,
except only on the specific sites on the ITO surfaces exposed by
patterning that are available for the heterogeneous nucleation.
As the size of the pore was equal to the width of ZnO NCs
grown on bare ITO, the lateral growth on the substrate is not
restricted by the walls of the pores; however, the growth direction becomes aligned normal to the substrate. It is well known
that ZnO crystals can be grown on ITO substrate with the
(0001) plane parallel to the substrate plane. This results in the
formation of c-axis-oriented NCs and twinning appears as explained earlier. But, in the case of S200 sample, the size of the
patterned pore is three times smaller than the width of the crystals grown in case of SB and S600 samples. This results in the
constrained lateral growth due to the walls of the pore and
results in increased surface energy at the side faces of ZnO
NCs. The constrained growth continues until the ZnO crystal
grows to fill the pore and comes above the pore walls. Subsequently the seven surfaces (six sides and one top surface) serve
as secondary nucleation sites and growth restarts from these
high surface energy sites in order to reduce the surface energy
accumulated from pore wall constrained growth. The branched
coupled crystals are thus formed. So, we can conclude that the
size of the patterned pore plays a crucial role to determine the
morphology developed during the growth process.
XRD spectra of twinned ZnO NCs grown on the bare and
patterned ITO substrates are shown in Figure 3. The XRD
patterns of all the samples show that all the observed peaks correspond to hexagonal wurtzite phase (JCPDS 05-0664) of ZnO.
The absence of any additional peak suggests that no other phase
is formed. The peak marked by (*) emerged from the underlying ITO substrate. The substrate peak has relatively low intensity since the used GIXRD setup measures the volume close to
the sample surface. It can be further seen that the XRD pattern
of ZnO NCs grown on bare ITO does not show any preferential
orientation for a particular plane and indicates the random orientation of the crystals grown on the bare ITO substrate, which
is in accordance with the FESEM observations (Figure 2a). In
contrast, the XRD pattern of S600 is dominated by a sharp
diffraction peak at 34.4° corresponding to (002) planes and is
indicative of the growth of ZnO NCs with the c-axis perpendicular to the substrate [5]. Some weak peaks corresponding to
ZnO phase, e.g., (103), are also present on account of the slight
tilt of the NCs away from vertical. The XRD results and
FESEM images (Figure 2d) exhibiting vertically standing hex-

agonal prisms are consistent with each other. However, the
XRD spectra of S200 shows no preferential orientation of any
particular plane. This is in accordance with the FESEM data of
the sample (Figure 2g), where ZnO NCs with branches oriented
in various non-vertical directions are observed. Thus, we can
conclude that the observed FESEM and XRD observations are
consistent with each other with respect to the oriented and
aligned growth of ZnO NCs or otherwise.

Figure 3: X-ray diffraction spectra of ZnO NCs for SB (on bare ITO),
S600 (on patterned ITO with pore size ≈600 nm), and S200 (on
patterned ITO with pore size ≈200 nm).

To further examine the crystal structure and morphology of the
twinned ZnO NCs, TEM measurements were performed and the
recorded images for the S600 sample are shown in Figure 4.
Figure 4a,b shows the low-resolution bright-field TEM images
of the hexagonal-shaped twinned S600 ZnO NCs. The figures
reveal a smooth and clean surface with flat hexagonal terraces
at the top of ZnO NCs having width/diagonal D ≈ 600 nm,
which is consistent with the observed FESEM in Figure 2d,e.
The corresponding high-resolution TEM (HRTEM) image is recorded to further investigate the morphological characteristics
of ZnO NCs. The observed sharp lattice fringes in the HRTEM
image reveal the good crystallinity of twinned ZnO NCs. This is
possibly due to the low ion flux arriving at the substrate surface
that promotes the formation of well-ordered hexagonal-shaped
twinned ZnO NCs followed by a controlled heterogeneous ionby-ion growth mechanism [5,6] as demonstrated by the lattice
fringes in Figure 4c. The NCs exhibit interplanar spacing of
d ≈ 2.6 Å belonging to the (002) lattice plane of the wurtzite
phase of ZnO (JCPDS 05-0664), which is well in agreement
with the XRD results (Figure 3). Moreover, the selected area
electron diffraction (SAED) pattern (Figure 4d) reveals the
excellent crystallinity of ZnO NCs and confirms the growth of
the c-axis normal to the substrate in these twinned ZnO NCs.
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Figure 4: Microstructure characterization of hexagonal-shaped twinned ZnO NCs for the S600 sample. (a, b) Low-resolution TEM image, (c) highresolution TEM image, and (d) selected area electron diffraction pattern.

Now we compare our growth method and quality of twinned
ZnO NCs with similar structures reported previously. Greer et
al. [15] have employed gelatin as the structure-directing agent
to fabricate twinned ZnO NCs. The removal of embedded
gelatin in NCs requires calcination at 600 °C, which may in turn
impact the physical properties on account of the known role of
oxygen vacancies and defects on electron transport behavior of
ZnO [26,27]. But in our case no such high temperature processing is required at any stage. Cho et al. [17] have used a solution
method with tri-potassium citrate and trisodium citrate as additional reagents to grow the twinned ZnO NCs. The growth
method they adopted involves multiple steps and is quite time
consuming as zinc acetate dihydrate and ammonia solution containing citrates is initially kept at 90 °C for one hour in a
Teflon-lined autoclave and subsequently dried in an oven at
60 °C for 12 hours. Taubert et al. [18-20] have employed different polymers to grow the twinned ZnO NCs, but the surface
quality and flatness of their NCs are quite low compared to
those synthesized in our case, which are almost atomically flat.
In addition to that, none of the previous reports exhibit fabrication of well-aligned periodic arrays of ZnO NCs and site-specific growth, which is quite essential for their use in novel technological applications.

Conclusion
The growth of twinned nanocrystals of ZnO, 700 nm length and
600 nm width, with hexagonal prismatic shape has been demonstrated by employing a low-temperature single-step electrodeposition process, free of any supplementary reactants/additives,
by creating low ion-flux conditions. It is further demonstrated
that the ITO substrate patterned with a pore size of ≈600 nm
provides site-specific growth centers for fabrication of ordered
arrays of twin ZnO NCs with their c-axis [0001] perpendicular
to the substrate plane. In contrast, a substrate patterned with a
pore size of ≈200 nm (significantly smaller than the width of
the NCs that form under uninhibited growth on the bare ITO
surface) leads to the formation of coupled branched ZnO NCs.
Plausible growth mechanisms underlying the formation of
twinned crystals oriented/branched ZnO NCs are presented. The
formation of twins seems to be facilitated by the linking of the
two positively charged Zn polar surfaces of ZnO NCs by the
negatively charged NO 2 − ions. The formation of branched
structures is attributed to the constrained lateral growth due to
limit imposed by the pore walls and the associated increase in
surface energy. In the absence of such a constraint, for example,
in the case where the pore size matches the crystal width, a
vertically aligned twinned NC array is formed. Such a simple,
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cost effective and large area, scalable fabrication of ZnO NC
array potentially opens a path for new device possibilities with
novel functionalities.
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Abstract
This study aimed to apply annealing processes during the coating of photovoltaic (PV) module glasses to PV modules already
installed through an easy and simple procedure. Three types of annealing treatments were applied to PV module glasses, i.e.,
furnace, rapid thermal annealing (RTA) and torch. Among these, torch annealing, which can be easily carried out at PV module
installation sites, was applied to PV module glasses using different numbers of repetition. Light transmittance, contact angle, antipollution characteristics, adhesion and hardness of the functional coating films after using different annealing treatment times and
methods were measured, and it was confirmed that these characteristics varied depending on the annealing treatment times and
methods. Through this, it was possible to optimize the process conditions that provide excellent anti-pollution characteristics and
could be easily utilized at on-site PV modules.

Introduction
The worldwide consumption of fossil fuels has caused global
warming through emitting carbon dioxide (CO2) and greenhouse gases. To address this problem, continuous efforts have
been made to reduce CO2 emissions through the Paris Agreement in December 2015. In addition, as fossil fuels are expected to be depleted in approximately 130 years, the development of renewable energy sources that can replace fossil energy
is required. Solar energy represents the highest proportion
among the renewable energy sources, and it can produce clean

electricity without noise or by-products [1,2]. Photovoltaic (PV)
modules are installed outdoors and are thus exposed to various
external surface pollutants, such as dust, yellow dust, animal
excrement and rainfall sediment. These pollutants prevent
sunlight from entering the PV modules and thereby degrade the
power generation efficiency. Therefore, various studies have
been conducted of late to effectively prevent the surface pollution of PV modules [3,4]. The PV module surface coating materials that are currently under research must have anti-pollution
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functions and must endure severe temperature differences, and
harsh physical (e.g., external shock) and chemical environments (e.g., animal excrement). They must also have a light
transmittance of 95% or higher [5,6]. Large solar power plants
are currently being installed for power generation, and a huge
amount of time and cost is required for maintenance, including
surface cleaning. Therefore, the introduction of a technology
capable of easily removing pollutants using natural water will
significantly improve the economic efficiency of the maintenance of solar power generation systems [7]. Although a selfcleaning coating technique using a photocatalyst has been developed, the durability is poor due to low adhesion and hardness. Also, production is very difficult, an energy source that
causes catalytic action is needed, and the supply is low. In addition, anti-fogging and anti-condensation technologies have been
applied to module production, but their anti-pollution effects are
not significant [8,9].
In this study a new, easily usable coating technology is proposed that could be applied to PV modules already installed in
the field to effectively improve the self-cleaning of the surfaces
of PV modules. This technology should have the advantage of
being applicable directly at the PV module installation site,
without having to bring the module to the factory for modification. Before applying the coating technology to PV modules,
glass substrates for PV modules were coated with a hydrophilic
silica-based eco-friendly nanomaterial, and the coating films
were thermally annealed using either a furnace, RTA or a torch.
The annealing treatment that uses a torch was applied using different periods of time. For the fabricated specimens, the contact
angle, anti-pollution characteristics, hardness, and adhesion
were measured. The process conditions were optimized by
analyzing the measurement results.

Experimental
The coating solution that was used to improve the anti-pollution characteristics of the PV modules contained silicon dioxide
(SiO2), lithium (Li), and potassium (K). The viscosity, density,
and specific gravity (referring to the density of water) of the
coating solution were 0.01–0.03 kg/m·s, 1.1 g/cm 3 , and
1.13 ± 0.05, respectively. The solution can be used to coat
various materials, such as metals, ceramics, and glass [9].
Before coating the glass slide substrates, the substrates were
subjected to ultrasonic cleaning for 10 min in, consecutively,
trichloroethylene, acetone, methanol and deionized water (DI
water). The substrates were coated with the coating solution
using a brush. After being dried at room temperature for
20 min, the substrates were thermally annealed using a furnace
(L-Series, Jeio Tech Co., South Korea), RTA (RTP-1200,
Nextron Co., South Korea), and a gas torch (KT-2211, Kovea

Co., South Korea, using butane gas). The length of the flame
was about 10 cm, the distance between the flame and the specimen was about 5 cm, and the temperature was about 300 °C. In
addition, the annealing treatment that uses a gas torch, which
can be easily utilized to surfaces of installed or operating PV
modules, was applied from one to five times.
The contact angles of the fabricated functional coating films
were measured using a contact angle analyzer (Phoenix 300
Touch, S.E.O. Co., South Korea). The anti-pollution characteristics were measured using permanent markers instead of actual
pollutants. This method is useful for checking the level of pollutant removal. The hardness was measured using a hardness
tester (CT-PC1, CORETECH Co., South Korea) equipped with
pencils with hardness values from H to 9H (Mitsubishipencil
Co., Ltd., Japan) in accordance with ASTM D3363 of the
American Society for Testing and Materials (ASTM). The
optical characteristics were measured using the integrating
sphere of a UV–visible spectrophotometer (Mega 700, Scinco
Co., Ltd., South Korea).

Results and Discussion
The light transmittance measurement results of the fabricated
functional coatings are summarized in Figure 1. The light transmittance of the coating film thermally annealed at 300 °C using
a furnace was determined to be 95.4%, and that of the coating
film thermally annealed at 300 °C using RTA, 96.5%. When
annealing treatment was performed one to five times using a
torch, the light transmittance was found to be 91.3, 94.7, 98.3,
98.5, and 98.2%, respectively. The light transmittance increased for the first three times of torch annealing. After the
fourth and fifth treatment the transmittance was similar to that
after the third annealing.
Figure 2 and Figure 3 show the contact angle characteristics according to the annealing treatment method. The contact angle
was 15.4° when the coating film was thermally annealed using a
furnace, and it was 14.8° when the coating film was thermally
annealed using RTA. When annealing treatment was performed
one to three times using a torch, the contact angle was 24.3°,
15.5°, and 13.9°, respectively, but the contact angles in the
fourth and fifth annealing treatments were similar to that in the
third annealing treatment.
Figure 4 shows the anti-pollution characteristics after annealing
treatment. Black, red, and blue markings were applied on the
glass slide substrates coated with the functional coating solution, using oil pens. After the markings were naturally dried and
cleaned with water, the specimens thermally annealed using a
furnace, RTA, and three to five torch applications showed
excellent anti-pollution characteristics. In particular, the speci-
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Figure 1: Transmittance (a) according to the annealing treatment method and (b) according to the number of annealing treatment using a gas torch.

Figure 2: Contact angles of the coating films fabricated using various annealing treatment methods: (a) naturally dried; (b) annealed with RTA;
(c) annealed with a furnace; (d) annealed once with a gas torch; (e) annealed two times with a gas torch; (f) annealed three times with a gas torch;
(g) annealed four times a with gas torch; and (h) annealed five times with a gas torch.

Figure 3: Contact angle by (a) annealing treatment method and (b) annealing treatment times using a gas torch.
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Figure 4: Anti-pollution characteristics of the coating films fabricated using various annealing treatment methods: (a) naturally dried; (b) annealed with
RTA; (c) annealed with a furnace; (d) annealed once with a gas torch; (e) annealed two times with a gas torch; (f) annealed three times with a gas
torch; (g) annealed four times with a gas torch; and (h) annealed five times with a gas torch.

mens thermally annealed using three to five torch applications
exhibited the most excellent characteristics.
Figure 5 and Figure 6 show the hardness and adhesion characteristics when annealing treatment was performed on the
coating films using a furnace, RTA, and one to five torch applications. For the analysis of the characteristics, the hardness
values of the fabricated films were measured using a pencil
hardness tester, in accordance with the ASTM D3363 criteria,

and the adhesion values were measured in accordance with the
ASTM D3359 criteria. All the annealed coating films exhibited
5B adhesion and 9H hardness, while the coating film that had
been dried at room temperature exhibited 2B adhesion and 7H
hardness.

Conclusion
A functional coating was applied to glass slide substrates to
improve their anti-pollution characteristics for application in PV

Figure 5: Adhesion characteristics of the coating films fabricated using various annealing treatment methods: (a-1) naturally dried; (a-2) coating film
after the adhesion test; (b-1) annealed; and (b-2) coating film after the adhesion test.

Figure 6: Hardness characteristics of the coating films fabricated using various annealing treatment methods: (a-1) naturally dried; (a-2) coating film
after the hardness test; (b-1) annealed; and (b-2) coating film after the hardness test.
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modules. After coating glass slide substrates made of the same
material as glass substrates for PV modules with functional
films, the results of naturally drying them or thermally
annealing them with a furnace, RTA, or a torch were compared.
In addition, annealing treatments with a torch were carried out
one to five times to observe the changes in the sample characteristics. For the analysis of the characteristics of the fabricated
specimens, light transmittance, contact angle, anti-pollution
characteristics, hardness, and adhesion were measured.
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process using a torch can be applied directly to the installed PV
module. On-site PV modules can be immediately processed
without having to go to the factory, so it is expected that the
amount of maintenance work will be reduced and that the
economic efficiency will increase.
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Abstract
The next generation of electronic devices requires faster operation velocity, higher storage capacity and reduction of the power
consumption. In this context, resistive switching memory chips emerge as promising candidates for developing new non-volatile
memory modules. Manganites have received increasing interest as memristive material as they exhibit a remarkable switching
response. Nevertheless, their integration in CMOS-compatible substrates, such as silicon wafers, requires further effort. Here the integration of LaMnO3+δ as memristive material in a metal–insulator–metal structure is presented using a silicon-based substrate and
the pulsed injection metal organic chemical vapour deposition technique. We have developed three different growth strategies with
which we are able to tune the oxygen content and Mn oxidation state moving from an orthorhombic to a rhombohedral structure for
the active LaMnO3+δ material. Furthermore, a good resistive switching response has been obtained for LaMnO3+δ-based devices
fabricated using optimized growth strategies.

Introduction
Resistive switching (RS) denotes the phenomena occurring in
capacitor-like heterostructures (metal–insulator/semiconductor–metal, MIM), namely memristors, when a non-volatile
change of resistance is produced under the effect of an applied
current or electric field [1]. As these resistance changes are reversible, RS is suitable for redox-based resistive switching
random access memory (Re-RAM) applications, where differ-

ent resistance values can be written, read and erased by
applying the appropriate voltages. Typically two different states
are characterized per device, i.e., a high-resistance state (HRS)
and a low-resistance state (LRS).
As promising candidates for this application, manganites
present large programming windows [2,3], i.e., a high ratio be-
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tween HRS and LRS, as well as the possibility of multi-level
resistance states [4], a clear advantage towards increasing
storage density. The manganite of our choice is LaMnO3+δ
(LMO), as it is able to accommodate a wide range of
cation and oxygen stoichiometry (La 1−y MnO 3−(3y/2)+δ and
LaMn1−zO3−(3z/2)+δ), which leads to changes in its electrical
properties [5]. Here it is important to notice that for a La/Mn
ratio of 1 LaMnO3+δ corresponds to the simplified formula for
cation deficient La 1−ε Mn 1−ε O 3, where ε = δ/(3 + δ). The
apparent oxygen excess in LMO films is expected to be
compensated by a mixed valence state of the manganese cation
(Mn3+/Mn4+).

memory chips, ions from the electrode (such as Cu or Ag)
[18,19] migrate to the other electrode generating a filament
across the memristive material. Another example is the case of
valence-change memories, in which the nature of the contact
varies depending on the difference between the work functions
of electrode and active material, creating an ohmic contact or a
Schottky barrier. Furthermore, some electrodes can be oxidized
forming a new interface layer that can also act as oxygen reservoir (e.g., Ti, TiO2) [20-22]. The use of Pt as bottom electrode
in our LMO-based devices guarantees an inert and ohmic contact, as the work function of LMO is 4.5–5.1 eV [23] and the
one of Pt is 5.9–6.2 eV [24].

Particularly, RS in LMO has been reported to be larger for
oxygen vacancy-rich films [6,7]. Depending on the oxygen
content (δ), the LMO structure changes from orthorhombic to
rhombohedral at high δ [8]. This transition occurs around
δ = 0.09 at room temperature for a La/Mn ratio of 1:1 [5,9]. A
similar transition from orthorhombic to rhombohedral with increasing oxygen content has also been reported for non-stoichiometric lanthanum manganites (La/Mn ≠ 1), for which,
following Vegard’s law, a linear variation of the lattice constants was observed with y and z for the orthorhombic samples,
while a monotonic decrease of the rhombohedral angle α was
observed for the rhombohedral samples [10].

In order to integrate crystalline LMO memristive films in
silicon-based devices, we used commercial platinized silicon as
the bottom electrode/substrate heterostructure. Nevertheless,
these substrates undergo dewetting when exposed to high temperatures for long times. The high temperatures required to
grow perovskite thin films by techniques such as PI-MOCVD
or PLD are a drawback because the continuity of the Pt bottom
electrode can be lost [25]. In this work, we explore a number of
different strategies to integrate LMO films on platinized siliconbased devices by PI-MOCVD, overcoming the challenge of the
high temperatures required for their deposition. The growth parameters have been optimized to fabricate homogeneous and
dense LMO films with different values of δ. Furthermore, we
report the experimental proof of structural changes related to
the growth strategy, being able to tune the LMO structure from
an orthorhombic to a rhombohedral phase, as well as the
changes in Mn n+ valence associated to this structure.

In order to grow engineered LMO films, we chose the pulsed
injection metal organic chemical vapour deposition (PIMOCVD) technique, as it allows for a controlled growth of the
perovskite phase over large areas (at wafer level) with high film
uniformity and conformal coverage using liquid precursors at
room temperature and under an inert atmosphere [11,12]. Both
conventional MOCVD [13-15] and PI-MOCVD [16,17] have
been used for the deposition of epitaxial and polycrystalline
LMO and doped LMO thin films enabling the control of the
oxygen and cation stoichiometry.
Since the precursor solution is simply prepared by dissolution
of metalorganic species, the stoichiometry of the film is easily
tuneable by changing their concentration. Besides, the
PI-MOCVD technique offers the additional benefit of injecting
micro droplets by using an electric valve granting excellent
control over the quantity of precursor transferred to the reaction
chamber and therefore a good control of the thickness of the
films. Hence, by modifying a number of controlled parameters
on the process, such as pulse frequency, oxygen partial pressure and temperature, the structure of the LMO thin films can
be tuned during growth.
In memristors, the electrodes play a crucial role in the RS
response. For example, in electrochemical metallization

Experimental
LMO deposition conditions
LaMnO3+δ (LMO) thin films were grown by pulsed injection
metal–organic chemical vapour deposition (PI-MOCVD) in a
JIPELEC reactor [26,27]. The precursor solutions were prepared using tris(2,2,6,6-tetramethyl-3,5-heptanedionato)lanthanum(III) [La(thd)3] and tris(2,2,6,6-tetramethyl-3,5-heptanedionato)manganese(III) [Mn(thd)3] commercial metal–organic
precursors provided by Strem chemicals, and m-xylene
(1,3-dimethylbenzene) solvent from Alfa Aesar. All solutions
were prepared with a total metallic precursor concentration of
0.0225 M and a La/Mn precursor ratio of 2, the value of which
was previously optimized to grow stoichiometric films with a
La/Mn ratio close to 1.
The injection of the liquid precursors was performed using a
frequency of 2.5 Hz and an opening time of 2 ms with a solution feeding rate of 0.35 mL/min. The evaporator was thermalized at 250 °C and Ar was used as carrier gas. The total pressure in the chamber was fixed at 5 Torr and oxygen gas was
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added directly in the reaction chamber to obtain an oxygen
partial pressure of 50%. Independent heaters and several thermocouples distributed along the reactor circuit allowed for a
well-controlled heat gradient from the injector to the reaction
chamber, maximizing the flux of carried precursor. The deposition temperature inside the main chamber (a hot-wall quartz
reactor heated by an external furnace) ranged from 500 to
750 °C. The substrates used were 1 cm × 1 cm chips cut from a
Pt (150 nm)/TiO 2 (40 nm)/SiO 2 (500 nm)/Si (111) wafer
(VinKarola Instruments).

Structural and electrical characterization
Scanning electron microscopy (SEM) was performed in a
Quanta250 environmental SEM FEG from FEI, and SEM FEG
ZEISS GeminiSEM 500 to study the surface morphology and
determine the LMO thickness using the cross section of the
films. The cationic film composition was analyzed by semiquantitative energy-dispersive X-ray analyses (EDX) using an
Oxford Inca Energy detector coupled to the SEM. A combined
study in X-ray diffraction (XRD) and Raman spectroscopy was
performed to determine the crystal structure of the films and to
detect the presence/absence of secondary phases. XRD was
measured in grazing incidence configuration (GIXRD) in a
5-circle Rigaku Smartlab diffractometer to enhance the diffraction signal from the polycrystalline films and minimize the
signal of the platinized silicon substrate. Raman spectra were
collected using a Jobin Yvon/Horiba Labram spectrometer
equipped with a liquid nitrogen-cooled CCD detector. Experiments were conducted in the micro-Raman mode in a backscattering geometry using a green laser (λ = 514.5 nm). The silicon
spectrum at ambient temperature was always measured and
used as reference to calibrate the LMO spectra. The nanostructure growth was further analyzed in cross section by transmission electron microscopy (TEM), a JEOL 2011 equipment operating at 200 kV with a 0.19 nm point-to-point resolution.
X-ray absorption near-edge spectroscopy (XANES) spectra at
the Mn K-edge of LMO thin films were collected at the ESRF
ID12 beamline (Grenoble, France). Measurements were taken
under vacuum at 25 °C in fluorescence mode using a nearly
constant 200 mA beam current. Two silicon photodiodes detectors were used to collect the total fluorescence, one in backscattering geometry and a second diode mounted at 90°
with respect to the incident beam. The relative variation in the
Mn formal valence was carried out from the experimental recorded inflection point after XANES spectra normalization, and
using references found in the literature for other manganite perovskites [28].
The device fabrication for electrical measurements was performed in clean-room facilities combining laser lithography

(Heidelberg instruments µPG 101) to define the top electrode
pads (200 µm squared pads) and metal evaporation (Plassys
MEB550 electron gun 10 kW) to grow 100 nm thick Au layer as
top metal electrode. The electrical characteristics were
measured under ambient conditions within a Faraday cage with
microprobe manipulators using a B1500 Agilent semiconductor
parameter analyzer.

Results and Discussion
Dense and homogeneous LaMnO3+δ (LMO) thin films with
variable oxygen content (δ) have been deposited by pulsed
injection metal organic chemical vapour deposition (PIMOCVD). The structural transition between orthorhombic and
rhombohedral phases has been correlated with δ and the
manganese oxidation state of the films. Furthermore, the tuned
LMO films integrated in a silicon-based substrate showed resistive switching behavior as a proof-of-concept of the suitability
of their use as ReRAM.

Optimisation of the deposition conditions
In this section we present the optimisation of the temperature
and number of pulses using a fixed pressure of 5 Torr, a gas
mixture composed of Ar 50% and O2 50% during the deposition step, a pulse injection frequency of 2.5 Hz, and an opening
time of the valve of 2 ms. These last two parameters allowed for
a good evaporation of the precursors and a constant flux during
deposition.
Samples grown at 675 °C and ca. 1 h of deposition time (i.e.,
10000 pulses) evidenced the thermal instability of the platinum
substrate surface. The main issues were Pt dewetting, the formation of pinholes at the LMO film, and/or LMO film cracking
due to Pt grain evolution. The surface and the cross section of
the heterostructures showing cracking of the sample, holes and
Pt percolating to the surface are presented in Figure S1 and
Figure S2, respectively, in Supporting Information File 1. In
order to avoid these problems and with the aim of decreasing
the time of exposure of the bare Pt surface to high temperatures,
three strategies including different heating and deposition steps
were proposed and tested, as shown in Figure 1.
(I) Single-step strategy: The reactor was heated at 25 °C/min in
vacuum (ca. 0.15 Torr) up to the deposition temperature. Once
the temperature was reached and stabilized (ca. 10 min), the gas
mixture was introduced in the chamber and the injection of precursors started and ran for a limited deposition time (controlled
number of pulses). Several deposition temperatures in the range
of 650–700 °C were tested.
(II) Single-step strategy with annealing: The heating and deposition procedure was the same as described in strategy I, but
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Figure 1: Growth diagrams of the three deposition strategies. The deposition steps correspond to temperature plateaus at 5 Torr using a gas mixture
of 50% O2 + 50% Ar. I) single-step strategy; II) single-step strategy with an annealing treatment (i.e., anneal in oxygen) at 500 °C and 5 Torr; III) twostep strategy scheme.

adjusting the deposition temperature between 660 and 680 °C.
Once the injection was completed, an additional thermal treatment at 500 °C was performed. The samples were let to cool
down to the post-deposition annealing temperature at a rate
of 10 °C/min. At this temperature the environment was modified (i.e., annealing in oxygen) and the temperature was held for
1 h.
(III) Double-step strategy: This growth procedure was divided
in two deposition steps at different temperatures. The first step
consisted of depositing a stabilizing layer at an intermediate
temperature (500 °C) and was followed by a second deposition
step at high temperature (750 °C) to achieve the complete crystallization of the film. The heating conditions of the first step
were the same as described in strategy I. Next, after a new
heating ramp up to 750 °C (25 °C/min), the second deposition
step took place once the temperature was reached. Cooling
down began right after the injection was completed to minimize the time the sample was held at high temperature.
As common points to all strategies the mixture of gases (O2/Ar)
was introduced in the reactor chamber when a temperature
50 °C lower than the deposition temperature was reached. Controlled cool-down conditions varied depending on the desired
structure (orthorhombic or rhombohedral). The samples were
cooled down to an intermediate temperature (450–400 °C) using
a cooling ramp of 10 °C/min in a specific gas environment
(either pure Ar or O2/Ar mixture in strategy I, and O2/Ar mix-

ture in strategies II and III). From this intermediate temperature,
the cool-down rate was free and the pressure was kept at 5 Torr
using only Ar gas. The influence of the atmosphere during cooling was investigated using strategy I through comparison of the
effect of using either O2/Ar mixture gas or pure Ar.
Figure 2 summarizes the LMO film growth as a function of the
maximum temperature used and the period of time at which the
samples were exposed to temperatures above 500 °C. This
representation allows one to define the temperature region in
which Pt remains thermomechanically stable, as well as the
time limits to obtain dense and homogenous LMO films, i.e.,
without nanoporosities due to insufficient thickness, or the
opening of grains in a flower bouquet-manner for thick films
(see Figure S3 in Supporting Information File 1).
For strategy I, as a first approach samples were deposited at
500, 600 and 700 °C. At 600 °C the LMO layers showed low
crystallinity whereas above 700 °C, diffusion of Pt across the
film occurred, which may lead to short circuits in the final
LMO-based device. The samples corresponding to this strategy
are depicted as red squares in Figure 2. The points inside the
shadowed green region correspond to deposition conditions for
which dense and homogeneous LMO films are successfully obtained. The maximum appropriate temperature was 700 °C for
times (above 500 °C) shorter than 45 min. This time limit could
be increased (up to 50 min) for the deposition temperature range
between 640 and 680 °C.
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which the growth is stable for longer times, since the protective
layer grown at 500 °C prevents Pt dewetting and Pt grain evolution.

Figure 2: Representation of the range of appropriate deposition conditions. Maximum temperature used versus time of exposure to temperatures above 500 °C. Red squares stand for single step strategy
(strategy I), blue triangles for single step strategy with in situ annealing
(strategy II). Green circles stand for double step strategy (strategy III).
Data in the green shadowed area correspond to successfully grown
dense and homogeneous LMO films without instability issues. The red
shadowed region corresponds to films with Pt instability problems.
Purple area corresponds to columnar growth and opening of the
grains, leading to porous films.

Strategy II was designed to obtain higher δ values in the LMO
film by adding a post-deposition annealing step. LMO films
were grown following strategy II (represented in Figure 2 by
blue triangles) respecting the same critical limits established
from strategy I. It was proved that despite the addition of a thermal annealing at 500 °C for 1 h, the selected conditions led to
dense and homogeneous LMO films.
For strategy III, based on two consecutive deposition steps at
500 and 750 °C, the critical parameters were: (i) the LMO layer
thickness obtained by growth at low temperature (d1) to stabilize the Pt layer, and the LMO layer thickness corresponding to
the second growth at 750 °C (d2) that must fully cover the LMO
film deposited first; (ii) the time at 750 °C, which must be sufficiently long to allow the bottom LMO layer to be fully crystallized but short enough to avoid Pt dewetting; (iii) the maximum
thickness d1 + d2 (and the ratio between both thicknesses d1/d2)
in order to obtain non-porous films (see Figure S2 in Supporting Information File 1), which is limited by the opening of
grains in a flower bouquet-manner through columnar growth.
As previously explained, for strategies I and II, the time above
500 °C was limited to 45/50 min and the temperature should not
exceed 700/685 °C during this time. This leads necessarily to a
limitation in the LMO film thickness, which was of 60–80 nm
for the fixed injection frequency of 2.5 Hz. Nevertheless,
this limitation cannot be extrapolated to strategy III, for

The deposition time at 750 °C in strategy III was varied between 35 and 85 min. It is important to notice that strategy III
allowed the growth of highly dense LMO films on Pt at 750 °C
for longer deposition times, the Pt film was stable for all samples. In addition, the exposure times at 750 °C were enough to
fully crystallise the LMO protective layer. From this point of
view, strategy III is more robust than strategies I and II. Nevertheless, large thickness samples (green circle at 85 min above
500 °C in Figure 2) exhibit columnar grain opening that makes
them inappropriate for device fabrication where flat surfaces are
required. Besides, in strategy III, we have to take into consideration the effect of thicknesses d1 (500 °C) and d2 (750 °C),
bearing in mind that d1 should be thick enough to operate as
protective layer and that d 2 should be continuous enough.
Therefore, for this last strategy the minimum deposition time required above 500 °C is ca. 30 min, and the maximum time will
be limited by the beginning of columnar opening, around
60 min.
In summary, the outcome of this optimisation process allowed
for the determination of the optimal temperature/time range of
growth for each strategy, i.e., the time limit before Pt begins
dewetting, films begin to crack or nanoporosities begin to form.
For films thicknesses smaller than 80 nm, strategy I and II are
the most suitable, while strategy III is optimal for film thicknesses above 80 nm. In the latter case, the maximal thickness
before columnar grain opening depends on d1 and d2 and will
be subject of further studies.

Structural and composition characterisation
of LMO thin films
In order to properly compare the films obtained by each
strategy, structural and chemical studies were carried out by
electron microscopy coupled to EDX. Within the resolution
limit no differences in composition were observed for the different deposition strategies. Figure 3 shows the comparison of
the surface films morphology with the same thickness
(80–100 nm) grown by strategy I (Figure 3A), strategy II
(Figure 3B) and strategy III (Figure 3C). All films are polycrystalline and highly compact with average grain sizes of
15 ± 4 nm, 18 ± 4 nm, and 22 ± 4 nm, respectively. Moreover,
the LMO films are homogeneous and do not exhibit porosity,
cracking or dewetting.
Furthermore, TEM cross-section observation of the LMO films
was performed for strategies I and III, which correspond to the
extreme cases (Figure 4). The cross-section images corrobo-
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Figure 3: SEM surface images of the LMO films deposited by, A) strategy I, B) strategy II, and C) strategy III. The grain size increases from strategy I
to III (i.e., 15, 18, 22 nm, respectively). All presented LMO thin films are of the same thickness of ca. 100 nm.

Figure 4: TEM cross-section images from LMO films grown by strategy I (A) and strategy III (B). A) A continuous and homogeneous film is observed.
The Si3N4 coating marked with * comes from device fabrication. B) A homogeneous crystallization of LMO from bottom to top was achieved in the
second deposition step.

rated that in both heterostructures the Pt layer is continuous and
stable as required; neither dewetting nor Pt diffusion occurred at
the interface. The good crystallization of both films was also
verified, including the bottom part of the film for the case of
strategy III (d1 thickness), which was deposited at a lower temperature. The cross section of strategy III showed more irregular columns, probably due to the difference in growth temperature between the two steps, but no flower bouquet effect is observed for this thickness of ca. 100 nm.
The first step of the phase identification for the LMO films
grown by strategies I, II and III was performed by GIXRD. The
XRD patterns corresponding to representative LMO films
deposited by the three strategies are shown in Figure 5.
All diffraction peaks can be attributed to the polycrystalline
LMO perovskite phase without any clear preferential orienta-

tion and no impurities. Therefore, pure LMO can be obtained
through all three deposition strategies. Nevertheless, the
orthorhombic and rhombohedral patterns are quite similar and
do not allow for an easy discrimination between both structures.
Because the structure is strongly linked to the oxygen content,
complementary structural characterization was carried out by
Raman spectroscopy to identify the LMO phase. As reported by
M. N. Iliev et al. [29], Raman spectroscopy is very sensitive to
small changes in the LMO structure, allowing one to discriminate between the two phases. The orthorhombic phase is characterized by sharp Raman lines at high wavenumbers: Ag mode
(in-phase stretching/out-of-phase bending) at 493 cm−1 and B2g
mode (in-phase stretching) at 612 cm−1, while a weaker Ag
mode (rotational) is observed around 257 cm−1. On the other
hand, the Raman spectrum of the rhombohedral phase is
composed of broad bands centred at ca. 497 and 617 cm−1,
related to the Jahn–Teller distortion while weaker bands are ob-
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Figure 5: GIXRD patterns obtained for LMO thin films grown by
strategy I (cooled in Ar and cooled in O2), strategy II (1 h post-anneal
in O2) and strategy III. The orthorhombic (Pnma for La0.974Mn0.974O3)
and rhombohedral (R-3c for La0.95Mn0.95O3) patterns have been
added for comparison (ICDD: 01-087-2015 and 04-007-6350, respectively).

served at lower wavenumbers, such as the characteristic rotational mode, A1g, at 217 cm−1.
Figure 6 shows the evolution of the LMO Raman spectrum
from an orthorhombic phase (bottom red curve) to a rhombohedral phase (top blue curve). At low wavenumbers, we can
follow the evolution from the orthorhombic mode. At higher
wavenumbers, a shift can be observed from the Ag and B2g
orthorhombic modes centred at 495 and 614 cm−1, respectively,
to the broad Jahn–Teller bands characteristic of mixed-valence
manganites with Mn3+/Mn4+ charge and orbital disorder [30],
i.e., the first one at ca. 513 cm−1 and the second one split into a
main band at ca. 630 cm −1 and a second component at ca.
660 cm −1 [31].
In Figure 6 we observe that pure orthorhombic and rhombohedral phases can be obtained for the two extreme deposition
conditions. The LMO films obtained by strategy I show a pure
orthorhombic phase when cooling down in Ar, which favours a
lower oxygen incorporation in the LMO films. When the cooling is performed in O2, the films contain a mixture of both
phases since δ increases. The annealing step incorporated in
strategy II, when performed under O2 atmosphere, yielded a
completely rhombohedral phase. Finally, the films grown using
strategy III appear as mainly rhombohedral. Therefore, the
Raman results give us an indication of the variation of the
oxygen content in the LMO films from the structural phases observed.

Figure 6: Raman spectra of LMO films obtained by the three deposition strategies under different conditions of cooling or annealing. An
evolution of the structure from orthorhombic to rhombohedral phases is
observed (dashed lines are guidelines for the eyes).

The apparent oxygen excess in LMO films is expected to be
compensated by a mixed valence state of the manganese cation
(Mn3+/Mn4+). The variation of the Mn oxidation state for the
same series of LMO films measured by Raman was confirmed
by XANES (Figure 7). The local geometry of Mn was extracted
from the pre-edge feature. For all the spectra, the absence of a
sharp pre-edge shape reveals an octahedral (Oh) symmetry, i.e.,
a local symmetry of MnO6 units, number of coordination = 6,
which is in agreement with the perovskite structure [32]. The
formal valence of Mn was estimated from the Mn K-edge position using reference values reported for the LaMnO3 compound
[28]. The Mn K-edge position was obtained from the inflection
point of the absorption edges, calculated from the second derivative of the curves. The energy values obtained for the four
LMO films are detailed in Table 1. As expected, the edge position increases with the Mn valence, being the lowest energy
value the one of the orthorhombic LMO reference (strategy I,
cooling in Ar) and the highest the one of the rhombohedral
LMO reference (strategy II, annealing in O2). The relative variation of the Mn formal valence was estimated comparing the
shift in the Mn K-edge position with the one obtained in the literature [28]. Cuartero et al. measured an energy shift of 0.4 eV
for an increase from Mn3+ to Mn4+. Table 1 shows the estimated gradient in Mn formal valence among the four thin films,
which is of 0.10 for the two extreme samples (rhombohedral
and orthorhombic).
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Figure 7: XANES absorption in Mn K-edge data of LMO films obtained by the three deposition strategies under different conditions of cooling or
annealing (same samples as in Figure 6). The inset corresponds to an enlargement of the region close to the edge. An evolution of the structure from
orthorhombic to rhombohedral phases is observed in good agreement with Raman spectra.

Table 1: Mn K-edge position for the four representative LaMnO3+δ samples obtained by strategies I, II and III and estimated variation in the Mn formal
valence taking as reference the orthorhombic sample.

LMO deposited films

Mn K-edge position (eV)

relative variation in Mn formal valence

strategy II (O2 post-anneal) rhombohedral reference
strategy III (double step) mainly rhombohedral
strategy I (O2 cooling) rhombohedral + orthorhombic
strategy I (Ar cooling) orthorhombic reference

6554.26
6554.22
6554.00
6553.85

0.10
0.09
0.04
0

All presented results confirm that it is possible to grow dense
polycrystalline LMO films by PI-MOCVD adjusting the deposition conditions. Furthermore, we can tune the oxygen content
and the resulting Mn oxidation state, leading to a structure transition from orthorhombic to rhombohedral phase. Considering
the advantages and limitations of the three deposition strategies,
despite the narrow temperature and time ranges required to
avoid Pt instability, strategy I allows for the growth of LMO
thin films up to 80 nm providing a very good control of the
crystal structure. On the other hand, when rhombohedral films
are suitable for the required application, the double-step
strategy has proven to be more robust, allowing for the growth
of thicker samples by adjusting the thicknesses d1 and d2.
Once the films were obtained we proceeded to the fabrication of
MIM structures by evaporating squared Au electrodes of
200 × 200 µm2. Figure 8 presents the current–voltage characteristics of an orthorhombic LMO device. After a forming step,

reproducible and reversible clockwise bipolar RS response was
attained. The “set” and “reset” values were around −0.7 V and
+0.6 V, respectively, which are considerably lower than those
reported for epitaxial LMO (−1.5 V and +3.0 V) [6]. While the
ratio of resistance of the “ON” and “OFF” states was of the
same order as the one reported in the literature (over 7.3 in our
case for polycrystalline LMO and between 1.8 and 18
depending on anneal conditions for epitaxial LMO [6]). Therefore, LMO films have proven their suitability as functional material for ReRAM applications.

Conclusion
After solving the issues related to the thermomechanical instability of Pt in the substrate, LMO films have been integrated on
a platinized silicon substrate by using PI-MOCVD to fabricate
perovskite-based ReRAM devices. To do so, three deposition
strategies have been developed. All of them offer the possibility of growing dense and homogeneous LMO films suitable for
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Figure 8: A) Cross section of the LMO-based MIM structure. B) Resistive switching cycles, I–V characteristics detailing the “set” and “reset” values.

resistive switching applications. Furthermore, the oxygen
content can be tailored by adjusting the deposition parameters,
such as temperature, number of pulses and atmosphere used
during cooling. The transition from the orthorhombic to the
rhombohedral phase has been correlated with the oxygen
content and the Mn oxidation state of the LMO films.
Orthorhombic films, as well as films with a mixture of phases
have been obtained by using strategy I. With strategy II, which
includes annealing in oxygen atmosphere, it was possible to
obtain a purely rhombohedral structure. The third double-step
strategy has proven to be a very robust method to grow mainly
rhombohedral samples of comparable and higher thicknesses
than the other strategies by adjusting the thicknesses d1 and d2.
Therefore, by combining growth parameters in PI-MOCVD and
wisely choosing the best deposition strategy we can tune the
characteristics of the LMO films for functional devices. Finally,
using Au and Pt as top and bottom electrodes, respectively, the
functional resistive switching properties of the optimized LMO
films has been validated.
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Abstract
Lithiated thin films are necessary for the fabrication of novel solid-state batteries, including the electrodes and solid electrolytes.
Physical vapour deposition and chemical vapour deposition can be used to deposit lithiated films. However, the issue of conformality on non-planar substrates with large surface area makes them impractical for nanobatteries the capacity of which scales with
surface area. Atomic layer deposition (ALD) avoids these issues and is able to deposit conformal films on 3D substrates. However,
ALD is limited in the range of chemical reactions, due to the required volatility of the precursors. Moreover, relatively high temperatures are necessary (above 100 °C), which can be detrimental to electrode layers and substrates, for example to silicon into which
the lithium can easily diffuse. In addition, several highly reactive precursors, such as Grignard reagents or n-butyllithium (BuLi) are
only usable in solution. In theory, it is possible to use BuLi and water in solution to produce thin films of LiH. This theoretical reaction is self-saturating and, therefore, follows the principles of solution atomic layer deposition (sALD). Therefore, in this work the
sALD technique and principles have been employed to experimentally prove the possibility of LiH deposition. The formation of
homogeneous air-sensitive thin films, characterized by using ellipsometry, grazing incidence X-ray diffraction (GIXRD), in situ
quartz crystal microbalance, and scanning electron microscopy, was observed. Lithium hydride diffraction peaks have been observed in as-deposited films by GIXRD. X-ray photoelectron spectroscopy and Auger spectroscopy analysis show the chemical
identity of the decomposing air-sensitive films. Despite the air sensitivity of BuLi and LiH, making many standard measurements
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Beilstein J. Nanotechnol. 2019, 10, 1443–1451.

difficult, this work establishes the use of sALD to deposit LiH, a material inaccessible to conventional ALD, from precursors and at
temperatures not suitable for conventional ALD.

Introduction
While the development of electric motors and semiconductor
devices is progressing, the pressure on battery development is
increasing correspondingly. Rechargeable, and if possible recyclable, batteries are versatile power sources for virtually all
mobile devices. The advent of pocket hand-held devices places
even stricter demands on the safety of rechargeable batteries.
Although increased safety can be achieved using sophisticated
and reliable charge-controller circuits, inherent safety is still
desirable. Since the hazardous components in lithium-ion
batteries are organic solvents used as electrolyte, their exclusion would greatly improve the inherent safety of lithium-ion
batteries. Solid-state batteries that are already in use, such as the
LIPON battery in which the solid electrolyte consists of
nitrogen-doped lithium phosphate, present several shortcomings. One of them is the use of sputtering [1] for the deposition
of the thin layers. Inherently, sputtering does not yield coatings
with high conformity on non-planar substrates. Low conformity leads to low surface area and thick films are needed to
avoid pinholes. This, in turn, leads to low capacity mainly due
to the low surface area. The whole concept of a solid-state
battery needs to be reconsidered, particularly if we wish to
surpass the capacity of current liquid-electrolyte batteries. However, the natural obstacle of upscaling from the nanoscale to
macroscopic batteries and large macroscopic capacities cannot
be avoided. While a niche use can be found for wholly nanoscale batteries, such as a nanoscale batteries for nanoscale transistors, the scaling issue needs to be addressed for more general
applicability. To meet this challenge, the use of atomic layer
deposition (ALD) has been proposed [2,3]. The inherent conformity of ALD indeed allows for thinner, conformal, pin-hole free
films [4,5].
ALD has been instrumental in enabling the development of
nanobatteries, especially when combined with substrates of
high surface area, which allow for increased capacity values.
One such example is the V2O5–SnO2 nanobattery [6] grown on
anodized alumina. ALD can also deposit lithiated films, using
precursors such as Li(thd), lithium tert-butoxide, and lithium
hexamethyldisilazane [7]. Lithium hexamethyldisilazane
enabled the direct deposition of deposit Li2SiO3 using ozone as
a secondary precursor [7], at temperatures beginning at 150 °C,
which are among the lowest for lithium ALD. Especially interesting is the ALD deposition of the aforementioned LIPON,
which is currently the most popular solid-state electrolyte. Two
approaches have been demonstrated in 2015. One is a quaternary process [8] adopting the lithium tert-butoxide and water

process used to deposit Li2O. To the cycle additional pulses of
trimethylphosphate and nitrogen plasma were added, incorporating phosphorus and nitrogen into the Li2O film at 250 °C. In
the resulting LIPON films the nitrogen concentration could be
varied between 0 and 16.3% [8]. Another approach to deposit
LIPON using ALD is to incorporate nitrogen into the phosphorus precursors. Diethyl phosphoramidate has been successfully used in combination with lithium hexamethyldisilazane to
deposit LIPON films [9]. The key insight was the use of a
nitrogen-containing phosphorus precursor to directly create the
P–N bonds. The resulting films grown by this technique at
270–330 °C were amorphous and the nitrogen concentration increased with the process temperature [9]. Despite these
progresses, ALD has not yet been adopted to deposit lithiumcontaining films outside of laboratories, mainly due to the
sensitivity of electrochemically active films to water, oxygen,
and carbon dioxide. [7].
The deposition of lithiated compounds using conventional ALD
uses expensive and complicated precursors, as well as relatively high temperatures. Especially high temperatures can be detrimental for the stability of lithiated films [10], because a part of
the Li ions can diffuse [11] into substrates and devices. The use
of several highly reactive precursors, such as Grignard reagents,
which only exist in solution, could in theory allow for lower
temperatures to be used. However, ALD cannot easily work
with precursors that only exist in solution, or decompose below
100 °C. A novel ALD technique, namely solution atomic layer
deposition [12] (sALD), opens up new ways to overcome these
difficulties. In contrast to regular ALD, sALD uses solvents as
precursor-carrying media, thereby eliminating the need for
complicated gas supply lines and vacuum chambers, vastly
simplifying the necessary setup for deposition. Furthermore,
there is no need for complex filters for hazardous byproducts,
since the liquid waste from the deposition process can be easily
caught, neutralized, and the solvent can be recovered by distillation.
sALD opens up the possibility to use n-butyllithium, which
does not exist in the gas phase, as a precursor for lithiated films
[13]. Furthermore, such organolithium precursors in solution
are inexpensive and easier to handle, more so than the required
volatility of precursors for standard ALD would allow [7].
Because precursors that cannot be used in ALD are used in
sALD, reactions that are impossible in the gas phase can be
explored, even producing ionic compounds. Here we focus on
1444
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the reaction of BuLi with water in diethyl ether, exploring the
deposition characteristics when using the sALD technique of
sequential delivery of precursors in solution.

Experimental

loss of BuLi precursor when small amounts of air got into the
reaction flask, and the repeating failure of the QCM measurement due to clogging and subsequent seal failure. Therefore,
contamination was avoided as much as reasonably possible.

Deposition setup

Measures for safe handling of n-butyllithium

Initially, a deposition chamber made out of PTFE, which is
shown schematically in Figure 1, was loaded with sample substrates. To close the chamber, a glass slide (see below in
Figure 2) was sealed to the chamber with PTFE grease. The
solutions were introduced into the chamber with stainless steel
threaded pipes, which were connected to threads in the PTFE
body of the chamber. Teflon tubes running through peristaltic
pumps served as connections between the chamber and the
needles in the precursors flasks, which were kept under nitrogen
overpressure in a Schlenk line. All depositions were carried out
at room temperature. Samples in the chamber during deposition
can be seen below in Figure 3.

Due to the pyrophoric nature of n-butyllithium these safety procedures were followed. (i) The n-butyllithium solution was
handled in an argon-filled glovebox, set up specifically for precursor handling. (ii) The precursor was prepared in the
glovebox and transferred into a Schlenk flask that was resealed,
thus ensuring inert atmosphere during transfer. (iii) A concentration of 10 mM of n-butyllithium in diethyl ether was selected
such that the energy released during the exothermic reaction between n-butyllithium and atmosphere would be insufficient to
ignite the diethyl ether. This approach was tested and confirmed to work. Notably, the last step of this approach increases the sensitivity of the precursor to contamination, which
was a major limiting factor, as mentioned before. However,
safety was chosen as a priority, and contamination can be
worked around. We expect such an approach to be scalable for
use with larger deposition chambers, using more sophisticated
and contamination-proof precursor flasks and delivery.

Deposition recipe

Figure 1: Illustration of the experimental deposition chamber. Top
view, without cover. The chamber is closed from the top and then
sequentially flooded with solutions.

Materials and methods
Precursors for the deposition were prepared in an argon-filled
moisture-free glovebox, and then handled within a nitrogenfilled Schlenk line. Dry ether (ROTIPURAN 99.5%, p.a.,
lump), used as the primary solvent, was further dried with pure
sodium and molecular sieves. n-Butyllithium (2.5 M in hexanes,
Sigma) was diluted to 10 mM with diethyl ether. Deionized
water was used as the complementary precursor, dissolved in
diethyl ether (20 mM). The purging was carried out with
nitrogen from the Schlenk line. In order to monitor the surface
chemistry, a quartz crystal microbalance (QCM) system was
installed behind the exit of the deposition setup with tubing of
minimal length (2 cm), effectively allowing the deposition to
occur on the QCM crystal as well. The waste pumped out of the
QCM chamber was immediately neutralized with ethanol.
Contamination was a major limiting factor in the deposition
setup. Examples of difficulties due to contamination include the

An example for a simple recipe used to deposit LiH: (i) The
chamber was purged with pure solvent for 30 s. (ii) The solvent
containing BuLi was pumped into the chamber for 10 s.
(iii) The chamber was purged with pure solvent for 30 s.
(iv) The solvent containing water was pumped into the chamber
for 10 s.
Before, the deposition chamber was flushed with nitrogen for
1 min, and then with pure solvent for 2 min. The steps listed
above were repeated for the desired number of cycles. After the
last cycle was finished, a 1 min purge was performed to clean
the chamber of any possible leftover precursors. Then the
chamber was flushed with nitrogen from the Schlenk line, and
only afterwards was the chamber opened. Since the deposition
took place on the entire chamber, the film deposited on the
glass slide could be used for further analysis. The chamber had
to be cleaned with nitric acid after every deposition. Substrates
of Si with native oxide and Pt/Si were used.

Characterization
Auger spectroscopy was carried out on a Auger microprobe Jeol
JAMP-9510F with hemispherical analyser using 3 kV accelerating voltage and 10 nA probe current. Sample was tilted 55° to
the excitation, with the normal coincident with the axis of the
collection optics of the analyser. Point Auger spectra were
collected from different areas on the surface of the sample after
1445
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20 s cleaning with 500 eV Ar+ ions. Dwell time during the
acquisitions was 100 ms with 1 eV measurement steps with an
energy resolution of ΔE/E of 0.5 %. XPS signals were recorded
using a Thermo Scientific K-Alpha XPS system (Thermo Fisher
Scientific, UK) equipped with a micro-focused, monochromatic Al Kα X-ray source (1486.7 eV). An X-ray beam of
400 mm size was used at 6 mA and 12 kV. The spectra were
acquired in the constant analyser energy mode with pass energy
of 200 eV for the survey. Narrow regions were collected using
the pass energy of 50 eV. Charge compensation was achieved
with the system dual beam flood gun. The Thermo Scientific
Avantage software, version 5.9904 (Thermo Fisher Scientific),
was used for digital acquisition and data processing. Spectral
calibration was determined by using the automated calibration
routine and the internal Au, Ag and Cu standards supplied with
the K-Alpha system. Argon etching was done with ion gun (1.4
µA of 2 keV Ar+ ions over 8 mm2).

Figure 2: Chamber cover after deposition. The shape of the chamber
is outlined by the PTFE paste used for sealing. A white film can be
seen on the glass slide.

The samples indented to be used in XPS and Auger were coated
with an additional layer of SiO 2 inside of the deposition
chamber. This protective layer of about 2 nm was sputtered
away during measurements. However, the protection was unsuccessful. O2 and CO2 diffused in through to the film, which
was proven by XPS measurements showing Li2O and Li2CO3
after etching. This is described below in Table 1 and discussed
further in subsection “Chemical Identity ”.
The surface compositions (in atom %) were determined by
considering the integrated peak areas of the detected elements
and the respective sensitivity factors. Grazing incidence X-ray
diffraction was performed on a BRUKER D8 DISCOVER
using the Cu Kα, at angle of incidence of 1°. The scan speed
was changed as necessary. Ellipsometry measurements were
performed using SENTECH SENpro ellipsometer, using the
included halogen lamp. Frequency measurements on a quartz
crystal were performed in situ using an OpenQCM module at
10 MHz.

Figure 3: Samples in chamber during deposition, immediately before
being taken out of the chamber. The glass slide was held in place by
an acryl block, immediately upon removal of the block the chamber
unsealed and the films started reacting with air.

Immediately after deposition, the chamber was opened, and the
thin films visibly reacted with air, becoming whiter. This was
markedly visible on the glass slides covering the chamber
(Figure 2). During deposition, and before opening the chamber,
the white film is not visible (Figure 3).

It cannot be ascertained that the composition of the as-deposited
films is pure LiH, since the reaction of H2O and BuLi classically produces LiOH, at least in the presence of water in excess.
However, thermodynamic considerations demonstrate that in
fact lithium hydride and the concomitant reaction byproduct butanol are more stable than lithium hydroxide (and butane). The
Gibbs free energy of formation [14] of the possible reaction
products is:

Therefore, GIXRD was performed immediately after deposition. The GIXRD pattern of an as-deposited sample from the
BuLi + H2O process reveals clear peaks of LiH as shown in
Figure 4. Upon annealing at 600 °C peaks of Li2O appear as expected based on the reaction of LiH with oxygen from air.

In other words, the driving force for generating LiH from BuLi
and H2O is significantly larger than that for generating LiOH
(unless a large excess of water is present to cause the subse-

Results and Discussion
Structure and possible reaction mechanism
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techniques based on X-rays. In spite of this, the chemical nature
of the film can be worked out from the presence of degradation
products of LiH when combined with the XRD structural data.
The exposure of LiH to ambient air generates two main degradation products [15,16] according to the reactions LiH + H2O
→ Li2O + 2H2 and 2LiH + CO2 + 0.5O2 → Li2CO3 + H2O.

Figure 4: GIXRD of as-deposited samples with indexed reflections attributed to cubic LiH. GIXRD was performed at an incidence angle of
1°, and a scan speed 0.02°per 14.5 seconds.

quent reaction of the initially formed LiH under generation of
H2).
A likely reaction mechanism is sketched in Figure 5. The chemical identity of the surface alternates between hydride-terminated and butyl-terminated. While the water step releases butanol as a byproduct, the BuLi step results in a non-dissociative
chemisorption of the precursor onto the surface.

As expected, no LiH was measured on the surface by using
Auger spectroscopy. However, the presence of Li2O is shown in
Figure 6. Because Auger spectroscopy is technically able to
detect LiH [16], we assume that the LiH was degraded completely by the time of the measurement. XPS, which cannot
detect LiH, was carried out complementary to Auger spectroscopy, to measure the presence of Li2O and Li2CO3. XPS confirmed the presence of lithium on the surface and a Li 1s peak
centred at 55.2 eV was detected (Figure 7a). This position of the
Li 1s peak might correspond to Li2CO3[17] as well as to Li2O
[18]. The C 1s spectrum exhibits three peaks shown in
Figure 7b. The peak centred at 285.1 eV corresponds to C–C/
adventiteous carbon, the second peak centred at 286.6 eV corresponds to C–O, and the third peak centred at 289.4 eV corresponds to the CO3 group [19]. These results are in agreement
with the signals from the O 1s spectrum , shown in Figure 7c,
with one peak at 531.9 eV (CO 3 group) and one signal at
533.6 eV (C–O). Additionally, there is also a third small signal
at 530.1 eV, which might correspond to Li2O [20]. This peak
becomes more pronounced after the removal of the top 2 nm of
the sample surface through Ar etching during XPS measurements (Table 1). After etching, also the stoichiometry of CO3
becomes more clear, because signals from surface contaminations overlapping this signal in the C 1s spectrum, such as
carboxyl groups, were removed.

Figure 5: Possible mechanism of the surface reactions.

Chemical identity
The presence of LiH revealed through XRD needs to be confirmed by chemical analysis methods. Unambiguous analyses
are rendered impossible by the air-sensitive nature of the
deposit and the difficulty to identify the elements Li and H with

Figure 6: Derivative Auger spectra confirming the presence of Li2O on
the surface, acquired at two different areas of the sample (red and
blue), shown together with the internal reference for Li2O (black).
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Figure 7: XPS spectra before Ar sputtering of a) Li 1s region, b) C 1s and c) O 1s region.

Table 1: Chemical composition of the sample surface as determined by XPS.

sample
C 1s
C–C/C–O/CO3
surface
after etching (approx. 2 nm)

37.3/6.2/10.8
19.2/2.8/9.5

Table 1 shows that Li occurs mostly as Li 2 CO 3 . When
subtracting the signals of Li2O (ca 2 atom % Li in Li2O, calculated from the O 1s signal) and Li 2 CO 3 (21 atom % Li in
Li2CO3, calculated from O 1s signal) from the total Li content
calculated from the Li 1s signal, there is a difference of ca. 8
atom %. Hence, there might be LiH present in the layer. While
contamination with oxygen is possible during deposition, by
leaks or improper drying of solutions, a contamination from
carbon during deposition was only possible if small amounts of
CO2 leaked into the solvent vessels or the reaction chamber.
The solvent itself acts as carrier and does not decompose. Decomposition products from the reaction between BuLi and
diethyl ether could contaminate the films. This was avoided by
always mixing fresh solutions before deposition. Therefore the
carbon in the layer is assumed to come from the exposure of
LiH films to CO2 in the atmosphere. Together, Auger and XPS
measurements showed that the LiH film degraded into a mixture of Li2O and Li2CO3. Thus, when combined with the structural data obtained immediately after deposition, we can ascertain with high degree of confidence that the original film was
indeed LiH.

Growth behaviour
QCM used during the deposition showed a linearly decreasing
trend in frequency, clearly distinguishable from background
noise (Figure 8). Moreover, the periodical changes also correspond to the changing cycles. The sharp increase in frequency
during water cycles, marked “B” in the inset of Figure 8, is
assumed to correspond to the relatively heavy butanol leaving

surface chemical composition (atom %)
O 1s
Li2O/CO3/C–O
0.6/22.3/5.3
4.3/31.5/1.6

Li 1s

17.4
31.0

Figure 8: In situ QCM results, showing approximately 18 sALD cycles.
The maxima and minima correspond to the timing of the sALD
process. The inset shows the formation of small plateaus before the
next peak. “A” corresponds to the BuLi flow, “B” corresponds to the
water flow, and “P” corresponds to the purging.

the surface (see Figure 5). The plateau normally expected while
using QCM to measure ALD reactions does not show clearly,
possibly due to the connection of the QCM to the deposition
chamber which causes a lag in the flow. However, a reasonable
formation of plateaus, marked as “P” is shown in the inset of
Figure 8. While longer purge times would lead to more pronounced plateaus, this would also mean an increased risk of
contamination. In addition, the QCM was susceptible to leaks
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and blowbacks, therefore capturing a longer cycle proved to be
difficult. Despite contamination being an issue preventing the
use of QCM for saturation measurements, valuable information
was gained from shorter cycle runs. The QCM results were not
converted from frequency to mass, due to the complexity of the
QCM crystal resonating in a fluid. The standard approximations for gases do not apply, and since both the surface and the
fluid repeatedly changed, a more complex simulation would be
necessary to obtain all the parameters necessary for converting
frequency to mass [21,22]. Therefore the frequency change is
shown, indicating and increase in mass with decrease of frequency [21].
SEM images of the surface show clusters of crystals that grew
possibly due to bubbles forming in the chamber shown in
Figure 3 or the influence of air sensitivity. One such crystal is
presented in Figure 9. The film covering the sample appears to
be homogeneous and rough as seen in Figure 9.

Figure 9: SEM of the Si/Pt sample surface after deposition and exposure to atmosphere. The large crystal seen is attributed to CVD growth
in bubbles. The rough film is visible around the crystal.

Cross-sectional SEM was performed to estimate the film thickness as a reference for spectroscopic ellipsometry (Figure 10).
Based on the SEM image, a Cauchy model was created with a
constant thickness of 45 nm while all other parameters were
fitted. This model was then used further, to enable ellipsometry
measurements shortly after deposition. In this case, only the
relative difference in thickness between samples could be
measured, because the estimate from the cross-sectional SEM
image was a rough estimate. Due to the relatively slow speed of
the deposition and the high risk of contamination during
long runs, only a few thick samples were prepared as cross
sections. Spectroscopic ellipsometry measurements to determine the growth curve were performed directly after deposition
(Figure 11).

Figure 10: SEM of a Si sample cleaved after deposition. The film
thickness was estimated to be roughly 45 nm.

Figure 11: Growth curve obtained from spectroscopic ellipsometry.
The thickness is relative to the SEM cross-section sample. The differences in thickness are correct.

The deviations from the fit, RMSE = 0.65, in Figure 11, are significant due to the instability of LiH films in air. For saturation
this deviation causes the measurement to be indeterminate. In
order to measure the saturation curve, further improvements of
the sALD system are necessary, especially a construction of a
glovebox-compatible sALD system. However, the growth rate
(growth per cycle) of 0.43 Å/cycle is in line with expectations.
Overall, the results indicate that an ALD process occurred with
a definite growth per cycle, albeit its saturation has yet to be determined.

Discussion
The experiment indicates that the reaction between BuLi and
water can indeed create LiH, in agreement with theoretical
considerations concerning the formation of LiH under dry, stoi1449
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chiometric conditions. While a direct confirmation, through
Auger spectroscopy measurements, of LiH would be desirable,
the combination of structural data with the chemical identity of
the degraded films has allowed us to be confident in claiming
the film upon deposition was indeed LiH. Moreover, not only
was it shown that the reaction produces LiH when used in the
sALD deposition process, there are indications that the process
is linear with respect to cycle number, according to the QCM
measurements where the trend is a linear decrease in frequency.
Ellipsometry measurements support the linearity of growth with
cycle number as well, despite the larger error caused by the air
sensitivity of the films. In addition, the films are crystalline as
deposited, despite the fact that the deposition occurs at room
temperature.

Conclusion
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